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ABSTRACT

Understanding the role of disorder and the correlations that exist within it, is one of the
defining challenges in contemporary materials science. However, there are few material
systems, devoid of other complex interactions, which can be used to systematically study

the effects of crystallographic conflict on correlated disorder. In this way, the metastable alloy
system γs- (U1−xMox) represents a rare opportunity. The system is both a simple binary alloy and
exhibits the required crystallographic conflict, specifically between the preferred local symmetry
of uranium and the higher, bcc symmetry, of the global lattice.

Firstly, this thesis demonstrates the effectiveness of epitaxial matching as an improvement
over rapid cooling techniques, allowing high quality, single crystal thin films of γs- (U1−xMox) to
be synthesised across a large molybdenum range. Subsequently, extensive diffuse x-ray scattering
studies show a novel form of correlated displacive disorder arises as a natural resolution to the
crystallographic conflict, significantly lowering local symmetry while preserving the average bcc
structure. Furthermore, both alloy content and heavy ion irradiation are shown to be effective,
intrinsic and extrinsic, tuning parameters, through which the correlated disorder strength may be
controlled. Finally, by combining grazing incidence inelastic x-ray scattering with state-of-the-art
ab initio molecular dynamics simulations strong disorder-phonon coupling is discovered. This
breaks global symmetry and dramatically suppresses phonon-lifetimes compared to alloying
alone, providing an additional design strategy for phonon engineering.

In conclusion, having demonstrated epitaxial matching techniques can be leveraged to syn-
thesise high quality, single crystal thin films of metastable γs- (U1−xMox) over a large range in
molybdenum content. This thesis then explores the deep links between local crystallographic
conflict, metastability, order-disorder relations and the coupling between correlated disorder and
other periodic phenomena, specifically lattice dynamics. These findings have implications wher-
ever crystallographic conflict can be accommodated and, among other things, may be exploited in
the development of future functional materials.
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FOREWORD

The findings presented in this thesis are nothing if not serendipitous. The original premise
of the project was to investigate the effects of radiation damage in single crystal thin
films. However, it morphed, through a winding and at times stuttering path, into a deep

discussion of the relationship between local and global symmetry in conflicted systems, the
link between metastability and correlated disorder, order-disorder relations, and finally, an
exploration of disorder-phonon coupling. Originally, I had chosen to perform resitometric studies
on radiation damaged uranium-molybdenum alloys to investigate defect recovery behaviour. As
it turned out, the planned experiments were significantly more difficult than first thought and
the line of inquiry was later dropped. However, this began the multiple, apparently uncorrelated
experimental strands, that would eventually crystallise into this thesis.

Through the resitometric studies I realised that all previous electronic transport work on
the γ-UMo system had been dominated by weak localisation effects, something I was not ham-
pered by with single crystal samples. This realisation forms the logical starting point for the
preliminary studies conducted both in Bristol and during a three month internship at Idaho
National Laboratory with Krzystof Gofryk. Had the COVID-19 pandemic not curtailed Bristol
based experimental work, these studies would have been both expanded and completed to form
an extra chapter, unfortunately this was never possible. A not insignificant amount of time was
dedicated to these studies and as such, while no data is presented, they are occasionally referred
to within this thesis. I do not believe the omission of the studies detracts from the completeness
of the thesis, nor its central conclusions, instead they would have served as a complementary set
of results.

Concurrent to this work scheme, Gerard Lander suggested that, given it was now possible to
synthesise high-quality, single crystal thin films of γs-UMo, we submit a proposal to the ID28
beamline at the European Synchrotron Radiation Facility to study the phonon dispersion via
inelastic x-ray scattering. Something that had not been possible before due to the lack of single
crystals. Evidently, something peaked the interest of the lead scientist (Alexei Bosak), as he
suggested hunting for clustering using diffuse x-ray scattering, a technique that at the time I
was entirely unaware of. The subsequent experiments found no evidence of clustering, but the
novel form of, intrinsically tunable, correlated displacive disorder that was found underpins the
entirety of this thesis and is discussed at length in chapter 5. Furthermore, similar studies on
irradiated samples, which were originally intended for resitometric experiments, showed heavy
ion irradiation to be a strong, extrinsic tuning parameter for correlated displacive disorder and
are presented in chapter 7.

xix



These experiments would also prove interesting enough for me to be offered a six month
traineeship at ID28 to continue the work. Almost the entirety of the diffuse and inelastic x-ray
scattering studies that make up chapters 5 and 9 were performed during this time. It should
be noted that the combined results are detailed in a first author manuscript titled “Tuneable
Correlated Disorder in Alloys” published in Physical Review Materials. Inevitably there are
points where my thesis will track closely with the discussion provided in this paper, but I have
endeavoured to make clear wherever this occurs. While the inelastic scattering experiments
were conducted prior to, and with no knowledge of their work, a team from Lawrence Livermore
National Laboratory managed to publish the full γs-UMo phonon dispersion before the work
presented in this thesis was fully analysed. However, the studies detailed in chapter 9 represent
a significantly deeper analysis and discovers the strong disorder-phonon coupling present in the
system, something that, without a prior understanding of the correlated disorder, would have
been impossible.

Hopefully it is clear that this thesis did not follow a straightforward path and so to order
the work chronologically would be both confusing and entirely fruitless. Instead it is ordered
thematically, and while it doesn’t aim to answer the questions I originally set out with, the ones
it does tackle are, at least in my opinion, more interesting. Hopefully you will agree.

xx
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1
INTRODUCTION

The fundamental property of crystalline materials, and also the axiom of classical crystal-

lography, is the presence of long-range structural periodicity or translational invariance.

Of course, there are a multitude of material classes lacking this property that are also of

great scientific and practical interest and a comprehensive theoretical and experimental toolset

has been developed for their study. Glasses, gels and liquids lack any form of long-range structural

periodicity, liquid crystals and fibres display forms of ordering, but always in less than three

dimensions, and while microporous materials such as metal-organic frameworks are crystalline,

they host fluid- or glass-like guests within their pores [1]. In one sense, even perfect crystals

are disordered at finite temperature as the atoms exhibit thermal motion, but the equilibrium

positions are periodic and well ordered. However, by introducing one or more additional degrees

of internal freedom, it is possible for a crystalline system to host non-thermal forms of disorder

without sacrificing average long-range periodicity. Consider for example the case of: a binary alloy,

positional order is preserved yet compositional disorder is introduced; a paramagnetic system,

here the positions of the magnetic ions are periodic but the arrangement of the spins is not; or a

plastic crystal, the molecular centre-of-masses display long-range order but molecular orienta-

tions do not. It is even possible for a crystal to host significant atomic displacements without the

loss of average long-range periodicity providing there are a degenerate family of displacements

such that taking the configurational average recovers the original periodic positions.

In the case that the above forms of disorder are truly random, it is generally valid, and

there exist many well established techniques, to approximate the disorder by superimposing

an averaged entity onto the underlying, periodic lattice. For example, significant progress has

been made into the understanding of random substitutional alloys, with limited computational
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CHAPTER 1. INTRODUCTION

Fig. 1.1 : Summary of possible structures of the hypothetical square ice system and
simulated diffuse x-ray diffraction plots (d-f) for each proposed structure, fully ordered (a),
random disorder (c) and correlated disorder (b) with oxygen atoms shown in red and hydrogen
atoms in white. Bragg positions are indicated by grey dots in d-f, however no intensity is reported
as it would be order’s of magnitude greater than the diffuse signal. Figure adapted from D. A.
Keen and A. L. Goodwin [2]

resources, by assuming each atom is a compositional average of the constituent elements, a

technique know as the virtual crystal approximation. However, there exists a rapidly growing

body of literature, a good review of which is given by A. Simonov and A. L. Goodwin [1], to

show that in many cases the disorder is not random and instead displays significant, and at

times non-trivial, local correlations with periodicity that differs from the average structure. This

phenomena is known as correlated disorder and cannot be described within the language of

classical crystallography. Of course the distinction between the term correlated disorder and

local order is fairly semantic. Both will be used largely interchangeably throughout this thesis,

although, there will be a general preference for the former as it better captures the relationship

that exists between the average periodic structure and the lower symmetry, locally periodic

disorder.

To see how it is possible for disorder to manifest local correlations, consider the fictional case

of square ice depicted in figure 1.1. This is a simplified, two dimensional representation of the real

structure of water ice. Individual water atoms are arranged such that the oxygens (red atoms)

form a square lattice with molecular orientation providing an extra degree of freedom. However,

instead of random orientational disorder (c) it can be shown that the structure is governed by a

simple set of rules known as “ice rules” [3]. These dictate that each oxygen is covalently bonded
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to two hydrogen atoms, and hydrogen-bonded to a further two, such that there is exactly one

hydrogen between each pair of oxygen atoms. One may expect that such rules would lead to a fully

ordered structure (a), however the limited range of the interaction means the structure shown in

b is overwhelmingly more likely. This structure demonstrates strong correlations in molecular

orientation along any given row or column, with all O-H bonds facing a common direction, yet

these directions are uncorrelated between the rows or columns and the structure is therefore still

disordered.

Continuing with the hypothetical case of square ice, the core practice of structural science is

the determination of the spatial arrangement of atoms or molecules through the interpretation of

diffraction patterns produced from a given probe, be it x-rays, neutrons or electrons. How though,

may we probe the behaviour of correlated disorder, when the language of classical crystallography

contains no framework for the description of local correlations? The theoretical formalism for

x-ray diffraction will be developed in chapter 2, however, for now it is sufficient to note that the

diffraction pattern observed from a perfect crystal, or even a modulated or quasicrystal, is a

series of well defined Bragg reflections [4]. Conversely, disordered materials such as liquid or

glasses produce only broad continuous rings of scattered intensity [4]. Applying these techniques

to the hypothetical square ice structures shown in figure 1.1, it can be seen that in all three

structures (a-c) the oxygen sub-lattice is preserved such that the Bragg reflections, indicated

by grey dots in the simulated x-ray diffraction images (d-f), are essentially unchanged. The

evidence of disorder is entirely contained in the presence of extra continuous, or diffuse scattering,

observed at positions away from the Bragg reflections. If this component were to be ignored, as

it often is by conventional crystallographic approaches, one is only able to gain information on

the globally periodic structure formed from the configurational average of all possible disordered

states and learn nothing about any potential local structure. Where local correlations do exist

the diffuse scattering is further structured in a way that reflects the underlying correlations, (e),
and through the interpretation of such structured diffuse scattering a great deal can be learned

about the nature of the correlated disorder. A substantial portion of this thesis is devoted to the

interpretation of similar diffraction patterns and as such the theoretical and practical aspects

are discussed at length in chapter 4.

The situation of square ice is obviously a simple scenario and the increased level of complexity

in real crystals allows for a plethora of disorder types and correlations. Furthermore, while cer-

tainly an oversimplification, the mantra “structure drives function” does capture the importance

that the spatial arrangement of atoms, molecules, charges, spins and other entities have on a

materials macroscopic properties. It should not therefore be surprising, that there is growing

evidence for a strong empirical link between the presence of correlated disorder and functionality

in crystalline materials. An extensive discussion, covering a broad range of systems, is provided

in the aforementioned review [1]. Many of which, and more, will be highlighted during this
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CHAPTER 1. INTRODUCTION

thesis where relevant comparisons can be drawn, however, as a few select examples: nanoscale

charge, orbital and magnetic correlations in La1−xCaxMnO3 have been linked to colossal magne-

toresistance [5, 6]; emergent spin structures in Co-doped β-Mn arise from a 3D “hyperkagome”

lattice [7]; competition between interatomic interactions and lattice parameter variations in

nanostructured Ba1−xCaxF2 leads to dramatic improvements in ionic conductivity [8]; in the

ferroelectric BaTiO3, polarization results from correlated off-centring of the Ti3+ cations along

the 〈111〉 axes [9]; similarly large amplitude displacements of the Pb atoms in PbTe along the

〈100〉 directions are responsible for soft phonons which are favourable to thermoelectric behaviour

[10, 11]; orientational and positional disorder are believed the play an important role in the pho-

tovoltaic hybrid lead-halide perovskites [12] and other notable examples include the multiferroic

Fe3O4 [13], relaxor ferroelectrics [14], magnetocalorics [15, 16], crystallised proteins [17] as well

as leading thermoelectric candidates such AgSbTe2 [18–20] and the lead chalcogenides [21].

From these examples alone, it is obvious correlated disorder is a wide reaching phenomena

that spans a large number of apparently unrelated systems. Nonetheless, all systems that

exhibit correlated disorder may be roughly grouped into two generic categories, those displaying

frustrated overconstraint and those displaying configurational underconstraint. The former

encompass systems with an incompatibility between the order driving interactions (rules) and

the lattice geometry this order attempts to develop on. The well known example of magnetic

frustration, as well as the first three examples given above, fall within this category. Conversely,

it may be possible to satisfy the interactions is multiple ways such that a unique structure never

evolves, the hypothetical square ice situation belongs to this category as do the second three

examples given above. This thesis will deal exclusively with configurational underconstraint,

but it is important to note that the two situations are intrinsically related. Both give rise to a

set of degenerate groundstates, and both create a clear distinction between local and average

symmetries, the latter imposed by the lattice and always higher than the former. Taken in

reverse, these two conditions provide a pair of generic “predictive criteria” for the formation of

correlated disorder in any given crystalline material. Firstly, high symmetry global lattices are

preferred as they provide a shallow configurational landscape which can accommodate many

degenerate or almost degenerate states. Secondly, where a clear symmetry mismatch can be

identified between the local interactions (rules) and the lattice on which they are being applied,

one should a priori expect the formation of correlated disorder. These rules premise the concept

of disorder engineering; deliberately introducing and manipulating disorder within a system to

create materials with new or improved functionality [1].

At this point it is pertinent to introduce the specific material system that will be studied in

this thesis, the metastable, pseudo-bcc uranium-molybdenum alloy commonly referred to as the

γs-phase. This phase is normally synthesised by quenching the alloy from above ∼ 800 °C [22]

where, like many metals, uranium occupies a stable bcc structure
(
γ
)

instead of the orthorhombic
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Fig. 1.2 : A “pseudobinary” phase diagram of the light to middle 5f actinide metals
as a function of temperature. Do note that this is not an entirely thermodynamically valid
phase diagram as some phase boundaries are guesses, however, the diagram does offer insight
into the behaviour and electronic structure of the metals across the series. Reprinted from [24].

α-phase it exhibits at room temperature and pressure [23]. Alloying with a transition metal is

required to prevent decomposition and retain a metastable structure, the underlying reasons

for which being one of the many aspects of the system explored during this thesis. Conventional

interest in this material is rooted it its potential as an advanced nuclear fuel, something that

will be discussed in chapter 2, and highlighted wherever the findings of this thesis are deemed

relevant to the nuclear fuels community. However, the main interest of this thesis, lies in the

relationship between the local environment occupied by uranium atoms in the stable α-phase,

compared to the metastable γs phase.

Most elements choose to occupy high-symmetry structures (fcc, hcp or bcc) where equidistant

neighbours provide an isotropic local environment [25]. Some elements, for example P, S, Bi

and Ga crystallise with anisotropic neighbour distances, however, within the d and f blocks,

low-symmetry structures are incredibly rare as electrostatic (Madelung) forces favour close

packing [26]. The notable exception to this rule are the intermediate actinides, U, Np and Pu,

which exhibit extremely open, unique, low-symmetry structures and complex polymorphism [27],

see figure 1.2. While the exact mechanism has not been confirmed experimentally, the key factor

is the participation of 5 f electrons in bonding. The 5 f states display both significant orbital
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anisotropy and narrow bandwidth (1−3 eV), the former lends itself to open structure via simple

packing density arguments and the latter favours symmetry lowering, Peierls-like structural

distortions [26]. This can be understood by noting that high-symmetry structures produce many

degenerate energy levels, and given a Peierls-like distortion breaks this degeneracy, moving

some levels upward and some downwards, there is a substantial energy gain to be had if there

are many degenerate energy levels around the Fermi energy, i.e. the bands are narrow. In such

instances, the energy gain from structural distortions outweighs electrostatic forces, favouring

low symmetry groundstates. This explains why, at high pressures, where the 4 f electrons become

delocalised, many lanthanides adopt the α-uranium structure [28]. However, extending such

arguments, the pressure induced broadening of the 5 f band should lead to a α-U→ bct → bcc

transition chain, the first transition occurring around 80 GPa [26], but the orthorhombic structure

of uranium remains stable in experiments up to 100 GPa, [29, 30] indicating there are other

effects, possible the orbital anisotropy, that must also be considered. Regardless of the exact

mechanism, it is clear uranium prefers to inhabit an anisotropic local environment of bonding

distances, with two neighbours at ∼ 2.85 Å, two more at ∼ 2.75 Å, four at ∼ 3.26 Å and a further

four at ∼ 3.34 Å [31, 32]. This is a dramatic contrast with the 6 equidistant atomic positions found

in a bcc lattice.

It should now be obvious that the metastable γs-UMo system satisfies the two “predictive

criteria” for the formation of correlated disorder laid out above. Firstly, the global lattice is high-

symmetry (bcc), and secondly there exists a clear symmetry mismatch between the preferred local

environment (structural rules or local interactions) of uranium and the global lattice. Therefore,

by arranging uranium atoms onto a bcc lattice, as one tries to do in the metastable γs state, an

intrinsic crystallographic conflict is designed into the system and one should expect a priori

the formation of correlated disorder. In fact, there already exist reports of distorted metastable

structures in uranium−transition-metal alloys [33], however the literature lacks a systematic

study of these phenomena with modern experimental and theoretical techniques. Of course, this

system also serves as a generic case study for any system that can accommodate the arrangement

of an anisotropic crystallographic basis onto a high symmetry lattice. What makes γs-UMo an

exemplar case study, is that in being a simple binary alloy, it is devoid of many of the complex

interactions present in the examples given before, and as such represents a rare opportunity to

isolate and explore the effects of intrinsic crystallographic conflict on the formation and behaviour

of correlated disorder in a systematic manner.

To this end, this thesis will aim to answer the research questions laid out below. However,

before it is possible to tackle questions two through four, it must first be determined whether high

quality, single crystal samples of the γs-UMo system can be synthesised. The metastable uranium-

molybdenum phases are normally synthesised by employing rapid cooling techniques. Not only

does this introduce large quantities of extrinsic disorder, it is also impossible to form single
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crystal samples using such techniques. This severely limits the experimental probes available

and importantly rules out the use of diffuse scattering. However, previous work conducted at

Bristol [34], indicated that it may be possible use epitaxial matching as a substitute stabilising

force in place of rapid cooling. Including this preliminary stage, the full list of questions addressed

in this thesis are as follows:

1. Is it possible to use epitaxial matching, in substitute of rapid cooling, to stabilise the

metastable, pseudo-bcc, γs-UMo system across a range of molybdenum content? And if so,

can high quality, single crystal samples be produced?

2. A priori one may expect the presence of correlated disorder. Can this be confirmed, and if

so, of what form is the disorder, what are its characteristics and what are the governing

rules (interactions)?

3. If correlated disorder is present, to what extent can it be controlled or manipulated?

4. If correlated disorder is present, does it have any major, observable effect on the physical

properties of the system. In specific, is there any coupling between the disorder and other

periodic phenomena?

The thesis will be split into four parts with a paired chapter structure i.e. each results chapter

is preceded by a theory pair, that develops the relevant theoretical framework and describes

experimental methods and considerations. In many cases, the theoretical discussions in later

chapters use those preceding as logical starting points. Part I is comprised of two chapters,

will address the first question, and contains details of sample synthesis and in-house x-ray

characterisation. Part II is comprised of four chapters, pertains to questions two and three, and

discusses extensive diffuse x-ray scattering studies including samples that span alloy content

and those subjected to heavy ion irradiation damage. Part III is comprised of two chapters and

covers grazing incidence inelastic x-ray scattering experiments on a selected alloy composition

with the aim to provide some insight into question four by mapping out the phonon dispersion

and searching for possible disorder-phonon coupling. Finally, part IV contains a single chapter

and summarises the work completed, assesses to what extent the above questions have been

answered and offers some thoughts on possible future directions for this project.

It should be noted that, unless otherwise specified, the conclusions reached during this

thesis are expected to be largely applicable to any other γs-UT system, where T represents any

stabilising metal, including but not limited to: Ti, Nb, Pt, Pd, Zr, or any combination thereof

[33, 35]. Particular similarity should be expected for alloys that include those elements closest to

molybdenum in the periodic table, for example the γs-UNb system.
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2
THEORETICAL BACKGROUND AND EXPERIMENTAL METHODS FOR

THE U-MO SYSTEM, EPITAXIAL STABILISATION AND X-RAY

CHARACTERISATION

With the key research questions established, the relevant theoretical foundations that underpin a

large majority of the work in this thesis will now be presented. This includes: the current scientific

consensus on the metastable uranium-molybdenum system, epitaxial stabilisation and thin film

deposition techniques, as well as both the theoretical framework for elastic x-ray scattering and

x-ray reflectivity and their practical implementation in a laboratory setting. Further discussion

relevant to specific experimental techniques will be provided in the respective chapters but will use

the work developed here as a logical foundation.

2.1 Metastable Systems

Before introducing the uranium-molybdenum system, a brief introduction to the basic concepts of

metastability is pertinent. Metastability is defined as the ability of a dynamic system to occupy a

stable state other than its groundstate. A simple, classical example is a ball stuck in a hollow on

a hill. This is a stable state until enough kinetic energy is provided for the ball to move over the

edge of the dip, after which it will roll down the hill to its true groundstate. A generic metastable

energy diagram is shown in figure 2.1 highlighting the relationship between metastability and

the height of the energy barrier ∆E. This is the total energy that must be added to the system

before the transition to a lower energy state is allowed, in the classical example this is the depth

of the hollow.
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Fig. 2.1 : Schematic energy curve for a generic metastable system showing (1) a
metastable state (2) an unstable state and (3) the stable groundstate for a generic coordinate.
The metastable energy barrier ∆E is indicated by a red dashed line.

Metastable systems are incredibly common across both physics and chemistry, some of which

exhibit very long lifetimes, good examples are silica glass (lifetime 1098 years) [1] and chemical

isomers, compounds with the same molecular formula but different chemical structures [2]. Given

many metastable phases have significantly different properties from their true groundstates,

metastability is often a desirable quality. Diamond for example, is only thermodynamically stable

at high pressures but is metastable under standard conditions. Diamond may be converted to its

groundstate, graphite, by providing enough energy to overcome the energy barrier by heating

in an inert environment or being exposed to a soft x-ray pulse [3]. The properties of diamond

and graphite are obviously very different, again demonstrating the mantra “structure driving

function”.

In a similar vein, it is a common metallurgical practise to rapidly quench metals and alloys

to obtain metastable phases with preferential properties. The most common example being

the practice of quench hardening steel. This entails heating steel above its eutectoid, 750 °C,

such that the iron occupies a bcc structure as opposed to the higher packing fraction fcc phase

stable at low temperature. The more open structure can easily accommodate carbon atoms to

form a solid-solution. By rapidly cooling (quenching) the system, the window of time where the

bcc-fcc phase transition is kinetically accessible is dramatically reduced such that a psuedo-

bcc phase, martensite, is “locked in” and the carbon is maintained in solid solution instead of

precipitating out. Dislocation movement is greatly reduced in the martensite phase meaning
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quenched steel is significantly harder than it would otherwise be [4]. In systems where there are

multiple thermodynamically stable phases between the high temperature starting point and low

temperature end point, quenching also reduces the window of time during which these phases

are thermodynamically favourable, thus preventing any undesirable phase transition.

2.2 The Uranium-Molybdenum System

2.2.1 Stable Phases

The pure uranium phase diagram is comprised of three allotropes, see the 100% axis of figure 2.2.

An orthorhombic, Cmcm groundstate, α, [5] an intermediate β phase, which has a highly complex

unit cell with 30 atoms and is normally described using the P42mnm space group [6], and finally

a high-temperature bcc phase, γ, which melts at ∼ 1135 °C (1406 K [7]). The temperature of the

transitions are pressure dependant and above 3 Gpa α transitions straight to γ [8], uranium

is also unique amongst the light actinides as the α phase remains stable up to 100 Gpa [9, 10],

however all the studies conducted as part of this thesis were at atmospheric pressure.

As previously mentioned, uranium, like the other intermediate actinides, desires an anisotropic

local environment, in α-U this desire is met by a structure that manifests corrugated zig-zag

chains of atoms [11], see figure 2.3. There is no direct evidence for the precise mechanism be-

hind this phenomena however the two leading explanations both agree that the presence of 5 f

electrons are imperative. Continuing from the discussion provided in chapter 1, Mettout et al.

[12] argue that given the highly directional nature of the 5 f orbitals, the electron cloud around

each nucleus should not be treated as a sphere but an ellipsoid, then from simple packing density

arguments it is possible to predict the highly open and locally anisotropic structures found in the

intermediate actinides as well as their complex polymorphism. Alternatively, Per Söderlind et

al. [13], present theoretical calculations demonstrating that the narrow bandwidth (1−3 eV) of

the 5 f states near the Fermi-energy favours Peirls-like distortions which may also explain all

observed phenomena. Of course the two explanations are not mutually exclusive and may in fact

work cooperatively. The exact mechanism is not important for the results presented in this thesis,

only that at ambient temperature the lowest energy state of any uranium containing structure is

expected to be one that allows each uranium atom anisotropic neighbour distances, it is only at

high temperatures that there is enough energy in the system to overcome this desire.

There is only one stable intermetallic in the uranium-molybdenum phase diagram, the

stoichiometric compound U2Mo, shown in figure 2.4. The unit cell is tetragonal with a ∼ aγ

and c ∼ 2.86 ·aγ with a I4/mmm space group. The atomic arrangement is chemically ordered,

involves anti-parallel displacements of the uranium atom along the [001] and is of the C11b

MoSi2 type. The structure may be viewed as two identical bcc sub-units with a central uranium

position (U1) and corner positions (Mo1)/(U2) that alternate in atomic type along the tetragonal c
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Fig. 2.2 : U-Mo binary phase diagram adapted from [14]. The red box indicates the region
explored in this thesis, upper and lower alloy limits are shown in bold red text and the upper
temperature limit corresponds to approximate growth temperature (800 °C). Upper and lower
off-stoichiometric limits of the ordered compound γ′, indicated by dotted black lines and bold
italic text, correspond to experimental results from ref. 15 and 16, respectively. Finally, ε denotes
the bcc phase of Mo and L the liquid phase of U.

axis. A central Mo atom (Mo2) sits between the two bcc sub-units and provides an origin for the

a−b plane reflection that relates them. The two uranium containing planes are distorted towards

each other, while the molybdenum containing planes are unchanged, such that each molybdenum

atom is surrounded by 8 uranium atoms at a distance of ∼ 2.96 Å whereas each uranium atom is

surrounded by 4 molybdenum atoms at ∼ 2.96 Å and 4 uranium atoms at ∼ 2.87 Å [15]. In this

way the structure satisfies the desire for uranium to exist in a locally anisotropic environment.

Theoretical studies have optimized U2Mo as a line compound [17, 18] as well as asserting it

is both mechanically and dynamically unstable at 0 K [19, 20]. While the latter points have

not been investigated experimentally, off-stoichiometric systems have been observed with the

limits shown in figures 2.2 and 2.5. The reader should be aware that there is a transatlantic

nomenclatural divide when referencing U2Mo, in US literature δ is commonly employed, whereas

European authors prefer γ′. As it better highlights the close relationship between the U2Mo and

bcc structures, and as δ will be used extensively to refer to a different structural parameter, the

European convention will be maintained throughout this thesis.
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Fig. 2.3 : Visualisation of the system of corrugated atomic sheets in the α-U structure
with increased perspective applied to aid visual clarity. Solid black lines mark the boundary of
one unit cell and dashed black lines highlight the front most zig-zag chain and related atomic
chains that together for the corrugated sheet structure.

Fig. 2.4 : Annotated visualisation of the U2Mo unit cell highlighting the repeating plane
structure. Plane Mo1 contains four molybdenum corner sites, U1 one body centred uranium site,
U2 four uranium corner sites and finally Mo2 contains one body centred molybdenum site. The
visualisation shown is constructed from the CIF file correlated with ref. 21
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2.2.2 Metastable Phases

Before continuing a brief remark is given on conventions. It is obviously arbitrary which element

is defined as being the host and which the addition, however as this entire scheme of work

is conducting with Mo as the minority component, all systems will be referred to by atomic

percentage of molybdenum (at.% Mo), the opposite convention to that chosen in figure 2.2. The

conversions between atomic percent and weight percent, commonly used within the nuclear fuels

community, are given as

xwt = 95.96xat

95.96xat +238.03(100− xat)
×100

xat = xwt/95.96
xwt/95.96+ (100− xat)/238.03

×100
(2.1)

where xwt and xat are the weight and atomic percentages of molybdenum.

2.2.2.1 γ-UMo as an Advanced Nuclear Fuel Candidate

As mentioned in chapter 1, conventional interest in the metastable phases of uranium alloys are

rooted in their potential application as advanced nuclear fuel’s [22] and as such a brief review

of the γ-UMo fuel system will be presented below, including both historical development and

current challenges. However, the reader should be aware that this is a vast and active field with a

correspondingly large literature base, and as the primary focus of this thesis is not the potential of

a γ-UMo nuclear fuel system, only the major topics are addressed. For further in depth discussion

the reader is referred to the trio of review articles refs. 23, 24, 25 and the references contained

within.

Substantial interest in the γ-UMo system has been largely driven by the “Reduced Enrichment

for Research and Test Reactors” program initiated in 1978 [26], a program dedicated to reducing

proliferation risks by converting research reactors from high-enriched uranium or HEU fuels(> 20 % 235U
)
, which were mostly low volume density UAlx, to low enriched uranium or LEU

(< 20 % 235U) alternatives [23]. The program’s first major success was the development and

certification of U3Si2 dispersion fuels with a uranium density of 4.8 gU cm−3, and by the late

1990’s the majority of suitable reactors had been converted [27]. However, there remained a

significant number of high-power reactors that required fuel loading of 6.5−8.5 gU cm−3 to avoid

serious loss of performance, making U3Si2 conversion non-viable [23, 27]. As they will be referred

to multiple times in the next few paragraphs, it is worth briefly describing the two major fuel

plate designs, dispersion and monolithic. The first is comprised of small fuel pellets embedded

in a matrix, normally based on aluminium and silicon, which is then encased in an outer-shell

referred to as cladding, this is normally an aluminium alloy. By contrast, monolithic fuels are

simpler and consist of a single plate of fuel encased in cladding.
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The unconverted reactors pose a stringent materials challenge for prospective fuels. They

must meet the required uranium density, but also exhibit irradiation stability up to high burn-

ups, which in some cases can exceed 7×1021 fissioned heavy metal atoms per centimetre cubed,

approaching full depletion of initial 235U atoms [24]. Metallic fuels appear an obvious solution to

the problem as they allow significantly greater intrinsic uranium densities, α-U has a density

of 19.1 gU cm−3. However, it has been known since the mid 1950’s that α-U is a poor fuel

candidate. Due to the orthorhombic structure α-U displays both anisotropic thermal expansion,

positive along a and c but negative along b, and poor dimensional stability during irradiation,

growing along the 〈010〉 and shrinking along the 〈100〉 [28]. These phenomena are intrinsically

related, growth coinciding with the direction of negative thermal expansion, and shrinkage

corresponding to the direction of highest coefficient of thermal expansion. In a polycrystalline

material, such dimensional anisotropy produces mismatching strain at grain boundaries. The

resulting stress build up is eventually released as tearing or cavitation [24]. By contrast, the high

temperature γ-phase, being cubic, promises both isotropic thermal expansion and irradiation

swelling. Furthermore, the bcc structure can accommodate fission products (both solid and

gaseous) as interstitials, further reducing lattice expansion.

As discussed above, in its pure form the bcc allotrope of uranium is unstable below 776 °C

and given peak fuel temperatures rarely exceed 250 °C in most research reactors, this would

appear problematic [25]. However, many transition metals Nb, Zr, Mo etc., form a solid solution

with U in the γ-phase, that, when quenched, form a range of metastable states as a result of

sluggish transformation behaviour [29, 30]. Some of which retain a pseudo-cubic structure and

are commonly referred to as γ-phase alloys [31]. During the 1950/60’s, extensive experimental

effort, a summary of which is given in ref. 24, was expended exploring the transformation kinetics

for a range of binary and tertiary alloys, including the UMo, UNb and UNbZr systems which all

exhibit sluggish transformation [30, 32]. The UMo system was identified as exhibiting the best

balance between intrinsic fuel density, ∼ 15−18 gU cm−3, and γ stability, defined as time spent

at a given temperature before decomposing to the stable structures α and γ′ [24]. Furthermore,

the UMo system displays irradiation induced phase recombination, whereby, providing sufficient

alloy content and fission rate, the stable α and γ′ phases revert to the metastable γ phase,

thus providing essentially infinite phase stability under operating conditions [33–35], an effect

discussed in more detail in chapter 7.

Taken together, along with acceptable parasitic neutron capture cross section and previous

experience from fast reactor tests, these properties highlighted the γ-UMo system as a promising

fuel candidate [23, 27]. It exhibited both the required uranium density and was projected to

remain stable up to high burn-ups. Initial irradiation testing, (RERTR-1 and RERTR-2) showed

promising results and narrowed the optimum range to 7−10 wt.% Mo [36]. However, later irradi-

ation tests to higher burnups revealed excessive breakaway swelling as a result of irradiation
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induced interaction between the UMo fuel and the Al matrix (cladding) in the dispersion (mono-

lithic) fuel plate designs [23, 37, 38]. Breakaway swelling is caused by rapid formation of large

fission gas bubbles or cavities which leads to blisters forming on both sides of the fuel plate and a

consequential bulging of the cladding. In extreme cases the cladding can fail, however excessive

swelling can cause issues even before that, as the cooling gaps in between neighbouring fuel

plates are typically of order 2−3 mm. Any swelling further reduces this, and while some swelling

in inevitable, only up to about 200µm can be accommodated before adequate cooling is prohibited

[23].

These issues have now been mostly solved by the addition of protective layers that remove the

adjacency of uranium and aluminium, thus reduce the possibility of interaction, although at very

high burnup significant swelling is still observed [39]. In monolithic designs this is achieved using

a Zr diffusion barrier between the fuel and cladding, and for dispersion designs each fuel pellet

is sputter coated with ZrN before being embedded in the matrix [24, 25]. With these designs,

development of the UMo fuel system is likely to be mostly complete, U-10%wt.Mo has been

identified as the best candidate in monlithic and U-7%wt.Mo in dispersion fuels [25]. However,

a number of outstanding questions still exist, these are mostly related to the dependence of

swelling on initial fuel microstructure, fission rate, temperature, alloy homogeneity etc. up to

high-burn ups, [25] but there are also two major irradiation induced phenomena that remain

poorly understood.

The first is the significant change in fuel microstructure observed above 3×1021 fissions cm−3.

The so called high burnup structure is similar to that observed in the rim region of UO2 fuel pellets

from light water reactors [40] and is characterised by small grains, in the range 200−500 nm

[25, 39, 41], produced by a process of grain subdivision [42]. Through a combination of effects,

including reduced diffusion distance and increased grain boundary density, grain subdivision

accelerates fission gas related swelling and is therefore an important effect for high burnup

fuels [41, 42]. However, it is currently unclear whether the subdivision proceeds via a process

of; recrystallisation, which begins slowly, builds to a maximum rate before finishing slowly [43];

or polygonization which starts rapidly but displays reducing reaction rate over time [44]. It

should be noted that in a significant portion of the literature, the term recrystallisation is used

synonymously with grain subdivision without apparent justification.

The second unexplained phenomena occurs at low burnup. Prior to grain subdivision fission

gas bubbles self organise into a thermally stable, almost perfect 3 dimensional fcc lattice, oriented

parallel to the host bcc lattice [45, 46]. The so called nano-bubble lattice, or gas superlattice has

a lattice parameter of roughly 12 Å [45] and is formed of bubbles of approximate diameter 4 nm.

Neither the perfect three dimensionality nor the ability of a bcc crystal to host a fcc bubble lattice

are observed in any another system, neither nuclear fuel nor gas implanted metals. Simulations
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have suggested that the responsible mechanism could be preferential, one dimensional self

interstitial atom (SIA) diffusion along the bcc 〈110〉 [47], however it is disputed as to whether it is

possible to form a perfect bubble lattice via 1D diffusion [48]. Understanding the formation and

evolution of the nano-bubble lattice in irradiated γ-UMo fuels is interesting as a fundamental

study of self-organisation but also holds practical importance. After grain subdivision the nano-

bubbles coalesce or collapse to form micron sized bubbles leading to accelerated fission gas

related swelling [45]. The nano-bubble lattice is therefore the initial state from which micron

sized bubbles form and understanding its behaviours and mechanisms of formation are of great

importance to developing predictive models of fission gas related swelling as a function of fuel

burnup.

2.2.2.2 As-quenched Metastable Phases

The metastable structure obtained post-quench, is not only dependant on the starting alloy

concentration and type but also the synthesis conditions, most importantly the choice of quench

method. The result is a complex and loosely defined metastable phase diagram containing a

broad range of possible structures. A schematic of which is shown in figure 2.5 for the uranium-

molybdenum system, along with a selection of the metastable structures as reported in literature.

For a detailed discussion of the U-Nb system and other uranium-metal systems see refs. 49 and

50, respectively. Broadly these structures may be categorised into two fields defined by their

corresponding parent structure, α or γ. It is possible to transition between the different structures

via, sometimes complex, post-quench annealing procedures however the work in this thesis is

solely concerned with the “as-quenched” structures in the γ phase.

The α phase, covers the approximate region 0−11.3 at.% Mo, within which two distinct

metastable phases exist; α
′

and α
′′

[51]. The first is formed at the lowest Mo concentrations,

approximately 0−6.2 at.%, and shares the Cmcm symmetry of pure α but displays a relative

contraction of the b parameter [52], the a and c parameters are also slightly increased. Then

between approximately 6.2 and 11.3 at.% α
′′

is obtained [51]. The start of the α
′′

region is defined

by a deviation of the angle γ̂ to greater than 90°, thus breaking orthorhombic symmetry in favour

of a monoclinic crystal class. There exists significant historical and contemporary debate [50, 53]

over the correct choice of space group for the α
′′

structure, however, in order to preserve an

obvious connection with α-U a non-standard, C-centred, monoclinic lattice with a unique c axis

(as opposed to the normal choice of b) is often chosen, space group C21/m [50]. The nonorthogonal

unit cell axes are chosen to correspond with the a and b axes of α-U and the monoclinic angle, γ̂,

increases with alloy content [54]. Specific to the uranium-molybdenum system, there has been

one observation of a metastable β structure between 0 and 2.2 at.% [51], however, as far as I am

aware, this result has not been replicated and reports of metastable β phase in other uranium

alloy systems are sparse.
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Fig. 2.5 : Diagram of the U-Mo “as-quenched” metastable regimes from 0 to 50 atomic
percentage molybdenum. So called α and γ phases are marked by red and white regions separated
by a solid red line. Dashed red line separates the α′ and α′′ metastable structures. Both red
boundaries correspond to experimental values from ref. 51. The light grey region corresponds to
the stable off-stoichiometric limits of γ′ as shown in figure 2.2 with a black dashed line indicating
the stoichiometric position. Note the region of γ′ stability is superimposed onto the γ phase
region, and does not represent a phase boundary between the two structures. A light blue line
marks the solubility limit of molybdenum in uranium as reported by Dwight [55] after which a
complex mixture of phases exist, including the metastable γs phase as well as the stable γ′ and
εMo phases. It is stressed that all boundaries are indicative and based on reported experimental
values, the actual “as-quenched” phase being highly dependant, not only on alloy content but
also quenching method. This is particularly relevant in the γ phase and as such no boundary
between the γo and γs phase is given, however, in general the former is formed at lower Mo
concentrations whereas the latter dominates at higher concentrations. The lower panel shows
conventional unit cells for the stable α [5] and γ′ [15, 21] phases and the proposed unit cells for
the metastable γo and γs [56] phases. The latter includes the boundaries of the former overlaid
in dashed lines to show the relationship between the two. The metastable α′/α′′ structures are
not shown due to their close similarity to the stable α structure. Stable phases are coloured to
represent atomic type green(blue) denoting uranium(molybdenum) whereas metastable phases
are isotropic, substitutional alloys so each position is considered a compositional average. Instead
black(white) colouring indicates the occupancy(inoccupancy) of a site. All unit cells are orientated
as per the basis shown in the lower left-hand corner.
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Above approximately 11.3 at.% Mo one enters the γ phase which spans the entire region up to

the solubility limit of molybdenum in uranium, ∼ 36 at.% [51, 55]. Again there exists two distinct

metastable structures1, referred to as γo (lower Mo content) and γs (higher Mo content), although

there exists significant variation in nomenclature amongst the literature. For the purposes of

this thesis, the γo structure is defined by exhibiting a meaningful deviation from c /aγ = 1, where

the subscript γ refers to the bcc unit cell representation, whereas γs does not. In both cases the

atomic coordination is close to that found in the stable bcc structure.

Originally γo was interpreted as a chemically ordered tetragonal structure with aγo ∼ 2 ·aγ

and cγo ∼ aγ such that the c /a axial relationship is close to half [58], imagine the bottom front

two bcc unit cells in the γs structure shown in figure 2.5 redefined as a single unit cell. However

Yakel argues that a more proper definition is given by a unit cell rotated by 45° about the c axis

and with aγo decreased by
p

2 such that the axial c /a ratio is close to 1/
p

2 [56]. To allow for

anti-parallel displacements of what were the body centred atoms in the cubic representation he

suggest a P4/nmm symmetry which negates the need for chemical ordering suggested by previous

authors. This structure is formally equivalent to that of β-Np but with lower tetragonality and

smaller displacements [59].

The γs structure occurs at the highest Mo concentrations and shows the closest resemblance to

the stable bcc structure. Originally descriptions used a structure equivalent to the γo but with an

axial c /a ratio of exactly 0.5, or 1/
p

2 depending on your choice of unit cell. However both Yakel

[56] and Hatt [60] remark that unlike in the γo system, the reflections may be divided into “sharp”

peaks originating from the bcc structure and “diffuse” peaks that originate from the superlattice

of atomic shifts. Yakel’s interpretation of these diffraction patterns was an average, cubic, unit

cell with aγs = 2 ·aγ and the original body centred atoms allowed to be displaced along any of the

three [001]γ directions [56]. Then, by choosing an I-43m symmetry, the anti-parallel relationship

in displacement direction between neighbouring pairs of atoms is preserved from γo structure

negating the need for chemical order proposed by Tagri [61]. The proposed structure may be

thought of as 8 bcc unit cells with the body centred positions replaced with 3 displaced positions,

each 1/3 occupied. Of course, this is an averaged structure, locally the choice of displacement

direction is well defined and the structure is identical to γo with c /a equal to 1/
p

2 , but this

information is only retained over a short distance. In the ternary system U0.7776Nb0.1660Zr0.0564

studied by Yakel, the domain size was estimated to be ∼ 50 Å [56]. This is different to γo where

long range order in the choice of displacement direction allows a “proper” unit cell to be defined.

Both the proposed structures for γo and γs are shown in figure 2.5, as is the relationship between

1There is an isolated report of an ordered metastable phase U3Mo [57]. The proposed structure is identical to the
γo structure posited by Yakel but with significant chemical ordering and employs the space group P-4m2. However,
this structure has not been observed by other authors and is inferred from only two, very weak reflections in a neutron
powder diffraction profile. Furthermore, given chemical ordering is not required in any of the other metastable phases,
the proposed structure is considered unlikely to exist.
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them. Note that in both structures the atomic displacements serve to reintroduce the anisotropic

local environment attained in the stable α structure. Above approximately 36 at.%, molybdenum

begins precipitating out, both as γ′ and bcc(ε)-Mo, creating a mixed phase region.

Given c /aγ = 1 is preserved exactly in the γs structure it is often mistaken as true bcc,

meaning that, where previous authors have championed “fully stabilised γ-UMo” as a potential

advanced nuclear fuel, they are in fact referring to the metastable γs phase. The characteristic

“diffuse” signal indicating local deviation from bcc structure is incredibly low intensity and as

such it is impossible to distinguish γ from γs in a simple diffraction experiment, as will be shown

later in this chapter. However, as discussed in chapter 1, the diffuse reflections may be accessed

using dedicated techniques. These techniques will be discussed in detail in chapter 4 and new

experimental evidence presented in chapter 5 shows the structures of γs, and likely also γo,

presented in figure 2.5 are incorrect and the system should instead be thought of within the

framework of correlated disorder.

Historically γ phase alloys have been produced by two separate rapid cooling techniques:

water, oil or argon quenching; and splat cooling. The former are simple quenching techniques,

whereas in the latter, the system is rapidly cooled from the melt by “splatting” a droplet of molten

alloy between two copper blocks. The high specific heat of copper allows cooling rates of up to

106 K s−1 to be achieved, greatly in excess of those achievable through traditional methods [62].

However, both techniques suffer the same fundamental drawbacks, by rapidly cooling, large

quantities of extrinsic disorder, defects, interstitials etc. are locked into the system and obtaining

single crystal samples is difficult. It is not immediately obvious that the first issue can be easily

overcome; however, the following section will explain, at least theoretically, how single crystals

samples could be produced in thin film form.

2.3 The Thin Film Method
At its most general, a thin film is a layer of material deposited onto a substrate. However, the

term “thin film” is ill defined and can refer to anything from micron thick ceramic coatings

for engineering purposes and electronic devices [63], to single atomic layers designed to probe

phenomena specific to truly two dimensional systems [64]. Thin films produced for scientific

research are normally measured in angstroms (Å) or nanometres (nm) and are an incredibly

useful scientific tool. Through careful control of the deposition conditions, the researcher is

allowed fine control over film properties such as crystal structure, crystallinity, stoichiometry and

thickness to give but a few examples. Thin films also represent an opportunity to investigate both

“ideal” surfaces, and interfaces between layers. The work presented in this thesis makes use of

two specific properties imbued in thin films. Firstly that the total mass of material is intrinsically

very low, such that the risk associated with radioactive materials like uranium is minimised and

secondly a technique known as epitaxial matching through which one may stabilise materials in

single crystal, thin film form.
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2.3.1 Crystal Structure and Crystallinity

Before continuing it is worth pausing briefly to cover the basic ideas that allow the formal

description of a crystal as they will be used extensively. An ideal crystal is constructed by an

infinite repetition of identical structural units. The structural unit can be as simple as a single

atom or as complex as an entire molecule, however, all ideal crystals may be described in terms of

a lattice. The lattice is a regular periodic array of points in space and a crystal structure is formed

when a structural unit, or basis, is attached to each lattice point. Hence the lattice describes the

geometric rules by which the infinite repetition of the basis is conducted. Formally the lattice is

defined by three fundamental translation (basis) vectors a1, a2 and a3 such that the structural

arrangement is identical when viewed from r and when viewed from

(2.2) r′ = r+n1a1 +n2a2 +n3a3

where n1, n2 and n3 are arbitrary integers. This is known as translational invariance and the

set of points r′ defined for all n1,2,3 defines the lattice. As such any two lattice points may be

connected by a vector of the form

(2.3) Rn = n1a1 +n2a2 +n3a3

which is known as a lattice vector. The basis vectors a1,2,3 are said to be primitive if the volume of

space that they describe, when translated through all possible combinations of the lattice vectors,

fills space completely with no voids or overlaps. This volume of space is known as a primitive

unit cell and by its definition contains only a single lattice point. For any given lattice there are

an infinite number of possible primitive unit cells, however, it is convenient to define a unique

primitive unit cell known as the Wigner-Seitz cell which is constructed from the set of all points

that are closer to one lattice point than any other. For the majority of crystals it is often also

useful to define a conventional (non-primitive) unit cell, containing more than one lattice point,

which has a simpler relationship to the symmetry of the crystal structure. This is how one arrives

at the well known bcc and fcc unit cells. Finally it is possible to define any crystal structure by the

set of symmetry operations that carry the crystal onto itself. On top of translational symmetry,

which is imbued in the definition of the lattice, there is also rotation, reflection, inversion and

rotoinversion which collectively are known as point symmetry operations. Considering only

translational symmetry, it can be shown that there are only 7 distinct lattice systems, tabulated

in table 2.1, which when combined with the 4 possible centring types: primitive (no central atomic

positions), body, face and base centred, provide 14 symmetrically distinct lattices, known as

Bravais lattices. However, combining both translation and point symmetry operations it can be

shown that 230 distinct possibilities exist. These are known as space groups and describe all

possible proper crystal structures [65].
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Lattice System Distinct Centring Options Axial Distances Axial Angles
Triclinic P a1 6= a2 6= a3 α 6=β 6= γ

Monoclinic P, C a1 6= a2 6= a3 α= γ= 90° 6=β
Orthorhombic P, C, I, F a1 6= a2 6= a3 α= γ=β= 90°

Tetragonal P, I a1 = a2 6= a3 α= γ=β= 90°
Trigonal P a1 = a2 = a3 α=β= γ< 120°, 6= 90°

Hexagonal P a1 = a2 6= a3 α=β= 90°, γ= 120°
Cubic P, I, F a1 = a2 = a3 α=β= γ= 90°

Table 2.1: Tabulation of the 7 lattice systems, their defining axial restrictions and distinct centring
options for available each which together form the 14 Bravais lattices. Lattice centring is given
in conventional notation: P = primitive, C = base centred, I = body centred, F = face centred and
all restrictions based on conventional cells. Axial relations are reproduced from ref. 66.

The physical realisation of the ideal crystal is known as a single crystal however the majority

of crystalline materials do not form as single crystals. Instead, due to the process of nucleation,

as a material passes through the liquid-solid transition multiple crystallites or grains form

simultaneously with no knowledge of each other and therefore no tenancy to form in registry.

The result is a polycrystalline sample where, within a given grain, there is good structural order

described by the formalism above but the individual grains are randomly orientated with respect

to one and other. Where two grains meet there is obviously a structural discontinuity, this is

known as a grain boundary. Depending on the conditions under which the system crystallises

some crystallographic orientations may be energetically preferred over others. This produces a

textured polycrystalline or preferred orientation system where the distribution of both grain size

and orientation is not truly random. Alternatively, some systems, either naturally or through

under certain conditions, may not crystallize at all and exhibit no long range structural order.

These materials are amorphous and as they don’t have an underlying lattice must be treated

with separate formalism.

2.3.2 Epitaxial Stabilisation

By varying both deposition conditions and the choice of substrate it is possible to systemati-

cally produce all of the above crystallinities in thin film form, however, this thesis is primarily

concerned with the ability to synthesise single crystals of a given material.

To understand how this is possible, the idea of epitaxy must be introduced. Derived from

the Greek taxis meaning “arrangement” and epi meaning “upon” epitaxial growth is defined

as deposition where the new crystalline layers have a single, well-defined, crystallographic

relationship with the single crystal substrate they are deposited onto [67]. This relationship is

known as an “epitaxial match” and where an appropriate match can be found it is possible to

grow high quality single crystal films of any material. The substrate serves as a crystallographic
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Fig. 2.6 : Common Epitaxial Matches shown in schematic representation. An example
substrate unit cell, with cubic lattice parameter a, is shown in blue and an example film unit
cell shown in wireframe with cubic lattice parameter noted at the front left. (left) cube-on-cube
match (middle)

p
2 match (right) fractional cube-on-cube match, the example given is a 2 : 1

film:substrate match.

template, meaning it is energetically favourable for the deposited material to form a coherent

layer in some form of crystallographic registry with the substrate as opposed to numerous

grains with the high energy cost incurred by grain boundaries. The same scenario is true for

each subsequent layer, thus allowing an entire single crystal film to be fabricated. To allow the

deposited atoms to find this energy minima, and thus arrange themselves in registry, single

crystal growth is commonly conducted at high temperatures in order to thermalise the deposited

atoms such that they can migrate freely on the surface of the substrate.

Epitaxial films may be divided into two generic categories, homo and hetero epitaxial. The

former being epitaxial growth of a material on a single crystal substrate of the same material. The

most common example of this is the practice of Si epilayer deposition onto single crystal Si wafers

for electronic chips [67]. This is beneficial as the epilayer is considerably freer of defects than

the wafer. The latter, and by far the more common for research purposes, is the epitaxial growth

of one material on a single crystal substrate of a different material. As the lattice parameters

of the film and substrate are necessarily unmatched there exist multiple ways of achieving a

crystallographic match. The three most common matches are shown in figure 2.6. Obviously, for

more complex crystal structures, like those with hexagonal or low symmetry unit cells, more

sophisticated matches exist. It should also be noted that a successful match must consider the

atomic positions as well as the lattice parameters - atoms do not like to sit directly on top of one

and other, instead preferring to sit in the valleys of electron density between other atoms. Where
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no direct match can be found, sometimes it is possible to employ an epitaxial buffer whereby an

epitaxial layer of one material is grown on a substrate, which then provides a different match

to the material of interest. Whatever techniques are employed, the match between the lattice

parameters of the substrate (buffer) and the effective lattice parameter of the film are unlikely to

be perfectly coherent. The lattice mismatch can be calculated as

(2.4) f = a0(s)−a0( f )
a0( f )

where a0(s) and a0( f ) are the unstrained lattice parameters of the substrate (buffer) and film

respectively. In practice, a finite amount of mismatch may be accommodated by the film while

maintaining epitaxy. Epitaxial strain may actually be used to drastically change the physical

properties of the film by tuning the amount and type, compressive or tensile, strain the film is

under. For example, opening a bandgap that isn’t present in the unstrained system [68, 69] or

shifting a charge density wave transition temperature [70]

2.4 Thin Film Synthesis

Thin films can be synthesised in numerous way that vary greatly in their complexity. Broadly the

techniques may be divided into physical vapour deposition (PVD) methods and chemical methods,

the latter including both wet-chemical methods such as sol-gel or chemical bath deposition

and chemical vapour depositon (CVD) methods [71]. PVD techniques produce a vapour from a

target of starting material via; evaporation, laser heating, sputtering etc., that then condenses

onto a substrate. Conversely, CVD techniques expose a substrate to a thermally produced

vapour of reactants producing a film not by condensation but through chemical reaction on the

substrate surface. As CVD methods do not require expensive solid targets and can coat both

significantly larger and uneven areas, they are often significantly more economical compared

to PVD techniques. However, a complex chemical environment is required making fine control

over film properties difficult. As such, in a research environment where fine control and range of

materials is prioritised, PVD methods are often preferred due to the comparative simplicity of

the deposition mechanism and the ease with which one can control the conditions.

2.4.1 DC Magnetron Sputtering

Direct current (DC) magnetron sputtering is one example of a physical vapour deposition tech-

nique and the only deposition technique used in this work. A diagram of the basic process is

shown in figure 2.7 and may be summarised as follows. A DC potential is applied across a target

of the desired material in an ultra high vacuum with a partial pressure of a sputtering gas, nor-

mally argon. Free electrons in the gas are repelled from the negatively biased target and collide

with gas atoms, ionising them. This produces more free electrons and a feedback loop is started,

creating a stable plasma. The newly created ions are accelerated towards the target, colliding
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Fig. 2.7 : Schematic of the generic direct current magnetron sputtering processes
with north and south poles of the annular magnet shown as red and blue, respectively, and field
lines shown as dashed black lines. Two Bristol specific characteristics have been included, firstly
the choice of an argon sputtering gas and secondly the inclusion and position of the resistive wire
heater. Also note that in the Bristol system the sample mount may be rotated about its surface
normal by ∼ 270° in order to facilitate the use of RHEED equipment.

with the target they eject or “sputter” target atoms, secondary electrons are also produced in this

process and contribute to the plasma. To achieve efficient momentum transfer it is preferable to

closely match the atomic weight of the sputtering gas and target atoms. Hence for light elements

neon is preferable and for heavier elements, krypton or xenon. The atomic weight of argon lies

between these two extremes, and so acts as an effective choice for most targets and avoids the

need to constantly change gases. The sputtered atoms undergo a diffuse “random walk” before

condensing on any available surfaces within line-of-sight, including the substrate. Maintaining a

stable plasma requires a sufficient ionization efficiency which in a standard sputtering set up

is achieved with a high partial pressure of gas. However, this significantly reduces the mean

“random walk” distance of sputtering atoms leading to low deposition rates. To mitigate this

issue, in magnetron sputtering, annular magnets are placed underneath the target providing

a strong magnetic field. Free electrons are forced to undergo a helical path around the field

lines, confining them to a concentrated region above the target, thus greatly increasing the

cross-section for ionization. This facilitates stable plasma formation at low partial pressures and

subsequently allows for higher deposition rates. An additional benefit of the magnetron set-up is

that by confining the free electrons, the issue of electron bombardment into the growing film is

negated, thus improving film quality.
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Fig. 2.8 : Representative photographs of the Bristol deposition system (Top Left) Wide
angle photograph showing (1) the magnetic loading arm (2) the minor (loading) chamber and
(3) the major (deposition) chamber (Top Right) Internal photograph taken during co-deposition
showing (1) the resistive wire heater (2) rotatable sample mount with sample plate loaded (3)
front left and back right sputter guns in operation (Bottom Left) Close up photograph showing
(1) RHEED phosphorus screen (2) manual rotation and height control for sample mount and (3)
front viewing port (Bottom Right) Photograph showing the four sputter guns mounted on the
underside of the deposition chamber with the pyrometer (red dashed circle) mounted directly
below a sapphire UHV window.

2.4.2 Bristol Deposition System

All the films produced for this thesis were grown using an in-house DC magnetron sputtering

system. The system is comprised of two ultra high vacuum (UHV) chambers connected via a gate

valve, both of which are pumped by dedicated scroll and turbomolecular vacuum pumps. The

major (deposition) chamber is isolated from atmospheric pressure and can achieve base pressures

of 10−11 mbar. Samples are loaded into (extracted from) the system via a minor (loading) chamber

which is periodically brought to atmosphere and thus only regularly achieves base pressures of

10−8 mbar. A total of four samples may be stored in the system at any one time and samples

are transferred between the two chambers by a magnetic loading arm. The deposition chamber

has four independent magnetron sputtering guns, situated on the underneath of the chamber

and cantered such that their focal points align to allow co-deposition. Substrates are mounted
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into custom molybdenum sample holders and held in place with molybdenum clips before being

loaded upside-down such that the substrate faces the sputtering guns. Molybdenum is used due

to its high melting point allowing samples to be heated up to 1000 °C. When required, heating is

provided via a Nb wire resistive heater, sheathed in Macor© tubing and situated directly above

the sample holder. The temperature is set and varied via a manual variable autotransformer

using a current vs. temperature curve determined by a pyrometer mounted below the chamber.

The system uses solely argon as a sputtering gas, with usual partial pressures of 7×10−3 mbar.

Both oxygen and nitrogen can be added to facilitate a reactive sputtering environment, however,

the films produced for this study are exclusively metallic and so did not make use of this capability.

An electron gun and phosphorus screen are also mounted on the deposition chamber allowing

in-situ probing of sample crystallinity via reflective high energy electron diffraction (RHEED)

which is discussed further in section 2.5.4.

Individual sputtering rates are determined by growing calibration samples, for which the

film thickness is accurately determined ex situ via x-ray reflectivity (XRR), discussed in detail

in section 2.5.5. Given a known deposition time and experimentally determined thickness,

calculation of the sputtering rate in units of Å s−1 is trivial. For co-deposition, rates are determined

individually before being converted to units of atoms s−1 from which a co-deposition rate in Å s−1

can be determined providing the atomic density of the alloy or compound of interest is known or

can be reasonably estimated. Sputtering rate is roughly proportional to current applied across

the target such that by varying the currents it is possible to access different compounds or alloy

ratios. It should be noted that the calibration procedure for co-deposition is rarely precise as the

interaction between two or more concurrent plasmas is highly complex and produces unexpected

effects that are not present in single deposition mode. Instead co-deposition calibrations provide

a rough starting point from which to fine tune.

2.5 X-ray Characterisation

Since their discovery in 1985 by Wilhelm Röntgen [72], x-rays have become a cornerstone in the

investigation of the structure and electronic properties of matter. In total, 19 Nobel prizes have

been awarded to work containing x-ray studies [73], the most recent to R. Kornberg in 2006 for

unravelling the process by which information encoded in DNA is copied to RNA, to do this he

used x-ray crystallography to solve the 3D structure of RNA polymerase and associated proteins

[74].

X-rays may be roughly divided into two energy regimes, photons with energy between ∼ 300 eV

and a few keV are soft x-rays [75], x-rays with energies above this are known as hard x-rays

[76]. Soft x-rays roughly cover the 1s binding energies for the elements from carbon (184 eV) to

argon (3.2 keV), and are primarily used to study the nature of chemical bonding and valence
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Fig. 2.9 : Schematic elastic scattering experiment for an incoming beam with flux Φ0,
interacting with a generic crystalline sample (blue) and producing a scattered beam with flux Φsc

at a scattering angle 2θ. The proportionality between the scattered intensity, detector distance
and solid angle ∆Ω is also given.

band structure. The L absorption edges of the transitions metals also fall within this regime, e.g.

iron (710 eV), copper (930 eV) and manganese (640 eV). These are of particular interest because

they allow one to probe the 3d valence electrons which are responsible for many remarkable

properties such as high-temperature superconductivity in the cuprates, colossal magnetoresis-

tance in the magnates and elemental ferromagnetism. Conversely hard x-rays have wavelengths

comparable to most interatomic distances, 12.4 keV≈ 1 Å, and are thus a perfect probe for the

structural arrangement of atoms. The work in this thesis is entirely concerned with the struc-

tural arrangement of atoms and their dynamic properties and will therefore reside exclusively

within the hard x-ray regime. The x-ray techniques included in this thesis are x-ray diffraction,

x-ray reflectivity, diffuse x-ray scattering and inelastic x-ray scattering spectroscopy (IXS). The

theoretical framework for the first two techniques is developed in this chapter along with the

practical considerations of laboratory x-ray experiment. This is will then be expanded in chapters

4 and 8 to cover diffuse x-ray scattering and IXS, respectively. A general discussion of synchrotron

sources is given in chapter 4 while the practical considerations pertaining to each technique are

discussed in the relevant chapters.

2.5.1 Elastic Scattering Theory

A generic scattering experiment is shown in figure 2.9, irrelevant of the probe used, electrons,

neutrons or x-rays, the measured quantity is the differential scattering cross-section (dσ/dΩ)
which is defined as

(2.5)
(

dσ
dΩ

)
= Isc (R,∆Ω)

Φ0∆Ω
.
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Here the incident beam is described by a flux of probe particles, Φ0, in this case photons, which is

simply the number of photons that pass through a unit area per second. The photons interact

with the sample and scatter. The number of scattered photons recorded per second, by a detector

at distance R, that subtends the solid angle ∆Ω is given by Isc. As such, the differential scattering

cross section is a measure of the efficiency of the scattering process where the specifics of the

detector have been normalised out.

To understand how measuring (dσ/dΩ) provides information about a material, start by

considering a generic elastic scattering event. At this point no stipulation is made on the atomic

structure of the scattering object, but it is assumed that the nuclei are too heavy, compared to the

electrons, to undergo substantial oscillations in response to a high frequency electromagnetic

field. As such the photons are assumed to interact exclusively with the electrons and therefore

only probe the atomic geometry indirectly. To describe the x-ray-electron interaction, quantum

electrodynamics (QED) is employed and the x-ray photon energy is assumed to be small with

respect to the electron rest energy (511 keV) such that the scattering event may be considered

non-relativistic, allowing relativistic QED effects such as pair production to be ignored. Also,

since covariance is not required, a Hamiltonian approach is sufficient. The following discussions

largely follow that presented by ref. 73 and ref. 77 so in keeping with their convention, and to aid

readability, atomic units are used throughout unless otherwise specified, i.e. me = 1, |e| = 1, ~= 1

and c = 1/α where me is the electron rest mass, e is the electron charge, ~ is planks constant

divided by 2π, c is the speed of light and α≈ 1/137 is the fine structure constant. Some later parts

of the discussion also make use of concepts and derivations that may be found in ref. 76. It should

be noted that all of the below results can be reached by taking a classical approach, however,

when moving beyond elastic scattering to include inelastic scattering processes, as will be done in

chapter 8, the formalism developed here becomes incredibly useful.

Employing perturbation theory the generic Hamiltonian for an x-ray process may be written

as

(2.6) Ĥ = Ĥ0 + Ĥint

where Ĥ0 describes the unperturbed system. Ĥint is treated as the perturbation and contains all

the information on the interaction between the photon and electron field. Using the principle

of minimal coupling, which is designed to reproduce Newtons equation for a charged particle

in an electromagnetic field, and choosing the Coulomb gauge ∇· Â= 0, the full photon-electron

interaction Hamiltonian, may be written as

(2.7) Ĥint =
Nel∑
u

[
αÂ (xu) · ∇u

i
+ α2

2
Â2 (xu)

]

where the fine-structure constant α= e2

~c , Â is the vector potential, ∇u
i is the canonical momentum
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operator and the sum extends over all electrons Nel in the system. The first term, known as

the p ·A term, is linear in A and, as will be shown below, is subsequently linear in creation

and annihilation operators. As such the p ·A term changes the number of photons by one and

is responsible for one photon absorption. In contrast, the second term, known as the A2 term,

is quadratic in annihilation and creation operators and thus can destroy a photon in one state

and create a photon in a new state, keeping the total photon number unchanged. This term is

responsible for scattering and to first order is the dominant term for high energy photons.

At this point it is useful to introduce the formalism of second quantisation. This formally

introduces creation and annihilation operators such that ψ̂ (x) and ψ̂† (x) annihilate and respec-

tively create an electron at position x. For the sake of this discussion the spin of the electron is

unimportant. The major advantage of second quantisation when describing many-body systems is

that a single, universal Hamiltonian may be used to describe electronic systems with any number

of electrons. This is because the number of electrons is a property of the quantum state, not the

Hamiltonian. This is analogous to the number of photons in a Fock state of an electromagnetic

field. A general single-body operator j (x) may be expressed in second quantisation as

(2.8) ĵ =
∫

d3x ψ̂† (x) j (x)ψ̂ (x)

so the interaction Hamiltonian can be expressed in second quantization as

(2.9) Ĥint =α
∫

d3x ψ̂† (x)
[
Â (x) · ∇

i

]
ψ̂ (x)+ α2

2

∫
d3x ψ̂† (x)Â2 (x)ψ̂ (x)

where

(2.10) Â (x)=
∑
k,λ

√
2π

Vωkα2

{
âk,λεk,λeik·x + â†

k,λε
∗
k,λe−ik·x

}
.

which follows from the expansion of A in terms of plane waves, in a box of volume V where each

mode is characterized by a wave vector k and a polarization vector εk,λ where λ denotes the

polarization.

Having obtained a suitable interaction Hamiltonian it is now possible to calculate the transi-

tion rate, the probability of a transition per unit time, for the photon-electron interaction which,

to second order, can be written as

(2.11) ΓFI = 2πδ (EF −E I )

∣∣∣∣∣〈F|Ĥint|I〉+
∑
M

〈F|Ĥint|M〉〈M|Ĥint|I〉
E I −EM

∣∣∣∣∣
2

where |I〉 and 〈F| are the initial and final states for the entire photon-electron system and the

Dirac delta is included to ensure energy conservation. The second order term is only relevant for

processes that contain a mediating state 〈M| such as resonant scattering which is discussed later.
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The discussion to this point has been general in so much as the type of interaction has not

been specified. Specifying an elastic scattering interaction the initial and final states may be

written as

(2.12a) 〈I| = 〈ψNel
0 | 〈NEM|

(2.12b) |F〉 = |ψNel
0 〉 â†

kF ,λF
|NEM −1〉

where prior to the interaction, a material, with Nel electrons, is assumed to be in its electronic

ground state 〈ψNel
0 | and the photon field is assumed to be represented by a Fock state 〈NEM| with

NEM photons in the mode (kin,λin). The interaction leaves the material state unchanged, but

removes one photon from the mode (kin,λin) and adds one photon to the mode (kF,λF). As the

interaction is elastic one also specifies that |kin| = |kF|. Evaluating the transition rate to first

order for these initial and final states and making use of the fact that to first order only the A2

term in Ĥint leaves the total photon number unchanged the transition rate may be written as

(2.13) ΓFI = (2π)3 NEM

V 2ωFωin

∣∣∣ε∗kF ,λF
εkin,λin

∣∣∣2 | f (Q)|2δ (ωF −ωin)

where the form factor, f (Q) has been introduced and is defined as the Fourier transform of the

groundstate electron density ρ(el)

(2.14) f (Q)=
∫

d3xρ(el) (x) eiQ·x

and the photon momentum transfer or scattering vector is defined as Q = kin −kF . Then the

differential cross section is obtained by dividing through by the photon flux and summing over

all possible states of the scattered photon

(2.15) dσ= 1
Φ0

∑
kF ,λF

ΓFI

however in a standard elastic scattering experiment, only the outgoing photon flux in a given

direction, within a solid angle ∆Ω is measured. Neither the polarization nor the energy of the

scattered photon are measured. As such the sum can rewritten as

(2.16) dσ= 1
Φ0

∑
λF ,∆Ω,ωF

ΓFI

and given the final photon energy can take any positive value, part of the sum may be further

rewritten in terms of an integral using the following identity

(2.17)
∑
∆Ω,ωF

=α3 V
(2π)3 dΩ

∫ ∞

0
ω2

FdωF

noting that ΓFI sits inside the integral after the identity has been applied. Combining this with
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equation 2.13 and the definition Φ0 = NEM
αV one arrives at

(2.18)
dσ
dΩ

(Q)=α4 | f (Q)|2
∑
λF

∣∣∣ε∗kF ,λF
·εkin,λin

∣∣∣2 .

Noting that α2 = r0, the classical electron radius, and from equation 2.14 f (0)= 1 for scattering

from a single electron with negligible momentum transfer (Thomson Scattering), allows for the

separation of the differential cross section as

(2.19)
dσ
dΩ

(Q)= r2
0

∑
λF

∣∣∣ε∗kF ,λF
·εkin,λin

∣∣∣2 | f (Q)|2 =
(

dσ
dΩ

)
T
| f (Q)|2 .

Here the Thomson differential cross section
(

dσ
dΩ

)
T

is the intrinsic scattering photon-electron

interaction and the form factor contains the information on how the electrons are distributed as

well the dependence on Q. Hence it should now be clear that the quantity measured in an elastic

scattering experiment, the differential cross section, is directly related to the Fourier transform of

the electron density which is dictated by the atomic positions in a molecule or material. Therefore

elastic scattering allows one to indirectly probe the atomic structure of a material.

However, only the magnitude of the form factor is probed in a scattering experiment, all phase

information is lost. To solve the “phase problem” the assumption that the total electron density is

equal to the sum over the atomic electron densities is applied thus allowing the form factor to be

written as

(2.20) f (Q)=
∑

s
fs (Q) eiQ·rs

where fs is the atomic form factor of the sth atom at position rs. This assumption only holds

for sufficiently “heavy” atoms such that the redistribution of valence electrons along chemical

bonds is insignificant. However, where the assumption holds, and if | f (Q)|2 can be measured for

a sufficiently large number of values of Q it is possible to determine the atomic positions rs by

constructing a model diffraction pattern and iteratively refining the atomic positions until the

modelled and experimental patterns match.

Where |Q| is small relative to the inverse of the characteristic size of the atom, i.e. |Q|→ 0,

the atomic electrons scatter in-phase and fs = Z, the number of electrons in the atom. However,

as |Q| increases it becomes possible to resolve the spatial distribution of the electrons and fs → 0

for |Q|→∞ as the scattering becomes progressively out-of-phase. Up until now the electrons have

been considered to be “free” and scattering to be a strictly one photon process. However, most

x-ray scattering experiments are conducted with incident photon energies similar to the discrete

atomic electronic energy levels and therefore one must consider two photon scattering processes

whereby a photon in mode (kin,λin) is absorbed, creating an intermediate state, before a photon

in mode (kF ,λF ) is emitted with a phase shift. The time-reversed process, emission preceding
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absorption, is allowed, but has a negligible effect at x-ray energies. To account for these processes

equation 2.11 must be evaluated to second order with respect to Hint. Maintaining the restriction

on the scattering event to be elastic this has two major effects on the scattering cross section.

Firstly, for incident photons with energy much less than the largest electron binding energies

(K-shell), the scattering is reduced compared to the free electron case by virtue of the K-shell

electrons now being bound and some scattering occurring through the two photon (Rayleigh)

scattering process. The same argument holds to increasing effect for other, lower binding energy,

shells relevant for heavy elements. Secondly, when the incident photon energy is equal to an

allowed electronic transition the denominator in the second term of equation 2.11 vanishes

exactly and the transition rate is singular. This is known as resonance and causes sharp peaks in

the scattering cross section. As resonant scattering is sensitive to specific electronic transitions it

is possible to probe local electronic structure and conduct element specific scattering experiments.

For elastic scattering in the forward direction Q → 0 and all these effects may be accounted for by

modifying fs to include extra dispersive factors so that the dispersive scattering form factor may

be written as

(2.21) f (Q,ωin,εin)= f 0 (Q)+ f ′ (ωin,εin)+ i f ′′ (ωin,εin)

which is now complex allowing for the change in phase caused by a two-photon scattering process

and the dependence on incoming photon energy has been included explicitly. As the dispersive

terms f ′ and f ′′ represent interactions with inner shell electrons which are spatially localised

any Q dependence can be neglected. This contrasts with the Thomson scattering, term f 0, which

is energy independent but does depend on Q as it contains interactions with all atomic electrons

and as such has a spatial extent comparable to the x-ray photon wavelength. Given the dispersive

effects are entirely local they may be exploited to solve the phase problem using a technique

called multi-wavelength anomalous dispersion. From now on f (Q) is assumed to contain the

dispersive components but for readability the incoming energy dependence will not be stated

explicitly.

While it possible to solve for the atomic positions using equation 2.20 it is computationally

taxing for anything but the smallest molecules. However, when investigating a crystalline

material it is possible to leverage the knowledge that a crystal is constructed via the repetition of

identical structural units, unit cells, on a lattice described by the lattice vectors Rn from equation

2.3. Hence, by redefining rs ≡ rn,m to describe the position of atom m in the unit cell n, the

position of any atom is given by rn,m = Rn + rm and the scattering amplitude may be factorised

into two terms as

(2.22) Fcrystal (Q)=
∑

m
fm (Q) eiQ·rm

∑
n

eiQ·Rn

where the first term is the unit cell structure factor and the second sums over all lattice sites.

Inspecting the second term, one can see that it is a sum of phase factors located on the unit
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circle in the complex plane. As such, for any random combination of Q ·Rn the sum tends to zero,

vanishing entirely for a perfect, infinite crystal. The only exception is when

(2.23) Q ·Rn = 2π× integer

for which the sum becomes of order N, the number of unit cells. A unique solution to equation

2.23 may be found by constructing a second lattice, known as the reciprocal lattice. From equation

2.3 the lattice vectors are of the form

(2.24) Rn = n1a1 +n2a2 +n3a3

and the reciprocal lattice vectors are defined as

(2.25) a∗
1 = 2π

a2 ×a3

a1 · (a2 ×a3)
a∗

2 = 2π
a3 ×a1

a1 · (a2 ×a3)
a∗

3 = 2π
a1 ×a2

a1 · (a2 ×a3)

such that any reciprocal lattice position is described by the reciprocal lattice vector

(2.26) G = ha∗
1 +ka∗

2 + la∗
3

where h,k, l are integers known as Miller indices and define the plane parallel to G from which

constructive scattering occurs such that a1
h , a2

k and a3
l define the intercepts of the plane with the

direct basis vectors. The analogous reciprocal space construction of the Winger-Seitz cell is the

first Brillouin zone, defined as the set of points closer to one reciprocal lattice point than any

other. The scalar product between a reciprocal and lattice vector then gives the desired result

(2.27) G ·Rn = 2π (hn1 +kn2 + ln3) .

Therefore Fcrystal (Q) is only non-vanishing when Q coincides with a reciprocal lattice vector such

that the scattering from a ideal crystal is confined to discrete positions in reciprocal space. This

is the Laue condition and may be visualised using a geometrical construction known as the

Ewald Sphere, shown in figure 2.10. Here, the incident wavevector kin is drawn from the origin

to a reciprocal lattice point. Wherever the circle with radius k coincides with another reciprocal

lattice point one can draw the outgoing wavevector kF from the origin. By definition the joining

vector is Q = kin −kF and as any vector that joins two reciprocal lattice points is a reciprocal

lattice vector the Ewald sphere construction shows the condition Q =G geometrically.

By probing a large enough portion of reciprocal space and recording where diffracted intensity

is observed, i.e where the Laue condition is satisfied, it is possible to determine the underlying real

space lattice. Since the scattering event is elastic, both the incoming and outgoing wavevectors

make same angle, θ, with the responsible crystal plane. Therefore, the relation |G| = 2ksinθ

holds and as the spacing in reciprocal space between crystal planes parallel to G is given by

d (hkl)= 2π/ |G| and given that k = 2π/λ the relation

(2.28) 2dhkl sinθ = nλ
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Fig. 2.10 : Example of the Ewald sphere construction with the incoming kin and final kF

wavevectors shown in red and the scattering vector G in blue. Reciprocal lattice points shown as
black spheres, the origin shown as a black circle with central black dot and the Ewald sphere
shown with a dotted black curve.

also holds. This is the well known Bragg condition for constructive scattering where λ is the

incident photon wavelength. As this holds for 2G,3G etc. an integer factor n is included in the

final equation. The spacing d (hkl) may be related to the real space lattice vectors with the

relationship dependant on the crystal lattice. In the orthorhombic case this is

(2.29)
1

dhkl
= h2

a12 + k2

a22 + l2

a32

therefore by measuring θ for a large enough number of reflections with different hkl it is possible

to over-constrain equation 2.29 and a1,2,3 may be solved for via a linear least squared regression

algorithm, discussed in depth in section 3.2.2.

However, this only allows access to information about the lattice, providing no information

about the atomic positions within a unit cell. This information is encoded in the first term of

equation 2.22, the unit cell structure factor. Evaluating this term for a reciprocal lattice vector

gives

(2.30)
∑

m
fm (Ghkl) ei2π(hx+ky+lz)

where the definition rm = xa1 + ya2 + za3 has been employed and x, y, z are unit cell atomic
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coordinates. Considering the simple case of a monatomic bcc crystal, with atoms at (0,0,0) and

(1/2,1/2,1/2), equation 2.30 can be evaluated as

(2.31) f (Ghkl) e0 + f (Ghkl) eiπ(h+k+l)

which is 2 f (Ghkl) for h+k+ l = 2n and vanishes exactly for h+k+ l = 2n+1. So while the Laue

condition is satisfied for odd sums of Miller indices no intensity is observed at these positions for

a bcc crystal because the interference within every unit cell is perfectly destructive, producing a

systematic absence in the diffraction pattern. For more complex unit cells with lower symmetry

and more than one type of atom the intensity modulation is more complicated but is calculated in

identical fashion. Therefore by analysing both where and how much scattered intensity is observed

in a given crystal it is possible to determine both the underlying lattice and the arrangement of

atoms within the each unit cell along with the symmetry operations present i.e. the space group.

Returning to the Laue condition, this also allows the lattice sum term in equation 2.22 to be

rewritten as

(2.32)

∣∣∣∣∣∑
n

eiQ·Rn

∣∣∣∣∣
2

= Nν∗cδ (Q−G)

where the Laue condition is encoded in the δ function and ν∗c is the volume of the unit cell in

reciprocal space. Finally the differential cross section for elastic x-ray scattering from a perfect

crystal can now be written as

(2.33)
(

dσ
dΩ

)
=

(
dσ
dΩ

)
T
|Fuc (Q)|2 Nν∗cδ (Q−G) .

It should now be clear that the differential cross section is a combination of the intrinsic photon-

electron interaction, the underlying lattice and the way the atoms are arranged within each

unit cell. The fact that some of the electrons may be appear bound to the incoming photons is

encoded within dispersive corrections to the atomic structure factor and the dependence on the

number of unit cells, N, means, all other factors being equal, bigger samples always provide

greater scattering intensity.

2.5.2 X-ray Diffraction - Practical Realisation

In the laboratory setting an x-ray beam is commonly produced in an x-ray tube by bombarding a

metal anode, normally Cu or Mo with high energy electrons commonly produced from a tungsten

filament. This produces x-rays via two different mechanisms, depicted in figure 2.11, firstly

the incident electrons are deflected (scattered) by the positive nuclei and are decelerated in

the process. According to Maxwell’s equations an (de)accelerating charge emits electromagnetic

radiation and for high energy electrons the emitted radiation lies in the x-ray regime. This is
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Fig. 2.11 : Diagrams of the two primary x-ray generation mechanism present in an
anode source (left) Bremsstrahlung and (right) florescence. The positively charge nucleus shown
in black, core elections in blue, incoming cathode electron in green and the emitted x-ray photon,
with the corresponding energy relationship, in red. Core shells K through M are shown by solid
black with all corresponding electrons shown. The N level is indicated by a dashed black line but
electrons are not shown for visual clarity.

known as Bremsstrahlung or braking radiation and since the deceleration is not uniform the

emitted radiation has a spectrum of wavelengths which becomes more intense, and a peak that

shifts to higher frequency, with increasing electron energies. As shown in figure 2.12, overlaid on

the broad Bremsstrahlung spectrum is a sharp line spectrum. These are known as characteristic

x-rays and are emitted when, in a collision between the incident electrons and target atoms,

a target core electron is removed from one of the inner shells creating a vacancy that may be

filled by the relaxation of an outershell electron. In a process called fluorescent radiation the

energy difference between the outer and inner shell state is emitted as a photon. The resulting

peaks in emitted intensity are known as transition lines and are named using the Siegbahn

notation convention: Ax# where A = K ,L, M denotes the inner shell into which relaxation occurs;

x =α, β, γ denotes the number of shells traversed in the transition; and #= 1, 2, 3, etc. denotes

the subshell the electron originated from. For most experiments the K transition lines are used

because they are several orders of magnitude more intense than the Bremsstrahlung spectrum.

Where a monochromated beam is required the Kα line is preferred as the more intense of the

two. The two major drawbacks of this method are: firstly, the brilliance achieved is limited by the

cooling efficiency of the anode, this is improved to a point in some modern x-ray tube designs by

using a rotating anode, and secondly, the wavelengths are both discrete and fixed by the energy

difference between the anode energy levels. Both these issues are resolved by modern synchrotron

sources which are discussed in detail in chapter 4.

A general schematic for a 4-circle diffractometer like that used in this thesis is shown in

figure 2.13. The particular scattering geometry used is known as “Bragg-Brentano” and ensures
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Fig. 2.12 : Diagram of a typical x-ray emission spectrum showing both underlying
Bremsstrahlung profile and characteristic Kα and Kβ transition lines. Subshell splitting is
not shown.

that both the divergent and diffracted beams are focused on the goniometer circle. Practically

this is achieved by moving the source and detector by −θ and θ, respectively, which also allows

the sample position to remain fixed. In an ideal focussing arrangement the sample would have

2θ dependant curvature, which is obviously unrealistic, and instead, the sample is normally

assumed to be perfectly flat, adding a small but measurable contribution to the instrumental

broadening. The particular diffractometer used in this work was a Phillips PanAlytical Xpert

Pro equipped with a copper source, the observable spectra for which contains only K transition

lines. This is because, for elements with relatively low atomic numbers, such as copper, the core

energy levels are sufficiently close such that photons from higher shell transitions are totally

absorbed by only a few millimetres of air due to their low energies. The CuKβ background is then

removed with a nickel foil such that the eventual beam contains only Kα lines Kα1 = 1.540598 Å

and Kα2 = 1.544426 Å in a 2 : 1 ratio. A combination of optical components are employed to

ensure the appropriate resolution is achieved. On the divergent side (pre-sample) the beam is

collimated through both fixed soller slits (0.04 radians), that set the axial divergence, improving

both peak shape and symmetry, and a programmable divergence slit setting the beam height and

thus the irradiated length at the sample. An interchangeable brass beam profile mask is also

used to set the axial width of the beam at the sample allowing the accommodation of samples of

various widths. The diffracted beam optics consist of a programmable anti-scatter slit, which by

convention is set equal to the divergence slit, a second set of fixed soller slits, which set the axial
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Fig. 2.13 : Diagram of the 4-circle diffractometer with x-ray optics specific to the Phillips
PanAlytical Xpert Pro model used in this thesis. The 4 axes, 2θ, ω, χ andΦ are marked by bold
black arrows and all major optical units are labelled. The surface normal and the vector that lies
in both the sample and the diffraction plane are shown by black dashed lines. The incoming and
outgoing beam are shown as dashed purple lines, as is the projection of the incoming beam, with
height divergence shown by the shaded purple regions. The bold, black, dashed circle denotes
geometer circle, and the bold, green, dashed circle denotes the focussing circle. When operating in
Bragg-Brentano geometry the source and receiving slit are positioned at the intersections of the
two circles ensuring that all photons diffracted by an angle 2θ from any point along the focussing
circle will arrive at the receiving slit simultaneously.
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Axis Description
ω The angle between the incoming beam and the sample plane
2θ The angle between a projection of the incoming beam and the detector position
Φ A rotation about the surface normal
χ A rotation perpendicular to the diffraction plane
z Sample stage height (non-programmable and only used for alignment)

Table 2.2: Description of the different axes present in a generic 4 circle diffractometer (goniometer)

Scan
Type Description

2θ−ω

The source is rotated by ω and the detector by 2θ with an angular ratio 2 : 1. In
reciprocal space Q moves outwards from in origin, changing in length but with a
fixed direction. This scan can be conducted in symmetric ω= θ or asymmetric ω 6= θ
scattering geometries. In the former Q moves along the specular direction while
the latter allows access to off-specular reflections where the direction is set by an
ω−offset.

ω

The detector remains stationary while the source is rotated in ω - equivalent to
rotating the sample in ω. Q changes in both length and direction as it traces an arc
centred on the origin, perpendicular to the sample plane.

Φ

Both the detector and source remain stationary while the sample is rotated about
the surface normal. Q remains fixed but reciprocal space is brought through Q.
This is equivalent to Q remaining fixed in length but changing direction such as to
sweep an arc centred at the origin, parallel to the sample plane.

Table 2.3: Description of the three major scan types possible with a generic 4 circle diffractometer
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divergence of the diffracted beam, and a programmable receiving slit. The purpose of both the

anti-scatter and receiving slits is to reduce the diffracted height divergence and remove diffusely

scattered x-rays produced from interactions with the air and soller slits, respectively, thereby

improving the signal to noise ratio. As with all optical elements, there is an unavoidable trade

off between improved resolution and photon flux as improved resolution is achieved through

the removal of photons that fail to meet a given criteria. In practice the highest resolution

settings (divergence /anti-scatter slits - 1/32°, receiving slit - 0.1 mm) are only employed for well

characterised and aligned samples where counting time is not a limiting factor. Conversely, for

poorly characterised samples the common starting settings are (divergence /anti-scatter slits -

1/2°, receiving slit - 0.5 mm) which dramatically improves photon flux and thus allows misaligned

reflections to be observed where they may have been missed on higher resolution settings. By

combining the 4 programmable diffractometer parameters, tabulated in table 2.2, it is possible

to perform numerous scans that probe reciprocal space in different ways. The behaviour of the

scattering vector Q for the scan types used in this thesis are depicted in figure 2.14 and also

described in table 2.3. The following discussion will now focus on the information that may be

extracted from each scan type.

In a symmetric scattering geometry, ω = θ, Q lies in the specular direction such that only

the crystallites aligned along this direction are probed. For a truly polycrystalline sample, with

a perfectly random distribution of crystallite orientations, all allowed reflections are observed.

Whereas, in the opposite extreme - a perfect single crystal, only reflections from one family are

observed. Technically speaking ω 6= θ exactly as it is often necessary to add a small ω−offset to

correct for both macroscopic tilts that prevent the sample sitting “flat” as well as any substrate

misscut causing the surface normal and the film specular to be misaligned.

Up to this point the discussion has been restricted to ideal crystals that give Dirac delta

like peaks wherever the Laue conditions are satisfied. However, practically observed diffraction

peaks have a finite width arising from the convolution of numerous broadening factors. The

most important of these are finite instrumental resolution, microstrucral defects and limited size

effects - a reduced length scale in real space is an increased length scale in reciprocal space. In a

symmetric geometry, Q contains no lateral component, so all observed broadening in a symmetric

2θ−ω scan is solely due to vertical effects. Aside from instrumental broadening, vertical strain

or compositional gradients replace dhkl with a distribution dhkl (z) [78]. However, even in the

absence of such effects thin films exhibit intrinsic broadening arising from their finite thickness.

The origins of which are made obvious by considering the diffraction conditions for two extremal

cases. It was shown above that for a infinite bulk crystal scattering is restricted to Dirac delta

functions at reciprocal lattice points. In the opposite extreme, a perfect monolayer, the reduction

in dimensions relaxes this condition to give reciprocal rods perpendicular to the surface. A thin

film is an intermediate case, still three dimensional, but has finite thickness with respect to
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Fig. 2.14 : Diagram showing the change in photon momentum transfer (scattering
vector) for 2θ−ω, ω and 2θ scans for both symmetric and asymmetric scattering geometry.
An initial scattering vector Q is shown in black along with its construction lines (dashed) the
incoming kin and outgoing kF wavevectors (solid). The projection of the incoming wavevector
is also shown as a dashed black line. The reciprocal lattice points are shown as black spheres,
inaccessible regions where the sample blocks the beam are shown in grey and the Ewald sphere
construction is shown as a solid circle. The diffractometer axes ω and 2θ in the scattering plane
are shown explicitly and the out-of-plane axes are indicated in the top left corner. The three scan
types are shown in blue (2θ−ω) green (ω) and red (2θ), respectively.

the penetration depth of the beam. The result is broadening along the specular direction for all

reflections regardless of their position in reciprocal space. It is possible to separate finite size

and gradient effects as the former is independent of the length of Q while the latter has greater

effect further out in reciprocal space, however, in most cases the limited size effects dominate. A

secondary effect of finite thickness is that the lattice sum in equation 2.22 now only extends over

a limited number of unit cells in the vertical direction and the scattered intensity then reads

(2.34) I (Q)∝
∣∣∣F2D (

Q||
)∣∣∣2

∣∣∣∣∣∣
N∑

j=1

ei(Q⊥c j)

∣∣∣∣∣∣
2

where
∣∣F2D (

Q||
)∣∣2 is the in-plane term and N is the number of layers of distance c in the vertical
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direction. The right hand term can be solved [79] analytically to give

(2.35)

∣∣∣∣∣∣
N∑

j=1

ei(Q⊥c j)

∣∣∣∣∣∣
2

= sin
( N

2 Q⊥c
)2

sin
(1

2Q⊥c
)2

which has a maxima of N2 at the Bragg positions Q⊥ = 2nπ
c = nc∗ and vanishes for Q⊥ = 2nπ

Nc

where n is an integer. In a symmetric scattering geometry Q ≡ Q⊥ and one obtains a series

of so-called Laue oscillations either side of the principle reflection with minima separated by

δQ = 2π
Nc [80]. Therefore, the layer spacing c can be determined from the main reflection position

and as the fringe spacing quantifies the number of contributing layers it is trivial to calculate the

film thickness. This argument only for a homogeneous film with well defined thickness so the

presence of strong Laue fringes is also an indicator of sharp interfaces between the substrate

and film or layer-layer interfaces in multilayers. By evaluating equation 2.35 at some small

displacement from the Bragg position it is possible to show the finite thickness induced FWHM is

approximately 0.88/N and that for large N one recovers a Dirac delta function [76].

To access off-specular reflections it is possible to move into an asymmetric scattering geometry

where a ω-offset is applied such that Q no longer lies along the specular. A normal 2θ−ω scan

can then be performed to scan out along any direction in the reciprocal plane. Asymmetric scans

are required when investigating single crystal films for two reasons, firstly a symmetric scan

is not sufficient to prove the single crystalline nature of a sample and secondly, without access

to off-specular reflections, which contain in-plane components, it is not possible to accurately

determine the lattice parameters as the in-plane and out-of-plane strain often differs due to

epitaxial clamping. To understand the first point, consider a preferred orientation film where

all crystallites are aligned vertically but are randomly orientated in-plane. This would present

a qualitatively identical pattern in a symmetric scattering experiment as only the specular

reflections are probed, however, away from the specular there exists non-zero intensity on the arc

of constant |Q| between reciprocal lattice points because for any rotation of the sample there will

be some crystallites aligned with the beam. In contrast, for a true single crystal all the intensity

is concentrated at the reciprocal lattice points. Practically this is achieved by moving Q to a given

off-specular reflection and then performing a Φ scan. By probing both the substrate (buffer) and

the film this also allows both the in-plane epitaxial relationship and the domain structure to be

determined. Consider, for example, a family of reflections with four members that lie above the

sample plane, but eight off-specular reflections are observed in a Φ scan, this shows there are

two domains and the angular relationship between them may subsequently be calculated. Peak

broadening of off-specular reflections is significantly more complex because they contain both

vertical and lateral components. In addition to the vertical broadening factors mentioned above

off-specular widths can contain 2θ−ω contributions from limited lateral size, lateral microstrain

and edge dislocations. Broadening in Φ is attributed to the slight rotational misalignment of

crystallites in-plane, an effect known as mosaic twist.
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The final scan-type used in the thesis is an ω, transverse or rocking scan known as such

because the sample is effectively “rocked” or tilted in the plane of the incoming beam by scanning

through the ω-axis about a Bragg peak. For a perfect crystal all the crystallites are perfectly

aligned so there is a dramatic drop in intensity as Q tilts away from the relevant crystallographic

direction. However, most films grow via a nucleation process where each nucleating crystallite

has no knowledge of the others until they meet so there is no force driving them to be in perfect

registry. Instead there is a distribution of crystallite “tilts” that broaden the ω−axis response.

This is the same mechanism that drives the Φ broadening and together, mosaic tilt and twist,

are known as a sample’s mosaicity, and are a measure of the crystallographic quality of a film,

although the term commonly refers to tilt only. In epitaxial thin films the ω peak is often formed

from two distinct components that arise from ordering on two differing lengthscales, a sharp

Gaussian component and a broad Lorentzian-like component [81]. The sharp component is

attributed to the strong long range orientational order (LROO) present in the lateral dimension

i.e. for a large number of crystallites the orientational variation away from the average value is

small. This is enforced by epitaxial clamping to the substrate or buffer layer which is equally

strong everywhere in the lateral dimension. However there is also short range orientaional order

(SROO) that exists within any given crystallite and is destroyed by the presence of mosaic tilt

between crystallites, this gives rise to the weaker, broad Lorentzian-like component. The total

line shape also changes with film thickness as the relative importance of the two lengthscales

is thickness dependant. With increasing film thickness adjacent crystallites merge, increasing

the lengthscale of SROO and simultaneously destroying the LROO as larger crystallites exhibit

tilts that lie further from the lateral average. The result is that the Lorentzian-like component

narrows and dominates for thicker films.

2.5.3 X-ray diffraction peak profile

To extract physical information from both Bragg and diffuse x-ray peaks, peak fitting was per-

formed using the nonlinear curve fitting tool in OriginLab 2017 [82]. The peak functions used

throughout this thesis are detailed below, where a, A, xc and FWHM are the peak amplitude,

area, centre and full width at half maximum, respectively. The below functions have been rewrit-

ten to highlight the relationships that exist between them however the original versions may

be found at ref. 83 for all apart from the Lorentzian squared function, which can be found at ref. 84.

Gaussian (FWHM Defined)

(2.36)
fG (y0, A, x, xc,w)= A

p
4ln2p
πw

e−
4ln2
w2 (x−xc)2

FWHMG = w
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Lorentzian (Area Defined)

(2.37)
fL (y0, A, x, xc,w)= y0 + A

πw

(
2

1+ ( x−xc
w/2

)2

)

FWHML = w, aL = 2A
πw

Squared Lorentzian (Area Defined)

(2.38)
fL2 (y0, A, x, xc,G)= y0 + A

πG

(
2

1+ ( x−xc
G/2

)2

)2

FWHML2 =
√p

2 −1G, aL2 = 4A
πG

Pseudo Voigt

(2.39)
fP-V (y0, A, x, xc,G)= y0 + A

[
µ

2

πw
(
1+ ( x−xc

w/2
))2 + (

1−µ) p4ln2p
πw

e−
4ln2
w2 (x−xc)2

]
FWHMP-V = w, µ= profile shape factor

Voigt

(2.40)

fV (y0, x)= y0 +
(
f ′L ∗ f ′G

)
(x)

f ′L =
2A
π

w′
L

4(x− xc)2 +w′2
L

, f ′G (x)=
√

4ln2
π

e
− 4x2 ln2

w′2
G

w′
G

fV
(
y0, AV,w′

L,w′
G, x, xc

)= y0 + AV
2ln2
π3/2

w′
L

w′2
G

∫ ∞

−∞
e−t2(p

ln2
w′

L
w′

G

)2
+

(p
4ln2 x−xc

w′
G

− t
)2

dt

FWHML = w′
L, FWHMG = w′

G, FWHMV = 0.5346w′
L +

√
0.2166w′2

L +w′2
G

where fV is given by the convolution of the appropriately normalised Lorentzian and Gaussian

functions fL and fG defined by area. The practice of convolution is useful were there are multiple

broadening factors present in a single diffraction peak. Suppose a peak is broadened by two,

distinct and uncorrelated, physical mechanisms with profiles f (x) and g (x). At a distance ζ from

the peak centre, the contribution to the peak profile is the height of the function f (x) weighted by

the function g (x−ζ) and the resulting profile h (x) is given by

(2.41) h(x)=
∫ ∞

−∞
f (ζ)g(x−ζ)dζ.

and is referred to as the convolution of the two constituent profiles

(2.42) h (x)= ( f ∗h) (x) .

Where the broadening profile of a physical mechanism is unknown it is commonly assumed to be

Gaussian. Now considering two general broadening factors given by the Gaussian functions G1
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and G2 of the form

(2.43) G1/2 (x)= 1
w1/2

√
ln2
π

e
− (x−xc )2 ln2

w2
1/2

where the area normalised gaussian function has been chosen with w denominating the half

width at half maximum (HWHM). Then by evaluating equation 2.41 using the standard result

for a Gaussian integral
∫ ∞
−∞ e−kx2

dx =
√

π
k it can be shown that the convoluted profile G (x)

(2.44) G(x)=G1 (x)∗G2 (x)= 1√
w2

1 +w2
2

√
ln2
π

e
− (x−xc )2 ln2

w2
1+w2

2

from which it is clear that the combined profile given the convolution of two Gaussians is a new

Gaussian. Defining wc to be convoluted HWHM it is also clear that

(2.45) w2
c = w2

1 +w2
2

so uncorrelated, gaussian-like, broadening factors add in quadrature. It is trivial to show that

a factor of 2 cancels such that the same relationship applies to FWHM’s. It can also be shown

that the convolution of two Lorentzians is a new Lorentzian with a convoluted width given by

the linear combination of the constitute widths; lc = l1 + l2. However it is uncommon to model an

unknown broadening factor with a Lorentzian profile.

2.5.4 Reflective High Energy Electron Diffraction (RHEED)

Having defined the Ewald sphere construction, see figure 2.10, it is now possible to describe the

mechanism that underpins the RHEED technique mentioned in section 2.4.2. Considering an

electron beam incident on a perfectly flat, single crystal surface, and assuming the beam is in

grazing incidence such that it only probes the first atomic layer, the relevant reciprocal lattice is

a series of rods as discussed in section 2.5.2. The Ewlad sphere construction for the incoming

electron beam is centred on the sample surface with a radius equal to the magnitude of the

incoming wavevector |ki| =
∣∣2π
λ

∣∣ where λ is the de Broglie wavelength of the incoming electrons. As

the diffraction conditions are satisfied everywhere the Ewald sphere intersects with a reciprocal

lattice rod a series of spots are observed on the phosphorous screen. In addition to the elastically

scattered electrons, some manage to penetrate into the bulk and scatter inelastically from the

thermal atomic vibrations. Where these diffusely scattered electrons satisfy diffraction conditions

bands of intensity that connect Bragg positions, known as Kikuchi lines, are observed and can

give information about the crystal structure of the film. The elastic profile is also modulated by

any deviation from a perfectly flat surface and the type of modulation can be analysed to extract

information on the state of the surface.

It should be clear that a vast amount of quantitative information about the film surface,

growth modes and crystal structure can be extracted from a RHEED pattern providing the system
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is correctly aligned and has ample resolution. For a detailed discussion of both the method and

the plethora of film information that may be obtained the interested reader is directed to ref. 85.

However the primary use of the Bristol RHEED system is to provide an in situ indication of a

film’s crystallinity. Preliminary evidence of a single crystal film is provided by clear diffraction

pattern that varies as the sample is rotated about the surface normal. This is because in a

single crystal sample the reciprocal lattice rods rotate with the sample changing the intersection

points with the Ewald sphere. A strong pattern of diffraction spots alongside streaks may also

be observed in a preferred orientation film, however the pattern remains unchanged when the

sample is rotated. In this case the rotational in-plane disorder of crystallites means that the

observed pattern is an average over all possible in-plane rotations and therefore remains constant

with rotation. Rings of intensity would indicate a polycrystalline film, while the absence of a

pattern is indicative of amorphous deposition, although in practice it is difficult to distinguish

between these two cases using the Bristol RHEED system as the phosphorous screen provides

insufficient contrast.

2.5.5 X-ray Reflectivity

All forms of electromagnetic radiation undergo refraction at the interface between two mediums

of different density. The resulting behaviour is governed by the refractive index of the second

medium, n, which displays resonant behaviour at frequencies corresponding to atomic electronic

transitions. Below resonance n increases with frequency, however past a transition, n decays

dramatically. For each transition passed |n| decreases and as x-ray frequencies greatly exceed the

majority of electronic transitions, n < 1 in the x-ray regime. This allows total external reflection

for incident angles less than the critical angle θc. Given n is only just less than unity, θc is

necessarily very small, often only a few milli-radians and therefore x-ray reflectivity (XRR)

studies start in grazing incidence.

To develop a theoretical framework for XRR, consider a plane wave in a vacuum, eikz, incident

on a slab of material. Inside the material two process may occur, scattering and absorption, and

the wavenumber changes from k in the vacumm to nk in the material. Allowing the refractive

index to be complex

(2.46) n ≡ 1−δ+ iβ

where δ and β are the scattering and absorption terms, respectively. The wave propagating in

the medium may then be written as

(2.47) eiknz = ei(1−δ)kz + e−βkz.

From the definition of amplitude attenuation; after travelling a distance z through a material the

amplitude is attenuated by a factor e−µz/2, it can be seen that β=µ/2k where µ is the attenuation
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Fig. 2.15 : Reflection of plane wave incident on infinite slab with refractive index n =
1−δ+ iβ, from a medium with n = 1, at an angle α. The incident, reflected and transmitted waves
are denoted as ψI, ψR and ψT, respectively, and the transmitted angle is given as α′.

coefficient defined as the distance travelled at which the intensity has decreased by a factor 1/e.

The scattering term is given as

(2.48) δ= 2πρat f 0 (0) r0

k2

where ρat is the atomic density, f 0 (0) is the intrinsic atomic form factor for forward scattering and

r0 is the classical electron radius - see section 2.5.1. Alternatively by accounting for dispersive

factors, equation 2.21, the refractive index may be written as

(2.49) n ≡ 1− 2πρatr0

k2

(
f 0 (0)+ f ′+ i f ′′

)
where the polarization and frequency dependence of the dispersive factors are implicit and

(2.50) β=−
(

2πρatr0

k2

)
f ′′

using the previous definition of β, f ′′ may now be written as

(2.51) f ′′ =−
(

k2

2πρatr0

)
µ

2k
=−

(
k

4πr0

)
σa

and it can be seen that, as stated in section 2.5.1, the absorption cross section, σa, is proportional

to the imaginary part of the dispersive form factor for forward scattering.

Now consider a plane wave, wavevector kI, amplitude aI, incident on an infinite slab of

material at some incident angle α. As shown in figure 2.15 there are two outgoing waves, one

reflected back into the vacuum and one transmitted into the material. Imposing the boundary

conditions that both the wave and its derivative must be continuous at the interface z = 0 the

following equalities may be constructed

aI +aR = aT(2.52)

aIkI +aRkR = aTkT(2.53)
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and given that the vacuum and material wavenumbers are k = |kI| = |kR| and nk = |kT|, k may

be decomposed into components parallel and perpendicular to the surface

|| aIkcosα+aRkcosα= aTnkcosα′(2.54)

⊥ − (aI −aR)ksinα=−aTnksinα′.(2.55)

Combining equations 2.52 and 2.54 one arrives at Snells Law

(2.56) cosα= ncosα′

which explicitly shows the incident and transmitted angles are related through the refractive

index. Given XRR is conducted in grazing incidence both α and α′ are small and the cosines may

be expanded to give

α2 =α′2 +2δ−2iβ

=α′2 +α2
c −2iβ

(2.57)

where the critical angle is obtained when α′ = β = 0 since there is no transmitted wave and

αc =
p

2δ .

The second major set of equations, the Fresnel equations, are derived by combining equation

2.52 and the projection perpendicular to the surface, 2.55 to give

(2.58)
aI −aR

aI +aR
= n

sinα′

sinα
u
α′

α

from which the Fresnel equations may be written as

(2.59) r ≡ aR

aI
= α−α′

α+α′ ; t ≡ aT

aI
= 2α
α+α′

where the amplitude reflectivity r and transmittivity t have been introduced. As in scattering

experiments what is actually measured is reflected intensity which is the absolute square of the

amplitude, |r|2 = R. The penetration depth may also be determined by noting that the transmitted

wave decays with increasing depth as

(2.60) aTeikα′z = aTeikz·Re(α′)e−kz·Im(α′)

where α′ has been decomposed into its real and imaginary components and the penetration depth

is given as

(2.61) ∆= 1
2kIm (α′)

At this point it is useful to recast the problem using normalised units. Taking the wavevector

transfer to be Q ≡ 2ksinαu 2kα the following dimensionless units may be defined

(2.62) q ≡ Q
Qc

u
(

2k
Qc

)
α and q′ ≡ Q′

Qc
u

(
2k
Qc

)
α′.
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Fig. 2.16 : Example x-ray reflectivity profiles from an infinity thick, ideal, slab of Nb
(dashed black curve) and an ideal, 100 Å film of Nb on an ideal, infinity thick, sapphire substrate
(red curve).

Rewriting the major equations in these units the following relations may be obtained

Snells law Reflectivity Transmittivity Penetration Depth
q2 = q′2 +1−2ibµ r (q)= q−q′

q+q′ t (q)= 2q
q+q′ ∆= 1

QcIm(q′)

where bµ = 2k
Q2

c
µ. Then by considering the three limiting cases below, above and at the critical

angle which equate to q À 1, q ¿ 1 and q = 1 with bµ¿ 1 in all cases one can see that

q À 1 Snells law gives Re
(
q′) u 1 and Im

(
q′) u bµ

q . Rewriting the reflectivity as r (q) =(
q2 − q′2

)
/
(
q+ q′)2 in this limit r (q)u (2q)−2 and t (q)u 1 i.e. the reflected and incident

wave are in phase and almost complete transmission occurs with a penetration depth of
αµ−1. The reflected intensity falls like the absolute square of the reflectivity u (2q)−4.

q ¿ 1 Now q′ is almost completely imaginary, Im
(
q′) u 1 and r (q) u −1, so that the re-

flected and incident waves are out of phase. In this case the transmitted wave is a
weak evanescent wave that propagates along the surface. The penetration depth is
independent of α for α¿αc and is given by 1/Qc.

q = 1 Snells law gives q′ = √
bµ (1+ i) and the penetration depth increases sharply from

1/Qc to 1/Qc
√

bµ . Since bµ ¿ 1 r (q) u 1 and the reflected and incident waves move
to being in phase. This is also the position of maximum amplitude for the evanescent
wave, roughly double that of the incident wave.
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Fig. 2.17 : Depiction of the first multi-reflection term for an ideal film atop an ideal,
infinite substrate where the external environment (0) is assumed to have n = 1 and both the
film (1) and substrate (2) have n < 1 and n1 6= n2. The film thickness is indicated by ∆, the beam
path shown in red and the three reflection/transmission events are labelled and circled in dashed
black.

Plotting the reflected intensity as a continuous function of q, shown as a black dashed curve in

figure 2.16, it is clear that the three limiting cases combine to produce the distinctive profile of

an x-ray reflectivity curve.

Now consider a slab of finite thickness on an infinite substrate, it is obvious that the number

of possible reflections is now infinite. As an example, the first multi-reflection term, which is

shown in figure 2.17, consists of partial transmission at the upper interface t01, followed by

partial reflection at the lower interface r12 and finally a second partial transmission at the upper

interface but in the oppose direction t10. This multi-reflection term will contribute to the total

intensity but with a phase difference given by p2 = eiQ∆ where ∆ is the finite layer thickness.

Accounting for all possible multi-reflection terms the total amplitude reflectivity is

(2.63) r = r01 + t01t10r12 p2
∞∑

m=0

(
r10r12 p2)m

noting the general geometric series may be evaluating as
∑∞

m=0 xn = 1
1−x and, from the Fresnel

equations, r01 =−r10 and t01t10 = 1− r2
01, the expression for r can be simplified as

(2.64) r = r01 + r12 p2

1+ r01r12 p2 .

Plotting |r|2 as a function of Q, shown as a red curve in figure 2.16, it is clear that the characteristic

(2q)−4 behaviour of an infinite slab is modulated by an oscillatory pattern. These oscillations

are known as Keissig Fringes and arise from interference between waves reflected from the

upper and lower interfaces with the relevant angularly dependant phase shift. Wherever the

interference is constructive (destructive) one observes local maxima (minima) in the reflected

intensity. Therefore the period of oscillation, ∆Q
(
Å−1)

, is explicitly related to the film thickness,

∆, which may be extracted as ∆
(
Å

)= 2π/∆Q. Equation 2.64 can be expanded to cover a generic
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Fig. 2.18 : Example x-ray reflectivity profile for an ideal multi-layer film highlighting
the beat and envelope pattern, identified by the subscript b and e, respectively. The particular
example shown is a 50 Å Nb layer atop a 300 Å U layer, atop an infinite sapphire substrate, with
all interfaces assumed to be ideal.

multilayer structure atop an infinite substrate using a recursive method developed by Parratt

[86]. The method considers a multilayer as a series of sub-stacks with a top, intermediate and

bottom layers denoted as layers a, b and c, respectively. The reflectivity from the top of layer a is

then given as

(2.65) ra,b,c =
r′ab + rbc p2

b

1+ r′abrbc p2
b

.

where pb = ei∆bQb and the prime denotes a reflectivity amplitude that does not include multiple

scattering effects. Applying this formula recursively, starting at the substrate interface, for which

there are obviously no multiple scattering effects as the substrate is infinite, up through the

entire stack, the total reflectivity amplitude from the sample surface can be found. In a multilayer

system where the layers have different thickness the oscillatory modulation of Keissig fringes is

significantly more complex. In the simplest case, two layers with significantly different thickness,

one observes a beat and envelope pattern where the thin layer provides a long period modulation

- the envelope, within which the thick layer provides a short period modulation - the beat. An

example of such a pattern is shown in figure 2.18.

Up until this point all interfaces have been considered to be both perfectly flat and sharp,

however this is rarely true in a real sample. As a result of the energetic nature of the sputtering
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process there is often a finite amount of interdiffusion between adjacent layers such that the

electron density changes smoothly with a finite gradient. There is also likely to be some level of

interfacial roughness between layers. The first situation is accounted for by taking the product of

the reflected intensity from an ideal multilayer, RI (Q), and a factor describing a smooth change

in electron density through the interface. This factor is constructed by summing the contributions

from an infinite number of infinitesimally thin layers, accounting for the phase change at each

stage. The total reflected intensity is then written as

(2.66) R (Q)= RI (Q)
∣∣∣∣∫ ∞

−∞

(
d f (z)

dz
eiQzdz

)∣∣∣∣2
where f (z) is a function that describes the electron density profile of the interface [76]. The

entire right hand term may be interpreted as the absolute square of the Fourier transform of the

normalized density gradient across the interface. This may be exploited by choosing f (z) to be

the error function as the derivative of an error function is a Gaussian and the Fourier transform

of a Gaussian is another gaussian such that the total reflected intensity may be written as

(2.67) R (Q)= RI (Q) e−Q2σ2

where σ is a measure of the width of the interfacial region.

Providing the height fluctuations at each position are uncorrelated, interfacial roughness

may thought of as an average thickness distribution in z [76]. The interfacial roughness between

layers j and j+1 may then be modelled by varying the refractive index [87] as

(2.68) nj, j+1 (z)= nj +
(
nj+1 −nj

)
g

(
z,σj

)
.

As with f (z), the thickness distribution function g (z) may be any function however is commonly

chosen as a Gaussian with σj representing the root mean square (RMS) roughness. Following the

same procedure as before the total reflected intensity is found to be

(2.69) R (Q)= RI (Q) e−Q2σ2
j .

This is the limiting case of the more general analysis inclusive of correlated height fluctuations

which is treated in refs. 88 and 89. By comparing equations 2.67 and 2.69 it should be clear that

through XRR alone it is very difficult to distinguish the nature of the interfacial non-ideality,

however both serve to reduce the reflected intensity, as exemplified in figure 2.19.

Finally it is worth noting the relationship between Laue oscillations and Kiessig fringes.

Both exhibit a periodicity that is explicitly related to the film thickness ∆Q = (2π
∆

)
Kiessig

= ( 2π
Na

)
Laue

.

However there is an important distinction; Laue oscillations emerge directly from crystalline

order while Kiessig fringes only require the presence of multiple interfaces. As shown above,

this makes Keissig fringes a sensitive probe of interfacial properties such as roughness but they

are insensitive to film crystallinity so are present in both single crystal and amorphous films.
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Fig. 2.19 : Example x-ray reflectivity profiles for varied interface non-ideality where
the air-film interface roughness (σ) is progressively increased for the red (0 Å), blue (5 Å) and
green (10 Å) profiles. The system was a (100 Å) Nb film atop an infinite sapphire substrate, as
shown in figure 2.16, and the film-substrate interface was kept ideal σ′ = (0 Å).

Conversely, Laue fringes are only weakly dependant on interfacial properties but extremely

sensitive to crystalline disorder. This is because they are probing slightly different phenomena,

Keissig fringes are a direct probe of film thickness whereas Laue oscillations are actually probing

the length over which crystalline order exists perpendicular to the sample surface.

2.5.6 XRR - Practical Realisation

Practically an XRR study is performed by conducting a symmetric 2θ−ω scan in grazing in-

cidence, a common range in 2θ would be 0.2−12°, for most samples the reflected intensity is

indistinguishable from the background beyond this range. The films produced by the Bristol

deposition system are often of very high quality, normally with surface roughness on the order

of Å’s, thus the reflected intensity at low angles is often close to the theoretical maximum. So

as not to saturate or even damage the detector the first portion of the scan is often conducted

with a copper attenuator in place to reduce the incoming intensity. To obtain maximum signal

to noise at higher angles this is removed for the latter portion and the two data sets are scaled

and stitched together. As the attenuator is placed prior to the divergent optics there is negligible

effect on the resolution. Like any other scan an XRR study can be conducted on a synchrotron

source, with all the normal benefits of increased flux and resolution, however such studies were

not performed as part of this thesis.
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The primary use of XRR within this thesis is to accurately measure film thickness of calibra-

tion samples to determine the sputtering rate of each material. The data were first normalised

and converted into units of Q
(
Å−1

)
before being analysed in the GenX analysis suite [90]. Within

the XRR add-on a model sample can be constructed as series of layers, each described by chemical

composition, layer density
(
atoms Å−3

)
, surface RMS roughness and layer thickness, that sit atop

an infinite substrate that may also be customised by the first three parameters. An instrument

model is also included where the major inputs are photon wavelength, instrument resolution,

factors for the maximum intensity and background as well as both beam size and shape. Based

on the input chemical compositions and incident wavelength (and probe - it is possible to sim-

ulate neutron reflectivity although this feature was never used), the relevant form factors are

retrieved from an inbuilt library. Taking all this information, the program generates a theoretical

reflectivity profile using the Parratt recursive technique described previously with an additional

step to account for non-ideal interfaces. It should be noted that the program makes no attempt

to distinguish rough from diffuse interfaces, instead all non-ideality is packaged into one factor

σ. The calculated profiles are then fit to the data using a differential evolution algorithm. The

program allows all parameters to be fit simultaneously, however in attempting to optimize this

many free variables, any fitting algorithm is prone to finding significant, often unphysical, local

minima. In an effort to avoid this, most variables are kept fixed with usually only the layer

thickness and roughness allowed to vary. Occasionally other parameters such as layer density

or instrument resolution may need to be varied to account for an oxidized surface or alignment

issues however this is rare and should be done carefully to ensure the results are realistic. All

fits performed in this thesis were optimized with the simplex best bin method and a LogR1 figure

of merit as this the best combination to avoid local minima.

To ensure adequate signal in the inelastic x-ray scattering studies, detailed in chapter 9,

the majority of the “experimental” films grown for this thesis are thicker than average, roughly

3000 Å. For most materials, when total film thickness exceeds 1000 Å the penetration depth is not

sufficient for the bottommost interface to contribute to the observed reflected intensity, and the

oscillation frequency for thick layers is often too high to be resolved. Instead, the film thickness

was assessed via contact profilometry, using a Dektak Surface Profiler housed in the Bristol

Physics class-1000 cleanroom with a 2 µm stylus tip diameter and a vertical resolution of 4 Å.

Briefly, contact profilometry works by moving a stylus across the sample surface with a specified

contact force and measuring the height variation of the stylus. This allows both the RMS surface

roughness and film thickness to be determined. The former is calculated by averaging height

variation over a suitable lateral distance while the latter requires a small portion of the substrate

to be uncoated, so by scanning from the uncoated section onto the film, the film thickness is

given by the height difference between the two plateau’s. Luckily the Mo clips used to hold the

substrate in place also mask two corners of the film during deposition providing the ideal case to

measure film thickness with profilometry.
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3
THIN FILM DESIGN AND RESULTS OF LABORATORY SOURCE

CHARACTERISATION

With the relevant theoretical experimental considerations established, the eventual γs-UMo film

design will now be presented and discussed along with substantial characterisation results for all

major samples. Through which, the potential effectiveness of epitaxial matching as a substitute

for rapid cooling will be assessed. Regarding the samples themselves, this thesis focuses on two

separate sets of γs-UMo films. The first are of nominal alloy layer thickness 70 nm and are 4

quarters (sisters) of one film, SN1106. These will be referred to as the “thin” samples. The second

set are nominal alloy layer thickness 300 nm and are three separate films, SN1350, SN1351 and

SN1354. These will be referred to as the “thick” samples.

3.1 Uranium-Molybdenum Thin Film Design

The film design used throughout this thesis is a substantial refinement on the work by Adamska

et al. [91] and is shown schematically in figure 3.1. Firstly, an epitaxial
[
11̄0

]
Nb buffer was

deposited onto commercially procured 1 cm2 a-plane sapphire substrates at 600 °C. This epitaxial

match is well documented [92] and produces high quality, single domain,
[
11̄0

]
Nb layers which

act as both a chemical buffer, protecting oxygen diffusing from the sapphire substrate into the

uranium layer, and as an epitaxial match to γ-U. The buffer layer thickness was nominally

160 Å and 200 Å for the thin and thick samples, respectively. The alloy layer was then formed

by uranium-molybdenum co-deposition at 800 °C where the alloy composition was tuned by

adjusting the relative sputtering rates of each material as described in the previous chapter.

Finally, all films were capped at room temperature with polycrystalline Nb to prevent oxidation.

Cap thickness’s were nominally 150 Å for SN1351/4, 100 Å for SN1350 and 65 Å for SN1106.
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Fig. 3.1 : Film design schematic with layers labelled, thickness’s of each layer are discussed
in the text.

All nominal thickness’s were determined from XRR profiles of calibration samples for each

sputtering target using the methods explained in section 2.5.6. Example fitted calibration XRR

profiles, with their respective rates, are shown in figure 3.2 (a-c). Of all the samples, only SN1106

lies below the XRR thickness limit described in chapter 2, and only by a small amount. The

resulting profile is shown in figure 3.2 (d). Given the total film thickness, the flux received

from both the U-buffer and buffer-substrate interface are consequently low making it difficult to

confidently fit the profile. However, the fitted thickness’s are generally in good agreement with the

nominal values. For the thick samples, further studies were performed using surface profilometry

as described in section 2.5.6. The raw profiles are shown in appendix B from which total film

thickness’s of 0.305 µm, 0.303 µm and 0.312 µm were determined for SN1350, SN1351 and

SN1354, respectively. The discrepancy in film thickness may be explained by the change in total

alloy sputtering rate, for which attempts to correct for were made using a linear relationship,

however, as sputtering is a complex process, it is not surprising that this method was only

partially successful. It should be noted that for all the major studies performed in this thesis, the

exact thickness of the individual layers are inconsequential to the results.

3.2 Laboratory Source Characterisation

3.2.1 Symmetric Scans

Significant crystallographic characterisation was performed on all samples. Firstly, symmetric,

radial scans were performed on all four films, shown in figure 3.3. Not counting Kα/β separately,

5 peaks are identified in each scan. The third, fourth and fifth peaks are identified as the;

γ-UMo(11̄0), Al2O3(112̄0) and Nb(11̄0) reflections, respectively. Importantly there is no evidence

for any of the α-uranium triplet, {(110)/(021)/(002)}, which one would expect to be observed at

34.93, 35.52 and 36.23 degrees 2θ, respectively, indicating that a single phase γ-UMo system has

been successfully stabilised. It is also clear that, starting from SN1354 and moving through the
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(a)

(b)

(c)

(d)

Fig. 3.2 : Fitted XRR profiles for: (a) Nb, (b) Mo, (c) U calibration films and (d) “thin sample”
SN1106. Raw data are shown as open black circles with attached error bars and are normalised
to unity at the respective critical angle. Fitted profiles generated by GenX are shown as a solid
red curves. Calculated rates for each calibration are shown in the top right-hand corner.
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Fig. 3.3 : Symmetric radial scans for all four systems with scan identity noted on the
right-hand side. All traces are normalised to unity against the respective substrate Kα reflections,
plotted on a log scale and vertically offset from each other for visual clarity. Observed reflections,
discussed in the text, are marked with Roman numerals: I and II - unidentified impurities, III -
γ-UMo(11̄0), IV - Al2O3(112̄0) and V - Nb(11̄0).

samples, the γ-UMo reflection shifts progressively to higher 2θ, indicating a decreasing lattice

parameter consistent with increased Mo percentage. Note that the γ-UMo(11̄0) reflection was fit

using a “zoomed” region to reduce the number of free parameters, these are shown in appendix A.

A similar dependence on alloy content is observed in the first peak and as such it is speculated

that this arises from a small crystalline impurity containing either U, Mo or both however no

suitable structure was found. One possibility is that the peak arises from a U-Mo-O oxide of some

form, most likely localised to the edges of the sample, however, given it has intensity four orders

of magnitude lower than the γ-UMo(11̄0) reflection this is considered to be within acceptable

impurity levels. The second peak is also identified as an impurity, however the relative sharpness

and consistent position for all samples indicates it is most likely a low concentration crystalline

impurity in the sapphire substrate and can be ignored. The Nb reflection position is also observed

to vary slightly between samples, this likely results from the variation in epitaxial strain present,

both from the alloy layer, whose lattice parameter varies across samples, and from the substrate,

an effect that diminishes with increasing buffer thickness, an effect known as “lattice parameter
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Fig. 3.4 : Symmetric transverse scans for all four systems across the γ-UMo(11̄0) with
identity noted on the right-hand side. All traces are normalised to unity with ω zeroed at the
peak centre and are offset from each other for visual clarity. Raw data are shown as open circles
with error smaller than the point size in all cases. Gaussian and Lorentzian-like (modelled using
a psuedo-voigt profile) fitted curves are shown as red and green lines, respectively with the
corresponding FWHM’s (Γ) noted on the left-hand side.

relaxation”. It should be noted that there does exist a small instrumental error in 2θ as evidenced

by the slight discrepancy between substrate peak positions, however this error never exceeded

4×10−3 degrees and was not corrected for as it was not obvious how to apply the same correction

to the off-specular reflections discussed below.

Finally, Laue oscillations are observed from the Nb buffer in all four samples, and for the

alloy layer in the thin sample. Firstly, their presence indicates the lattice planes in the relevant

layers exhibit strong coherence in the specular direction, and that the relevant interfaces are

sufficiently sharp. However, it can also be seen that the Nb (long period) oscillations clearly vary

between samples. Note that the Nb cap doesn’t contribute to the oscillatory behaviour as it is

polycrystalline, confirmed by lack of RHEED pattern, and therefore doesn’t exhibit the required

correlations in the specular direction. The principle and first order Nb oscillations were fitted in

isolation, shown in appendix A, from which correlated thickness’s of 239±3 Å, 176±8 Å, 156±1 Å

and 249±7 Å were determined for SN1354, SN1106, SN1351 and SN1350, respectively. The value
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found for SN1106 is similar to the nominal value of 160 Å and the difference could be explained

by the inaccuracy arising from fitting only the first order oscillation and not accounting the fact

that the Nb reflections lie in the tail of the substrate peak. Regardless of the accuracy of the

method, there clearly exits large relative differences between the apparent buffer thickness in

the thick sample set, all of which were grown for 334 s and should have nominal thickness’s of

200 Å. It is therefore clear, that while the thick sample set were grown almost sequentially, thus

with minimal target evolution, the Nb rate appears to have been highly variable. This is unusual,

however no alternative explanation can be offered.

Symmetric transverse scans (rocking curves) across the γ-UMo(11̄0) were also collected for all

films. A clear two component structure is observed in the thin sample with a corresponding mosaic

tilt of 0.0303±2×10−4 determined from the Gaussian FWHM. The two component structure

is preserved for SN1350 but is not present in SN1351 or SN1354 as the Gaussian component

undergoes significant broadening, indicating a dramatic increase in crystallite tilt. As should

be expected from the discussion provided in section 2.5.2, the observed trend is coincident with

increasing alloy layer thickness determined from profilometry measurements, although the

similarity in mosaic tilt between SN1106 and SN1350 is unexpected. However, as the Lorentzian-

like component dominates for all three thick samples, thus indicating dramatically increased

crystallite size, this likely serves as a better indicator of film quality for the thicker samples.

3.2.2 Asymmetric Scans

To assess the single crystalline nature of the films, it is necessary to conduct asymmetric scans in

order to access off-specular reflections. To start, asymmetric Φ scans were conducting on both the

Nb buffer and alloy layer, typical examples of which are shown in figure 3.5. From these scans

it is possible to confidently make a number of assertions. Firstly, as discussed in section 2.5.2,

both the buffer and alloy must be single crystals otherwise the off-specular intensity would not

be concentrated into sharp peaks. Secondly, by comparing the multiplicity of the relevant family

of reflection with the number of observed peaks the number of domains can be determined. The

{211} has a multiplicity of 8, however 4 reflections are inaccessible as they lie below the sample

plane, therefore it can be confidently asserted that the films are not only single crystal, but also

single domain. Thirdly, by comparing the Φ positions of the alloy and Nb buffer for the identical

family of reflections the in-plane orientational relationship between the two may be determined.

This combined with the specular information uniquely defines the epitaxial relationship between

the two. It is clear from figure 3.5 that the {211} family of reflections are coincident and the

in-plane relationship is “cube on cube”. The full epitaxial relationship is therefore given as(
11̄0

)
Nb ||

(
11̄0

)
UMo ; [001]Nb || [001]UMo. Finally, by taking the projection of the reciprocal lattice

vector onto the sample plane it is possible to calculate the ideal Φ relations between different

reflections, both inter and intra family. By comparing the ideal relations with those observed it
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Fig. 3.5 : Φ scan of the observable {211} reflections for both the alloy layer (red) and the
Nb buffer (blue). All reflections are normalised to units and errors are smaller than the points in
all cases. Alloy scans were conducted are significantly greater resolution compared to Nb buffer
scans.

is possible to test if the unit cell angles α,β and γ are consistent with the expected value or if

either unit cell has been distorted due to epitaxial strain. All off-specular reflections observed in

all films were in good agreement with nominal values for α=β= γ= 90°.

To accurately determine the film lattice parameters, the specular peak alone is insufficient.

Allowing orthorhombic freedom the lattice plane spacing is given by equation 2.29, reprinted

here as,

(3.1)
1

d2
hkl

= h2

a2 + k2

b2 + l2

c2

for which the lattice parameters a, b and c are unknowns. For the films in this thesis the

epitaxial match defines a and b as the out-of-plane parameters and c as the in-plane parameter.

This problem is minimally defined by the set of three simultaneous equations for reflections from

three independent families where at least one equation has a non-zero entry for each of h, k, l. To

improve the accuracy of this method, many more reflections are observed to create an over-defined

system from which a, b and c may be solved for via a linear least squares regression algorithm.

Initially, 14 reflections were recorded for the thin sample from the families {1,1,0}, {2,1,1}, {2,2,2},

{3,1,0}, {3,2,1} and 24 reflections recorded for the thick samples, the extra reflections coming

from the {2,1,3}, {3,1,2} and {4,0,0} families. The extra reflections were subsequently recorded
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Fig. 3.6 : Asymmetric radial scans of the {22̄2} reflections for all four systems vertically
offset for visual clarity. Sample numbers are shown on the left-hand side, open black circles show
raw data with corresponding error bars and green (red) curves show voigt fits for the Kα (Kβ)
reflections.

for the thin sample in second experimental session. Representative asymmetric radial scans are

shown in figure 3.6 and the linear least squared regression results are shown in table 3.1.

It is clear that assessing a greater number of reflections highlights that the true value of the

in-plane parameter is larger than would have otherwise been determined. The improved accuracy

arises because the extra families {2,1,3} and {3,1,2} both have substantial l components thus

increasing the overall dependence on c and the two members of the {4,0,0} family depend only on

either a or b thus providing a direct probe of these parameters. However this is not considered

to represent a meaningful deviation from c /aγ = 1 and is actually in the opposing direction to

that which distinguishes the γo from the γs phase. Instead the effect is explained by a small level

of epitaxial strain in all samples, the directionality of which is evidenced by good agreement

between out-of-plane parameters and divergence with the in-plane parameter. This indicates

the strain manifests in a contraction of the [110] and consequential expansion of the [001], both

of which lie in-plane but appear to be clamped to the buffer to differing degrees. This may be
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Specular 14 Reflections 24 Reflections
Sample

Identifier (Mo
Current)

at.% Mo Fitted a,b, c
(Å) a0 (Å)

Unit Cell
Distortion

(%)
at.% Mo Fitted a,b, c

(Å) a0 (Å)
Unit Cell

Distortion
(%)

at.% Mo

SN1106 (0.033 A) 22.9
3.411±0.002

3.420±0.002 0.5±0.1 19±1.0
3.425±0.005

3.431±0.003 0.4±0.2 16±1.23.413±0.002 3.424±0.005
3.428±0.003 3.437±0.004

SN1354 (0.03 A) 22.8
3.413±0.001

3.425±0.001 0.72±0.07 17.7±0.9
3.414±0.001

3.427±0.001 0.81±0.05 17.2±0.93.413±0.001 3.413±0.001
3.438±0.002 3.441±0.002

SN1351 (0.047 A) 29.4
3.395±0.001

3.403±0.002 0.5±0.1 25±1.1
3.399±0.002

3.408±0.002 0.5±0.1 23±1.13.396±0.001 3.398±0.002
3.411±0.003 3.417±0.003

SN1350 (0.078 A) 34.8
3.3748±0.0009

3.380±0.001 0.31±0.09 32±1.2
3.377±0.001

3.384±0.001 0.43±0.08 31±1.23.3745±0.0007 3.376±0.001
3.385±0.003 3.391±0.002

Table 3.1: Parameters obtained from linear least squared regression analysis of 2θ positions for all systems. Errors shown are fully
propagated for all values and a0 is the relaxed latter parameter as discussed in the text.
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Fig. 3.7 : An “as-quenched” metastable phase diagram for the U-Mo system with the
samples discussed in this thesis included. Molybdenum content (at.% Mo) was determined
from the relaxed lattice parameter (a0) using the empirical fit given by the equation in the top
left-hand corner (red line) to the data from Dwight [55] (open circles). 300 nm and 70 nm films are
shown as blue and green solid points, respectively. ∆a0 is smaller than the point size in all cases
however due to uncertainty in the empirical fit the eventual errors in at.% Mo are not, these are
shown with coloured error bars. α, γ and phase separation fields are highlighted in red, white
and blue, respectively. The first two contain all metastable phases with the indicated parent
structure. The latter contains metastable γs along with εMo and γ′ - the tetragonal compound
U2Mo. For more details on the metastable structures please refer to section 2.2.2.2.

understood intuitively by considering the Nb atomic density along these directions, which is

significantly greater along the [110] compared to the [001]. As a result the interfacial alloy atoms

along the [110] and [001] sit within narrow and broad potential wells, respectively. A narrow well

efficiently clamps the overlayer lattice parameter while a broad well has a lower energy cost in

mismatching parameters thus allowing an atomic volume preserving (or partially preserving)

distortion. Regardless of the mechanism, a “relaxed lattice parameter” may be calculated by

noting that in the fully relaxed, cubic state |[001]| =
∣∣[110]/

p
2

∣∣ and so, assuming a constant unit

cell volume, the relaxed parameter may be found by taking a simple numerical average of the

two lengths in the unrelaxed state and is given as

(3.2) a0 =
√

|a|2+|b|2
2 +|c|

2
.
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Fig. 3.8 : Percentage difference between |c| and
∣∣aavg

∣∣ as a function of alloy content.
Red (blue) open circles correspond to the thick (thin) samples with values and corresponding
errors derived from those shown in table 3.1. The red dashed line is a spline curve intended as a
guide to the eye.

This parameter is then used to calculate the Mo content using the empirical curve determined

by Dwight as shown in figure 3.7, from which it is clear that the sample sets investigated in

this thesis span a substantial portion of the metastable γ phase region with only the lowest Mo

contents unrepresented. Also note that, while the trend in alloy content indicated by the specular

reflections was almost correct, the final values are rather different. Only using specular reflections

to determine the alloy content would have led to a large overestimation. This is particularly true

for the 70 nm sample for which the extra, high l component, reflections have sufficient impact on

the fitted values for the 14 reflection prediction to also be a notable overestimation. These data

should however be treated with the appropriate level of caution as, unlike the “thick” sample set,

the extra reflections for SN1106 were collected in a separate experimental session resulting in

increased errors in the calculated values.

Finally, assessing the magnitude of unit cell distortion, figure 3.8 clearly shows that the dis-

tortion decreases for increasing Mo percentage. This should be expected, as the lattice parameter

decrease associated with greater Mo content reduces the lattice mismatch between the alloy

overlayer and the Nb buffer. It is also apparent that the thin sample has substantially lower
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distortion compared to the trend line even accounting for the substantial uncertainty in the

reported value. This is likely a manifestation of a phenomena known as relaxation whereby the

film is most efficiently clamped, and thus experiences the greatest strain, at the lower interface.

As the film thickness is increased subsequent layers are subject to an ever decreasing strain,

and as such, the lattice parameters are allowed to relax towards a lower energy state. However,

as stated previously, the difference in atomic density between the [001] and [110] directions at

the the buffer interface results in anisotropic epitaxial clamping. This allows the c parameter

to relax faster with increased thickness when compared to the a/b parameters leading to the

increased distortion observed in the thicker samples. This observation is thus a indirect probe of

the strain gradient within the films which can not be probed directly as x-ray diffraction is an

averaged technique. Obviously this also means the reported distortions are an average over the

entire film thickness, the film is assumed to be closer to truly cubic at the buffer interface where

the epitaxial clamping is strongest.

3.3 Discussion and Conclusions

This chapter has shown significant development and refinement of the previous epitaxial design

used to stabilise the metastable γs-UMo system, and in doing so, demonstrated the effectiveness

of epitaxial matching as a substitute stabilising force in place of rapid cooling techniques. The

refined design has then been used to extend the system over the range 16−31 at.% Mo, spanning

a large proportion of the metastable γ phase with alloy concentration determined through a

rigorous x-ray diffraction procedure that also accounts for the effects of epitaxial strain. Extensive

x-ray characterisation was performed on all samples, through which, the full epitaxial relationship

was determined and it was concluded that, in general, the films were of high crystalline quality.

Further analysis was also conducted, exploring which the dependence of crystalline quality on

both alloy content and film thickness.

One further point of significance not discussed so far, is the fact that a lower alloy content

“thick” sample was attempted with a Mo deposition current of 0.018 A, however, preliminary

phase analysis indicated the system was most likely polycrystalline α-uranium with no evidence

of γ phase reflections. Given the focus of this thesis lies in the γ phase no further analysis was

conducted to determine whether the system was stable α, one of the two metastable α phases, or

a mixture thereof. Also, as the resulting film was not γs, the procedure developed to determine

alloy content was inapplicable, and thus it is not possible to determine precisely as to which

side of the α/γ phase metastable boundary the system exists. However, assuming the linear

relationship between deposition current and alloy content holds, within a single sample growth

campaign, to low currents, this would imply an alloy concentration of 14±1.6 at.% Mo i.e. a

γ phase system. Although it should be noted that the linear scaling cannot hold for all currents

as fitting the observed currents and corresponding alloy concentrations for the “thick” sample set
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provides a non-zero intercept which is obviously non-physical. Furthermore, if the preliminary

α-U assessment also holds, this would indicate that, in contrast with quenching methods where

it is common to obtain a mixture of metastable and stable phases for certain choices of starting

content and quench speeds, epitaxial synthesis methods are binary in their “success” or “failure”

i.e. one either obtains a successfully stabilised metastable system or full decomposition into the

stable parent phases. This hypothesis may be explained intuitively by comparing the primary

stabilising forces present in each method. If a successful match is not achieved in the epitaxial

method there is no stabilising force to prevent full decomposition. This contrasts with quenching

methods, where, even at lower quenching speeds, there is a finite stabilising force that favours

the production of sequentially more α-like metastable phases.

Investigating such decomposition relations could be of some small interest, however the more

scientifically fruitful endeavour is envisaged to be the identification and testing of potential

epitaxial matches for the other metastable phases. This would greatly expand the suite of

experimental probes that may be brought to bear on the other metastable phases, including

both the techniques used in this thesis to investigate the γs phase, diffuse x-ray scattering and

inelastic x-ray scattering.
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4
THEORETICAL BACKGROUND AND EXPERIMENTAL METHODS FOR

DIFFUSE X-RAY SCATTERING

As stated in chapter 2, the discussion on x-ray sources will now be expanded to include synchrotron

light sources, after which the theoretical framework for elastic scattering will be extended to cover

diffuse x-ray scattering. Finally, the experimental methods relevant to the ID28-II beamline will be

discussed. Unless otherwise stated all notation is consistent with that introduced in chapter 2.

4.1 Synchrotron X-ray Sources

Until the 1970’s the limiting factors in x-ray science were inherent to the anode source, which is

only capable of producing a low intensity, fixed wavelength beam. However, starting in the 1950’s,

there was a large growth in the number of high-energy physics experiments being constructed,

inadvertently this lead to the first synchrotron light source in the 1970’s. The pivotal link between

the two being the development of storage rings, originally designed to accelerate charged particles

up to a desired energy and store them for a number of hours before executing a collision of two

beams. However, as explained in section 2.5.2, the result of accelerating a charged particle is the

production of electromagnetic radiation. This radiation is a useless by-product in high-energy

physics experiments, but it was quickly realized this was a vastly superior method of producing

x-rays for scientific purposes compared to traditional anode sources.

As should be clear from the discussion of laboratory sources, there are multiple factors that

determine the “quality” of an x-ray beam, however, they may be combined into one quantity,

brilliance, which allows for a fair comparison between different sources. Obviously the number of

photons produced per second is important, as is the collimation of the beam, which as described
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in section 2.5.2 is a measure of the beam divergence and is given in mrad. The cross-sectional

area of the source beam, given in mm2, also matters, and finally, in order to compare sources with

greatly different energy spectra, a well defined bandwidth within which to make the comparison

is required, by convention this is chosen to be be within ±0.1% from the central frequency.

Combining these factors, the brilliance of a source is given as

(4.1) B = Photons /second
mrad2 ·mm2 ·0.1%BW

from which it can now be seen that brilliance is a function of photon energy and describes

the number of photons, of a given energy and direction, incident on a spot per unit time. The

beam intensity post monochromator is then given by the product of: the brilliance, the angular

divergence set by the horizontal/vertical apertures, the source beam cross sectional area and the

relative 0.1% bandwidth of the monochromator. The dramatic improvement of synchrotron over

laboratory sources is evident in figure 4.1 which compares the brilliance for different x-ray sources

over time. With the recently completed “Extremely Brilliant Source” upgrade, the European

Synchrotron Radiation Source (ESRF) displays a brilliance increase of the order of 1015 over

a rotating anode source. Free electron lasers are capable of even greater brilliances and are

included in figure 4.1 for completeness but as such facilities were not used for this work will not

be discussed further. A secondary benefit of massively increased brilliance is an ability to tightly

collimate the beam, reducing the beam size down to the order of nm2, while maintaining useful

intensities. Aside from increased brilliance, synchrotron sources offer another major benefit, the

ability to control both the beam energy and polarization.

Modern synchrotron sources are not simple storage rings and are instead composed of straight

sections known as insertion devices (ID) and curved sections known as bending magnets (BM).

Both are can be experientially useful but produce beams with vastly different characteristics so

the choice of bending magnet compared to insertion device is dictated by the requirements of a

particular beamline. The key characteristics of both options will be summarised below, however

the full derivations will not be provided, instead the most important results are simply stated

and the interested reader is directed towards the textbook “Elements of Modern X-ray Physics”

by Jens Als-Neisen and Des McMorrow (ref. 1) for a complete discussion.

4.1.1 Bending Magnets

Electrons accelerated in a magnetic field radiate isotropically. However, the electrons in a

synchrotron are moving at relativistic speeds such that for an observer in the laboratory frame,

strong time compression means that the radiation appears compressed into a tight cone aligned

with the electrons direction of motion. The cone has an opening angle of γ−1, where γ is the

electron rest mass, providing lossless “natural” collimation as no portion of the beam is blocked

in the process. This can be thought of as a “search light” radiation pattern and is depicted
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Fig. 4.1 : Evolution of x-ray source brilliance with time made using data sourced from
ref. 1 and 2.

schematically in figure 4.2a where the observer (beamline) at a tangent to B only receives an

appreciable amount of radiation while the electrons pass along the arc A-C. It should be noted

that while γ−1 is the natural opening angle in all directions its collimating power is only preserved

in the vertical direction. The horizontal collimation is lost because the observed radiation is the

incoherent sum of all the radiation emitted along the arc A-C and the collimation is therefore set

by the portion of the arc one chooses to observe by setting the width of a set of horizontal slits.

There are two other significant properties of bending magnet radiation. Firstly it is polarized.

Viewed in the orbital plane the electron acceleration is entirely horizontal and as the radiated

field is parallel to the acceleration it is also linearly polarized in this plane, this is useful because

as shown in figure 4.2b, most scattering experiments are conducted in the vertical plane fixing

the polarization factor
(
ε∗kF ,λF

·εkin,λin

)
to unity and negating the requirement for corrections. When

viewed from below (above) the plane, a vertical component is gained and one obtains a right (left)-

hand polarised beam so named because the apparent direction of the electron motion around the
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(a) Top down schematic of a rela-
tivistic electron kept in a circu-
lar orbit by a magnetic field B
with an observer situated along
the tangent to B adapted from
ref. 1. A and C denote the start and
finish of the segment seen by the ob-
server, 1/γ is the natural opening an-
gle of the emitted x-ray cone and ωo
is the angular frequency of the elec-
tron.

(b) Depiction of the vertical scattering geometry
common in synchrotron scattering experiments
adapted from ref. 1. The components of the x-ray’s elec-
tric field parallel and perpendicular to the scattering
plane are labelled π̂ and σ̂, respectively, post-scattering
event components are primed. The electron path is
shown in green, the emitted x-ray path in red and the
scattering plane in grey. If the observer is situated in
the orbital plane, the emitted x-rays are linearly σ̂ po-
larised.

Fig. 4.2

synchrotron appears to switch when viewed from above or below. Secondly, the energy spectrum

is a continuous function extending from the infrared to the x-ray regime. This may be understood

intuitively by considering the radiation observed for single electron by a detector focused on a

single point of the orbit. The frequency spectrum in this situation is composed of a fundamental

frequency equal to the electrons orbital frequency, ω0, combined with its harmonics. However, a

detector does not observe a single point, instead it observes the incoherent sum of the radiation

from the entire arc A-C such that the incident radiation is a pulse of non-zero time. Using the

general properties of the Fourier transform, it can be shown that, when moving from the time to

the frequency domain, a pulse with finite time contains a finite number of harmonic frequencies

[1]. The upper frequency limit is known as the critical frequency and is given by ωc =
(3

2
)
γ3ω0.

Therefore, for a single electron on a well defined orbit, one should observe a discrete spectrum

of harmonics up to ωc. However, in practice, there are many electrons in a bunch, all occupying

slightly different, fluctuating orbits and so each harmonic is broadened to give a continuous

spectrum that falls away exponentially above ωc.
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Fig. 4.3 : Diagrams of insertion devices adapted from ref. 1. Opposing magnetic poles shown
in yellow and blue. Electron path shown in green and outgoing x-ray beam in red.

4.1.2 Insertion Devices

Compared to bending magnets, insertion devices are a significantly more effective way of produc-

ing x-rays. They are comprised of a straight section where the electrons pass between two arrays

of alternating magnets forcing them to execute oscillations in the horizontal plane. The array is

normally made from permanent magnets and the field strength (B) is varied by changing the

size of the gap between the two arrays. As they pass through, the electrons undergo N periods

of length λµ with the total device length given as L = Nλµ. By restricting the oscillations to the

horizontal plane the resulting radiation is linearly polarized in this plane. It is possible to design

helical insertion devices to provide circularly polarized x-rays however they will not be discussed

here.

There are two main types of insertion device, wigglers and undulators, which are depicted

in figure 4.3. To distinguish between them, the dimensionless parameter K is introduced and

is defined as the ratio between the oscillating angle of trajectory, α, and the natural opening

angle, γ−1. Wigglers have very large α such that K À 1. In this case, interference effects between

emission from each oscillation may be ignored and the system treated as 2N bending magnets,

N to the left and N to the right. The overall characteristics are therefore very similar to that of

a bending magnet with a few notable differences. Firstly, as each bend adds incoherently, the

total intensity is increased by a factor of 2N. Secondly, compared with a bending magnet, higher

fields are possible in an insertion device, significantly reducing the local radius of curvature

and consequentiality increasing the cut-off frequency allowing greater energies to be achieved.

Finally, while the vertical collimation remains γ−1, by forcing the electrons to oscillate in the

horizontal, a natural horizontal collimation of K /γ is achieved.

Conversely, undulators are defined by having K < 1 and the radiation from each oscillation

adds coherently. This has a number of important consequences, firstly the intensity increases

as N2 over a bending magnet, and secondly, the energy spectrum is no longer a continuous
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function. Instead, it is composed of a series of pseudo-monochromatic harmonics which, using

the same analytical approach shown in equation 2.35 to evaluate a sum of phase factors, can be

shown to have a FWHM= 0.88/nN with n being the harmonic order. A secondary consequence

of coherence is to provide a strong collimation effect such that both the vertical and horizontal

collimation are given by
(p

N γ
)−1

. The combination of improved collimation and increased

intensity means brilliances 3-4 orders of magnitude greater than bending magnet beamlines

are achievable. Returning to the spectral behaviour, it can be shown that when observed in the

orbital plane only the odd harmonics have non-zero intensity. The total number of harmonics

as well as their energies may also be tuned by modulating K through variation of B (array gap).

Counterintuitively using larger fields (smaller gaps) to achieve greater K , reduces the energy

of each harmonic, although this does allow access to a greater number of harmonics which can

increase the maximum attainable energy.

4.2 Diffuse Scattering Theory

Having discussed the general considerations relevant to synchrotron x-ray production, the

foundational theory of one of the two major scattering techniques used in this thesis, diffuse x-ray

scattering, will now be developed using the theoretical framework presented in section 2.5.1 as a

logical starting point.

Diffuse x-ray scattering arises as a result of correlated displacements of atoms from their

ideal positions. Including the displacement un,m of atom m, in the nth unit cell, the instantaneous

atomic position vector is now given as rn,m = Rn+rm+un,m. Therefore, the instantaneous crystal

scattering amplitude (equation 2.22) is now given as

(4.2) Fcrystal (Q)n,m =
∑

n

∑
m

fm (Q) eiQ·(Rn+rm+un,m)

and the scattering intensity is found by taking the squared modulus of the total scattering

amplitude

I (Q)= IT

〈∣∣Fcrystal (Q)n,m
∣∣2 〉

= IT

∑
n,n′

∑
m,m′

fm (Q) f ∗m′ (Q) eiQ·(Rn−Rn′+rm−rm′)
〈

eiQ·(un,m−un′ ,m′
)〉(4.3)

where IT is the Thomson scattering intensity from a single electron and the angled brackets

indicate a temporal average is required because both static and dynamic displacements must be

considered. In the second line the modulus squared has been taken and then all time independent

terms moved outside of the temporal average. To evaluate the temporal average the Baker-

Hausdorff theorem

(4.4) 〈eix〉 = e−
1
2 〈x2〉
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is employed, which holds providing that x is a linear combination of position or momentum

operators. The validity of applying this theorem to diffuse x-ray scattering is proved by Born and

Sarginson [3] and the temporal average may now be written as

e−
1
2 〈

[
Q·(un,m−un′ ,m′

)]2〉 = e−
1
2 〈(Q·un,m)2

e−
1
2 〈

(
Q·un′ ,m′

)2
e〈(Q·un,m)

(
Q·un′ ,m′

)〉
= e−Wn,m(Q)e−Wn′ ,m′ (Q)eGn,n′ ,m,m′ (Q).

(4.5)

The e−Wm(Q) terms are known as Debye-Waller factors and the explicit Q dependence is often

dropped. They are dependant on only a single atom type and physically they represent the time-

averaged deviation of atom m from its equilibrium position, projected onto the scattering vector

direction. Conversely the last term is a cross-correlation term and is related to the correlation

between the displacements of atom m and m′. Writing the last term as 1+ [
eGn,n′ ,m,m′ (Q) −1

]
the

scattering intensity may now be split into two terms

I (Q)= IT

[∑
n,n′

∑
m,m′

fm (Q) eiQ·(Rn+rm)e−Wn,m f ∗m′ (Q) e−iQ·(Rn′+rm′)e−Wn′ ,m′

+
∑
n,n′

∑
m,m′

fm (Q) eiQ·(Rn+rm)e−Wn,m f ∗m′ (Q) e−iQ·(Rn′+rm′)e−Wn′ ,m′
{

eGn,n′ ,m,m′ (Q) −1
}]

.

(4.6)

The first term may be recognised as the generic elastic scattering intensity, but now including

the Debye-Waller factor. This reduces the scattering intensity, however as this term still contains

contributions for large values of |Rn −Rn′ | the Dirac delta scattering profile is retained. The

intensity lost from the Bragg reflections is moved into the second term giving rise to diffuse

x-ray scattering which has a distinctly different character. Firstly, the scattering intensity is not

confined to the Bragg positions and gives intensity throughout reciprocal space. Secondly the

intensity, or more precisely the total integrated area of the diffuse signal, increases with mean-

squared displacement and as Gn,n′,m,m′ is a cross-correlation term the diffuse width is determined

by the correlation between atoms m and m′ in the direction of Q such that the sum only extends

over correlated atoms. In most systems, this leads to a low intensity background, however, where

the correlations exhibit strong directionality, structured diffuse scattering is produced, see figure

4.4e, from which both the direction and dimensionality of the correlations may be determined.

Considering the extreme case where there are no correlations in any direction, the second term

vanishes exactly, and the diffuse width is infinite. If there is one direction with finite correlations,

the diffuse width is confined in this direction only, and one observes diffuse planes (4.4e). In direct

space this corresponds to a one-dimensional periodic structure with correlations perpendicular to

the plane and none within the plane. By the same arguments, diffuse rods correspond to a 2D

periodic structure with correlations perpendicular to the rod and none in the rod direction. Finally

diffuse spots correspond to a 3D periodic structure with finite correlations in all directions.
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Fig. 4.4 : Reprint of figure 1.1 with additional panels (g-i) Summary of possible structures
of the hypothetical square ice system including both simulated diffuse x-ray diffraction plots
(d-e) and pair distribution functions, PDF’s, (g-i) for each proposed structure; fully ordered (a),
random disorder (c) and correlated disorder (b) with oxygen atoms shown in red and hydrogen
atoms in white. Bragg positions are indicated by grey dots in d-f, however no intensity is reported
as it would be order’s of magnitude greater than the diffuse signal. To highlight the additional
correlations present in structure b, one specific H-H correlation not present in structures a or
c is highlighted by a green arrow with the corresponding correlation highlighted in green on
structure b. To aid comparison, in h, the H-H PDF for structure b (green) is overlaid onto that of
structure a (grey). Figure reprinted from D. A. Keen and A. L. Goodwin [4]

It is important to note that, as the diffuse signal originates from correlations that exist over

finite lengths scales, by their very nature they are always many orders of magnitude less intense

than Bragg reflections and as such are only accessible via either of the so called diffuse scattering

[5, 6] or total scattering techniques [7]. The former is based on the ability to survey large portions

of reciprocal space using x-ray or neutron scattering and a 2D detector. Simulated x-ray diffuse

scattering plots from a hypothetical crystal of square ice exhibiting various levels of order are

shown in figure 4.4(d-f). Such studies do require single crystal samples, but as the dimensional

information of reciprocal space is preserved it allows the diffuse signal, which is not confined to

reciprocal lattice positions, to be separated from Bragg reflections, and thus be probed directly.
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Conversely, total scattering experiments are the powder diffraction equivalent of surveying

methods, integrating the total scattering volume into a one-dimensional pattern. They produce

normalized diffraction patterns containing both Bragg and diffuse intensity and thus directly

probe the total scattering amplitude given in equation 4.2. The Fourier transform of which is the

pair distribution function (PDF), see figure 4.4(g-i), and describes the probability of finding an

atom of one type at a given distance from an atom of another type. This function can be modelled

and iteratively refined with respect to the experimentally observed PDF for any combination of

global and local structures such that, in principle, the atomic positions and orientations can be

determined. However, the variation observed in a PDF as the result of local order (disorder) is

often very small and there may be numerous structural models that fit to a statistically equivalent

degree. As such great care should be taken when interpreting PDF’s and special attention paid to

the possibility that any modelled structure may in-fact represent a local minima and not the true

observed structure. This issue is not relevant for diffuse scattering techniques, which the work in

this thesis makes exclusive use of, as the diffuse signal appears separated from Bragg reflections

in reciprocal space. The practical implementation of the diffuse scattering approach is discussed

in the following sections.

Finally, while the discussion presented here has been entirely devoted to x-ray scattering,

it is possible to perform both diffuse and total scattering techniques using neutrons, in fact, as

neutron experiments can access larger momentum transfers, Qmax ≈ 50 Å−1, compared with their

x-ray counterparts, Qmax ≈ 35 Å−1, total neutron scattering studies can routinely achieve better

real space resolutions, ∼ 0.1 Å [4]. Such studies also enable the possibility to gain information

not only on short-range atomic correlations but also those of magnetic origin [8]. Where this is

desired polarization analysis should be employed to separate the signal arising from atomic and

magnetic correlations [9], such practice is common in diffuse neutron scattering experiments but

less so in total neutron scattering studies.

4.2.1 Symmetry Lowering and Displacive Phase Transitions

A brief discussion will now be provided on the theoretical formalism within which the reduction in

local symmetry common to all correlated disorder may be described. While originally developed to

describe global transitions, the formalism is concerned solely with symmetry considerations, and

as such, is equally applicable to both global and local behaviour. Furthermore, while the following

discussion will be framed in terms of atomic displacements, the internal degree of freedom may

be changed without loss of generality.

When a crystal undergoes a symmetry lowering structural transition, some symmetry ele-

ments of the parent space group (G) are not preserved in the new space group
(
G′). Elements that

do persist are a subgroup of the parent group and are known as an isotropy subgroup. Further,

the set of atomic displacements that lower the symmetry of the crystal from G to G′ may be
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represented by a vector φ, in the 3N dimensional space S, which contains all possible atomic

displacements. This space S may be divided into displacement subspaces S′ with ever lower

dimensionality until an irreducible subspace is found. Each of these irreducible subspaces are

related to what is called an irreducible representation (IR) of the parent group G, in fact, multiple

displacement subspaces may be related to the same IR. The set of atomic displacements that

make up the transition may then be decomposed into a linear combination of basis vectors of the

subspaces and the contribution from each subspace written as a vector η in the representation

space of the IR associated with the relevant subspace. These vectors η are known as order para-

meters and each define some isotropy subgroup of G. For each transition there may be multiple

order parameters, each representing a different type of atomic displacement, some of which

only partially describe the full loss in symmetry and are known as secondary order parameters,

however there is always one primary order parameter that drives the transition and fully defines

the isotropy subgroup G′, i.e. the action of this displacement alone can lower the symmetry from

G to G′ [10].

In practice, there are well known group theory techniques [11] that are capable of generating

all possible IR’s for a given starting space group, from which all possible isotropy subgroups and

their defining order parameters may be found [12]. At this point the atomic positions of a given

crystal are specified and all displacement subspaces for each IR can be found. There may be none,

in which case this IR is not associated with any atomic displacements [13]. In this way every

possible symmetry lowering transition and the relevant atomic displacements may be found.

In this thesis a web based tool ISODISTORT [14] which extends the above methods to include

occupational, magnetic and rotational transitions on top of the displacive transitions discussed

here, was used. Complementary to this tool are two programs which take the ISODISTORT

output and interactively visualize the atomic positions (ISOVIZ) and interactively simulate the

x-ray or neutron diffraction patterns (ISOVIZQ) [15]. These discussions have been relatively brief

however the interested reader is advised to read the references quoted above for a full description

of the formal group theory techniques and ref. 16 for a more practical description.

4.3 ID28-II

Moving now to more practical aspects, all synchrotron studies conducted as part of this thesis were

performed at the ID28 beamline, shown schematically in figure 4.5. The beamline is composed

of two branches which may operate in parallel. The top branch (ID28-I or main station) is an

inelastic x-ray spectrometer and will be described in detail in section 8.3, whereas the bottom

branch (ID28-II or side station), described here, is a diffuse x-ray diffractometer. The following

discussion covers all key components of both the diffractometer and corresponding optics, however

readers interested in greater technical detail are directed to ref. 17 by Girard et al.
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Fig. 4.5 : Schematic of the ID28-I beamline with the ID28-II branch greyed out. Distances
between individual components are indicative, as are angles of beam deflection. Order of magni-
tude values for the relative energy resolution are given at different intervals and represented
visually by black and red traces. For visual conciseness long section of uninterrupted beam path
are not represented and are instead noted with two parallel lines on the scale bar, also, the Be
Compound Refractive Lens modules are noted as Be CRL.

The beamline is supplied by a revolver of three linear undulators that may be set to a

32 mm or 17 mm period from which either the third or fifth harmonic is used, giving a working

range of 13.8−25.7 keV. The undulator white beam has a relative energy resolution ∆E/E ≈
10−2 and power ≈ 200 W. To allow the two branches to operate simultaneously a Laue-Bragg

monochromator is used. The first stage uses the (311) reflection of a diamond crystal in Laue

geometry, splitting the beam into a monochromated part which goes into the lower branch and

a white beam that continues onto the upper branch. The second stage uses the (422) reflection

from a silicon crystal in Bragg geometry, redirecting the beam to correct for the path change

in the Laue stage and changing the working range to 12.6−23.7 keV. After both stages the

relative energy resolution has been reduced to ∆E/E ≈ 10−4. The side station normally operates

using the same wavelength as the main station however can be configured to operate using

one undulator while the other two provide beam to the main station if divergent wavelengths

are required. The experiments conducted on the thick samples, detailed in chapter 5, benefited

from dedicated beamtime, and as such, a free choice of incident photon energy was available.

12.65 keV (0.9800 Å) was chosen to move away from the uranium L3 absorption edge. Conversely,

for the experiments conducted on the thin samples, detailed in chapter 7, the energy was fixed at

15.817 keV (0.7839 Å) by the main station. Given these were initially considered as exploratory

studies it was not deemed necessary to switch to the single undulator operating mode with the

complex realignment procedure that would entail.
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Post monochromation, the beam is focused using a series of optical elements. First, in the

vertical, using a transfocator equipped with a series of cylindrical Be lenses, then in the horizontal,

with fixed a multilayer mirror. Used in combination, an astigmatic circular spot with a range of

30−100µm can be achieved. The transfocator has 7 slots filled with 1, 2, 4, 8, 16, 32 and 64 Be

lenses and by varying the total number of lenses in the beam precise focusing can be achieved

over the entire working energy range. The diffractometer uses a 5-circle Eulerian goniometer

with a 2D detector held on a movable arm that can access 2θ up to ∼ 170° and a variable sample to

detector distance of 150−414 mm. The extra rotational axis, not present in the 4-circle Eulerian

goniometer shown in figure 2.13, is an extra Φ axis that produces a rotation about the scattering

vector instead of the surface normal. Practically, this equates to the ability to rotate the entire

goniometer about its vertical axis. Signal collection for diffuse x-ray scattering experiments

requires the minimization of parasitic scattering so a beam-conditioning unit comprising of

beam-shaping slits to reduce beam cross section, pre-sample collimator to remove air scattering

and a post-sample beamstop to eliminate excessive parasitic scattering is included. A series of

monochromatic beam-absorbers may also be used to reduce the beam intensity if unsaturated

Bragg reflections are required. The detector is a silicon hybrid pixel detector, PILATUS3 1M X

with an active area of 168.7×179.4 mm2 comprised of 1 million, 172×172µm2 pixels, read out

individually in a single-photon counting mode.

A diffuse x-ray scattering experiment is conducted in an almost identical fashion to a Φ scan,

as described in table 2.3, in so much as the sample is rotated by 360° about the axis perpendicular

to the surface normal, with many 2D diffraction patterns recorded as frames separated by small

angular steps. The use of an area, instead of point detector, allows for a much greater portion

of reciprocal space to be sampled in each scan and the great increase in flux over a laboratory

source allows the second order terms in equation 4.6 to be observed. In essence the experiment

consists of observing a portion of the Ewald sphere as it is projected onto the detector and rotating

the sample to collect a full torus shaped portion of the Ewald sphere. If it is required, multiple

scans can be run at different detector 2θ positions and the data stitched together allowing large

portions of reciprocal space to be probed. For the “thick” sample set data were collected for

detector positions 19° and 48°, whereas for the “thin” sample set data were only collected at 19°.

For most samples a transmission geometry is preferred, however, for thin film studies, like those

in this thesis, a grazing incidence reflection geometry is used and as such only the upper portion

of the torus is accessible. If required, a large number of sample environments can be achieved

including cryogenic temperatures, high pressures and applied electric field however none of these

were used for this work.
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4.3.1 Analysis Methodology

4.3.1.1 Correction Factors

After a diffuse x-ray scattering experiment has been conducted, the sampled portion of the

Ewald sphere may be reconstructed from the 2D frames using the analysis suite CrysAlis

Pro [18], however a number of factors must be considered. Firstly, the planar projection of a

3D surface onto the 2D detector requires the introduction of a geometrical correction factor,

D = (
cos3 (2θ)

)−1, which may be applied pixelwise or directly onto the reconstructed volume.

Secondly, the polarization of the incoming beam modulates the scattered intensity resulting in an

angular dependence. It can be shown that for fully polarized radiation the polarisation factor is

given as

(4.7) P = sin2 (Φ)+cos2 (Φ)cos2 (2θ)

where Φ is the azimuthal angle between the scattering and polarisation plane [19]. As these two

are almost orthogonal, the polarization factor necessarily is small. Both these corrections are

applied within CrysAlis.

Other corrections that must be assessed are parallax, Lorentz and absorption. The first arises

because the detector is comprised of thick silicon sensors and thus suffer from parallax, producing

a smooth distortion to every frame. This correction is detector specific and is handled directly by

the detector software, details of the algorithm for the PILATUS detectors are described by Hüsen

et al. in ref. 20. The Lorentz correction [21] accounts for the fact that as a crystal is rotated in a

monochromatic beam, reciprocal lattice points at larger |Q| move out of the scattering geometry

faster than those with small |Q|. The observed intensity should therefore be divided pixelwise by

the Lorentz factor [22]

(4.8) L = 1
4sin2 (θ)cos(θ)

however, whereas this is important for sharp reciprocal space features such as Bragg reflections,

diffuse features are spread out over a large portion of reciprocal space and move comparatively

slowly, in this case the Lorentz correction need not be applied. Finally, it is possible to correct for

sample absorption, which is dependant on both sample shape and scattering geometry. There

have been multiple methods proposed as to how one should apply absorption corrections to diffuse

scattering data, see refs. 23, 24 and 25, however, for all but the most quantitative studies the

effects are negligible and after investigating the possibility of including such corrections it was

decided the potential for erroneous application was greater than the potential gain in accuracy

for the diffuse intensity.
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4.3.1.2 Orientation Matrix and Reconstruction Methods

Having discussed the relevant corrections that must be applied to the raw frames, the final

factor required to perform 3D reconstruction from 2D frames is a robust relationship between

diffractometer and reciprocal lattice coordinate systems. A detailed discussion of the required

calculations are provided by Busing and Levy [26] but the result is an orientation or “UB” matrix

which relates the diffractometer motor positions to the unit cell orientation. Once determined the

orientation matrix allows one to calculate the diffractometer angles
(
2θ,θ,χ,φ

)
that correspond

to a particular scattering vector, Q, indexed by miller indices (h,k, l) as

(4.9) hiφ =UBhi

where hi is the vector of miller indices for the ith reflection and hiφ is the scattering vector in the

diffractometer coordinate system given as

(4.10) hiφ = [2sin(θi/λ)]uiφ

where uiφ is a unit vector along the direction of the scattering vector expressed as trigonometric

combinations of the angles ω, χ and φ.

The orientation matrix is a product of two matrices, a B matrix which transforms the given

indices into an orthonormal, Cartesian coordinate system with the first axis along a∗ and a

second in the plane defined by a∗ and b∗. Then, a U matrix which transforms this crystal

coordinate system into the spectrometer system. Practically, the orientation matrix is determined

by choosing (at least) three reflections such that Hφ is a matrix of three hiφ vectors and H is a

matrix of the corresponding indices, so that

(4.11) UB=HφH−1.

The chosen reflections must not correspond to coplanar reciprocal lattice vectors, otherwise H is

singular, and the indices should be assigned in right-hand coordinate system as the determinate

|UB| is positive, if and only if, this choice is made. After the orientation matrix has been found it

is possible to solve for the unit cell parameters, the procedure for this is not given here but is

discussed in detail by Busing and Levy [26]. If the unit cell parameters are already known the

B matrix is fully defined and only two reflections are required. However, due to experimental

uncertainty in both the unit cell parameters and diffractometer angles, it is not generally possible

to find a single orthogonal matrix U that satisfies both reflections exactly. Instead, one reflection

is chosen as the primary reflection, defining a vector in the crystal system and with it two degrees

of freedom in the U matrix. The secondary reflection then determines only the rotation of the

crystal about this vector, constraining the final degree of freedom.

For the diffuse reconstructions presented in this thesis, relevant peaks were manually identi-

fied in each frame, after which CrysAlis attempts to solve equation 4.11 for all marked peaks
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(∼ 50 reflections) via linear least squares regression using a combination of the methods pre-

sented in refs. 26 and 27 with no prior specification of lattice parameters. Sample independent

instrumental parameters, for example motor offsets, are determined via the same methods but

with a high quality Zeolite crystal of known lattice parameters, with the orientation matrix and

instrument parameters refined iteratively, these parameters are then fixed for all experimental

samples. Having determined the orientation matrix, the entire dataset can be transformed into

the reciprocal lattice coordinate system and a full 3D reconstruction performed, from which

cuts at chosen miller indices may be extracted. These cuts, as well as the raw frames, may be

viewed using the ALBULA program [28] from DECTRIS which also contains tools for quantitative

analysis and can be used to extract line profiles across a given region of a reconstructed cut.

These profiles may then be fit in OrignLab [29] to determine the peak profile of a diffuse peak and

extract peak parameters such as FWHM, integrated area, etc. In this procedure the resolution

is determined from the Bragg spacing and as the lattice constants are known, it is possible

to calculate the size of a pixel in Å−1. It should be noted that for this procedure the CrysAlis

reconstructions are not actually used, instead the parameter (.par) file is taken from CrysAlis

and given as an input to an in-house program that is capable of producing high resolution

reconstructions. It is these reconstructions which are used as the input into ALBULA.

Unless otherwise specified all the reconstructions shown in this thesis are presented using

the “high dynamic range” contrast mode within ALBULA where, background pixels are shown

in white, foreground pixels are logarithmically mapped onto a heat scale from black to red to

yellow to white and middleground pixels are linearly mapped onto a greyscale from white to

black. In some cases inverse colour mapping was used whereby the colour order for the fore-

and middlegrounds are reversed and background pixels are shown in black, this is explicitly

stated wherever applied. The background lower limit was set to zero in all cases such that all

non-defective pixels were treated by either middle or foreground colour mapping. As the contents

of each set of reconstructions can vary significantly the forground lower limit was set to best

highlight the features of interest within a given set of reconstructions and is stated explicitly

in all cases. Where possible similar values were used for related sets of reconstructions such

that they are visually similar but the foreground limits should be carefully noted when making

detailed comparisons between any two sets of reconstructions. In all cases every pixel was colour

mapped according to their reported values ignoring both defective, of which there are minimal,

and saturated, which are confined to Bragg reflections, pixel statuses. While the central Bragg

intensities themselves are saturated, and thus quantitatively useless, it is useful to note that the

maximum recorded values are of order 6×107 compared to the maximum recorded diffuse values

which are of order 2×104. It should also be noted the during the high-definition reconstruction

process the raw counts are also scaled to account for the incident beam-flux, as all data was

collected using uniform delivery mode the beam variation is minimal and a standard flux factor

of one million was used for all reconstructions.
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5
RESULTS FROM DIFFUSE X-RAY SCATTERING STUDIES ON THE

EPITAXIALLY STABILISED γS- (U1−xMOx) SYSTEM

Having established the relevant theoretical and experimental considerations, extensive diffuse

x-ray scattering studies on the “thick” sample set will now be presented, with the aim to provide

insight into both questions two and three: does the γs-UMo system host correlated disorder, and

if so, what are its characteristics, and does alloy content provide an intrinsic tuning parameter?

Diffuse scattering studies were also conducted on the ion irradiated “thin” samples to test for

possible extrinsic tunabilty, however, further theoretical discussion is required before these results

can be addressed, and as such, they are provided a dedicated chapter, chapter 7. It should be noted

that large sections of this discussion closely track that provided in ref. 30, of which I am the first

author.

A composite of the key reciprocal space reconstructions from all three thick samples is shown

in figure 5.1. This clearly shows two distinct types of diffuse signal, the stronger of the two

at the N positions, a translation of 〈1/2,1/2,0〉p from the bcc Bragg positions, and the weaker

close to, but obviously displaced from, the H position, a translation of 〈1,0,0〉p. The two types

of diffuse signal show opposite trends with respect to Mo content, and will be referred to as N
and H, respectively, based on their proximity to the corresponding symmetry positions in the

bcc Brillouin zone (BZ). Pre-empting an expected superstructure, the subscript notation, p and

s, has also been introduced to indicate parent and superstructure properties, respectively. Both

diffuse reflections were previously observed in the ternary alloy U0.7776Nb0.1660Zr0.0564 by H.

Yakel [31] and attributed to the same origin, forming the basis for the proposed γs structure

discussed in section 2.2. However, with the aid of greatly increased flux, finer q-resolution and

most importantly a systematic series of alloy concentrations, it will be shown that the diffuse
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signal comprises of two distinct sets, originating from different effects. Under this presumption,

and as they are more instructive, the N points will be presented first, after which the origin of the

H point signal will be discussed. Note that no observed single crystal response, Bragg or diffuse, is

attributable to the unidentified impurity (peak I) noted in the laboratory source characterisation

presented in section 3.2.1. Most likely the impurity is polycrystalline and contributes one of the

many sets of polycrystalline rings seen in figure 5.1. Other contributors include the beamstop

and Nb cap, the latter characterised by an identical radius to the Nb buffer Bragg reflections.

5.1 N Point Signal

Identification of the H point signal as of an alternate origin, and not γs phase reflections, allows

the isolation of the second set of diffuse reflections, N, highlighted blue and green in figure 5.1

(red and blue in figure 5.2). They are characterized by four key features: exact occupation of N
positions, a prolate ellipsoidal shape, systematic absences at (h0l)s and a positive relationship

between |ks| and diffuse intensity. All observed behaviours may be explained by a superstructure

formed by atomic displacements along 〈010〉s with no requirement for chemical ordering. The

resulting superstructure recovers a Cmcm symmetry, with anisotropic neighbour distances

reminiscent of the α-uranium groundstate. The superstructure is defined by |as| = |cs| =
∣∣ap

∣∣p2

and |bs| =
∣∣ap

∣∣ with four atoms in the unit cell at ± (0,1/4+δ,1/4) and C-face centring assuring that

(hs +ks) must be even. The bcc structure is recovered by setting the displacement magnitude

|δ| = 0. Accounting for all possible domains, this structure describes all observed N reflections

and constitutes a unique solution. Uniqueness was confirmed by assessing all other distortions

associated with each of the three N point IR’s (N2-, N3-, N4-) none of which provided a match

with the observed diffraction pattern. Importantly this solution only contains a single atom. Not

only is this a simpler solution, it also removes the unusual condition present in both the the

P4/nmm and I-43m γs structures whereby there are two atomic sets with distinctly different

coordination and no chemical ordering. It is noted that Ti exhibits a similar Cmcm (δ) phase with

a distorted bcc structure at high pressure (above 140 GPa) [32]. However, the deviation from bcc

in δ-Ti is significantly more robust than the short-range correlations reported in this work. They

find |δ| = 0.1, compared to ∼ 0.01 in this system, and a/b and c/b ratios significantly modified

from
p

2 .

The key difference between the newly proposed structure and both the P4/nmm and I-43m

γs structures discussed in chapter 2 is that all atoms are displaced from their bcc positions. This

allows the individual atomic displacements, which transform from the parent to superstructure,

shown in figure 5.3, to be viewed collectively as a wave-like distortion that does not oscillate

as a function of time i.e. it is “frozen”. The theoretical framework for the dynamic properties

of nuclei will be developed in detail in chapter 8 however for now it is sufficient to note that

it is possible to construct a description for the correlated motion of atoms, not as waves but
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Fig. 5.1 : Reciprocal space reconstructions of the (hk2)s plane using a foreground lower
limit of 6260 counts. All three samples investigated are shown with relevant at.% Mo indicated for
each quadrant. A clockwise superstructure unit cell with bs ≡ bp was used for all reconstructions.
Reflections are categorized and indexed in the bottom right quadrant, with indices in super-
structure notation. Reflections are indicated in black (parent Bragg peaks), blue (N – clockwise
domain), green (N – anti-clockwise domain) and orange (H). Nb buffer reflections appear as
doublets outside of the parent bcc reflections. Powder rings arise from the polycrystalline Nb cap
and beamstop whereas narrow intense peaks correspond to substrate Bragg reflections, none of
which are included schematically. The {132}s reflection, marked with an asterisk, is highlighted
in all data sets to show mirror symmetry relations.
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Fig. 5.2 : Composite reciprocal space reconstruction of the
(
hk 5

2
)
s plane for different

Mo content using a foreground lower limit of 8763 counts. The notation used is the same as
for figure 5.1. Red open ellipses overlaid on the data show equivalent points in each quadrant
with the corresponding reflection marked by an asterisk in the schematic (bottom right). In
the schematic, domains with bs ≡ ap are shown in red, and those with bs ≡ cp in blue. Non-
integer indices are from one possible bcc representation, while integer indices correspond to the
relevant choice of Cmcm domain. Lighter (darker) red and blue shading corresponds to clockwise
(anti-clockwise) domains, respectively.
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Fig. 5.3 : Relationship between parent and superstructures. (a) Orientational relation-
ship between parent (blue) and superstructure (red) unit cells for one of six possible domains,
with |δ| = 0.1 for clarity. All atoms in the ‘shear plane’ (highlighted red) move colinearly with the
direction of motion indicated by arrows on the plane edge. (b) Top-down view showing the 45°
relationship between the parent and superstructure. Directional relationships for the phonon
modes of general type TA1[110]p and TA2[110]p within the chosen domain are included bottom
right. (c) Schematic of the atomic motions in a “phonon plane”. Blue dashed, and red dotted lines
refer to interatomic bonding in the parent and superstructure unit cells, respectively.
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quasi-particles capable of travelling through the lattice. In corollary with the photon such quasi-

particles are known as phonons. All possible collective atomic vibrations may therefore described

by a so-called “phonon mode” and all possible collective atomic distortions by a frozen phonon.

The responsible modes here are of general type TA1 [110]p, with polarization along the fourfold

axis [001]p. Decomposing the nomenclature, these modes are transverse so the direction of phonon

propagation, 〈110〉p in this case, is perpendicular to the direction of atomic motion, which is along

the 〈001〉p and they are acoustic so the atomic motions are in-phase. More specifically the relevant

modes have a wavevector of the type k = [1/2,1/2,0] and are written as TA1 [1/2,1/2,0]p. Twelve-

fold degeneracy provides six equivalent domains, which are all equally occupied as evidenced

by equal intensity distribution, to within experimental uncertainty, between equivalent diffuse

spots. Crystallographically, this degeneracy corresponds to the freedom to set bs equivalent to

any parent axis and for each choice there exists two possible orientational rotations, ±45° about

bs. Accounting for time reversal gives 12 diffuse reflections about each parent Bragg position,

one at every N position.

Figure 5.2 shows the 4 domains not shown in figure 5.1, namely those with bs equivalent to

either ap (red) or cp (blue). Obviously the choice of alignment for the first domain is arbitrary,

however after this choice is made all other domains are precisely defined, as is the orientation of

the parent structure. The standard phonon notation used above corresponds to the anti-clockwise

domain with bs ≡ cp, however in the interest of simplicity the clockwise domain with bs ≡ bp,

depicted in figure 5.3, will be used as the primary domain throughout. It is also always possible

to distinguish between reflections that originate from clockwise or anti-clockwise rotations about

bs as, within a given domain, only one choice satisfies the condition (hs +ks) = 2n imposed by

C-face centring (where n is an integer). A further condition within the Cmcm structure is that

reflections described by (ks + ls) = 2n coincide with bcc Bragg positions whereas diffuse peaks

are described by (ks + ls)= 2n+1. The systematic coincidence of Cmcm with bcc positions shows

the local superstructure is coherent with the global structure. It should be noted that the same

orientation matrix was used to construct both figure 5.1 and figure 5.2, hence, there are no

reflections (Bragg or diffuse) from the chosen domain in figure 5.2, as this corresponds to a

half-integer plane in the chosen representation.

The relevant matrices for transforming Miller indices from a bcc representation to any one of

the 6 possible positive Cmcm domains and back again are given on the following page such that

T


h

k

l


p

=


h

k

l


s

and T−1


h

k

l


s

=


h

k

l


p

and matrices for time-reversal pairs are obtained by multiplication by −1. Using ISODISTORT
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T(bcc−Cmcm) T−1(Cmcm−bcc)

bs ≡ ap bs ≡ ap
clockwise anti-clockwise clockwise anti-clockwise0 −1 1
1 0 0
0 1 1


0 −1 −1

1 0 0
0 −1 1

 1
2

 0 2 0
−1 0 1
1 0 1

 1
2

 0 2 0
−1 0 −1
−1 0 1


bs ≡ bp bs ≡ bp

clockwise anti-clockwise clockwise anti-clockwise 1 0 1
0 1 0
−1 0 1


1 0 −1

0 1 0
1 0 1

 1
2

1 0 −1
0 2 0
1 0 1

 1
2

 1 0 1
0 2 0
−1 0 1


bs ≡ cp bs ≡ cp

clockwise anti-clockwise clockwise anti-clockwise 1 −1 0
0 0 1
−1 −1 0


1 1 0

0 0 1
1 −1 0

 1
2

 1 0 −1
−1 0 −1
0 2 0

 1
2

1 0 1
1 0 −1
0 2 0


notation the relevant distortion for the clockwise domain with bs ≡ ap is given as

Im-3m [1/2,1/2,0] N2- P1(0;0;0;0;a;0) Cmcm.

In order, this defines: the parent group symmetry; the relevant k vector type within the first

BZ; the IR, which in this case is 6 dimensional (corresponding to the 6 possible domains not

counting their time reversal pairs); the dimensionality of the order parameter (P denotes a one

dimensional order parameter); the order parameter direction vector, which for this distortion

may be thought of as defining the direction of propagation for the frozen phonon, this particular

choice corresponds to [0,1/2,1/2] and the other domains including their time reversal pairs are

obtained for (0;0;0;±a;0;0) etc.; finally the superstructure space group is given.

To test the hypothesised solution, the x-ray diffraction pattern of the distorted structure was

simulated using the IsoVizQ package for a bcc unit cell containing only uranium atoms and a

comparison between modelled and experimentally observed intensity is shown in figure 5.4. The

positions of both the bcc Bragg and diffuse N reflections from the clockwise domain are well

reproduced, as are the intensity−Q relations. The model also correctly reproduces the (h0l)s

systematic absences, as well as general absences at the H and anticlockwise N positions. In

effect the anti-clockwise reflections are those from the clockwise (h2l)s plane rotated into the

(hk2)s. This explains the apparent difference in shape between the two sets, the anti-clockwise

reflections are also prolate ellipsoids, however as a result of the rotation, their long axes lie

out of the reconstructed plane and are therefore viewed from a top-down view in the chosen

representation.
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Fig. 5.4 : Experimental (a) comparison with IsoViz output (b) for the (hk2)s plane from
the 17.2 at.% system. Reciprocal space positions are colour coded in (b) as follows: green - parent
reflections, blue - superstructure reflections from chosen domain, yellow - positions that would
correspond to superstructure reflections from alternative domain, red - H positions. The IsoViz
markers from (b) are overlaid onto the top right-hand quadrant of the experimental reconstruction
(a). Note that the parent structure in IsoViz is pure γ-U but with the experimentally determined,
relaxed, lattice parameter for the 17.2 at.% alloy system given in table 3.1

It should also be stressed that the distortion associated with the TA2 [110]p mode, given for

an one possible domain as

Im-3m [1/2,1/2,0] N4- P1(0;0;0;0;a;0) Cmcm,

produces a Cmcm superstructure with a unique as and almost replicates the observed diffraction

data. Importantly, however, the 90° rotation in atomic displacement vector u, see figure 5.3b,

is directly manifested in the intensity−Q relations allowing the responsible distortion to be

distinguished. To ensure comparability in the simulated patterns this procedure was conducted

using reciprocal lattice planes constructed within an identical parent representation.

Once mapped onto the superstructure lattice, the systematic absences and relationship

between the diffuse intensity and momentum transfer may be easily understood by considering

the structure factor at the N position as

(5.1) |FN (Q)|∝ f (Q) |sin[2π (Q ·u)]| = f (Q) |sin[2π (ksδ)]| ,

where u is the displacement vector and f (Q) is the average atomic scattering factor. As u = [0δ0]s,

102



5.1. N POINT SIGNAL

|FN (Q)| couples directly to ks providing a positive intensity relationship with |ks| as well as

systematic absences for ks = 0. For each domain pair ks is aligned with a different parent axis

such that the true behaviour is hidden when treated within the parent representation. However,

observing figures 5.1 and 5.2 in combination, it can clearly be seen that the positive relationship

between intensity and |ks|, and systematic absences at ks = 0 are present for all 12 domains.

Hence, reflections along the horizontal (fixed |ks|) of figure 5.2 show similar intensities whereas,

not including the
(
3̄1̄4̄

)
s, those along the vertical have increasing |ks| and correspondingly show

a marked increase in intensity. As has already been noted the same trend is evident in figure

5.1 albeit with the relevant 90° rotation. This effect is not expected to continue indefinitely,

eventually the exponential drop off in the atomic form factor will dominate in all directions.

It should also be noted that, in agreement with ref. 31, no evidence for chemical ordering was

observed, which would display the reverse trend — diffuse intensity decreasing with momentum

transfer, early work suggesting such ordering did not use single crystals [33, 34].

Direct comparison between the diffuse and Bragg intensities is difficult as no attenuation

was used and as such the detector is saturated at Bragg positions. However, it can be determined

that the integrated diffuse intensity, is always less than 1% of the relevant Bragg peak and using

a frozen phonon model, a rough calculation of expected intensities can be made. In agreement

with the IsoVizQ simulation this model accurately captures the systematic absences at ks = 0 and

the positive relationship between intensity and |ks|, with an approximate dependence of I ∝ k2
s

modified by the scattering factor. This contrasts with normal Bragg reflections where scattering

decreases with total momentum transfer, Q, due to the scattering factor.

Table 5.1 gives calculated intensities for all observed reflections in figure 5.1, as well a

selection of extra reflections, for |δ| = 0.01. In the absence of a distortion, the bcc Bragg reflections

would have a structure factor of 4, however the deviation for small |δ| is unlikely to be detectable

experimentally, even had appropriate attenuation been applied to desaturate the Bragg reflections.

It also must be recognized that this model takes no account for the finite nature of the correlations,

instead treating the system as a distorted, but perfectly ordered crystal where all reflections are

“Bragg-like”. Whereas, in practice, the total integrated intensities predicted here are spread out

over the entire diffuse peak as shown in figures 5.1 and figure 5.2.

The local superstructure also provides a natural explanation for a prolate ellipsoidal dif-

fuse signal. If one considers the physical meaning imbued in the superstructure axes; bs and

cs are the directions of atomic motion and phonon propagation, respectively, which together

compose a ‘phonon-plane’, depicted in figure 5.3c. The third axis, as, is perpendicular to this

plane and combined with bs, may be thought of as a ‘shear-plane’, highlighted red in figure

5.3a, within which all atomic motions are in-phase and adjacent planes perform a shearing

motion. As explained in section 4.2 the superstructure correlation lengths, ξ, and the magnitude
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Cmcm (hkl)s bcc (hkl)p sin/λ
(
Å−1)

|SF| f (Q) I (norm)

2̄02 2̄00 0.293 4.00 0.743 778
4̄02 3̄01̄ 0.464 4.00 0.614 466

1̄12 3̄
211

2 0.274 0.251 0.760 0.54
3̄12 5̄

21 1̄
2 0.402 0.251 0.655 0.37

022 1̄21 0.359 3.97 0.687 628
1̄22

(
2̄21̄

) 3̄
221

2 0.374 0.501 0.676 1.6
2̄22 2̄20 0.415 3.97 0.646 532

3̄22
(
2̄23̄

) 5̄
22 1̄

2 0.475 0.501 0.606 1.2
4̄22 3̄21̄ 0.549 3.97 0.563 355

1̄32 3̄
231

2 0.497 0.749 0.593 2.5
3̄32 5̄

23 1̄
2 0.577 0.749 0.547 1.95

011̄ (110) 1
21 1̄

2 0.180 0.251 0.852 0.715
110 1

211
2 0.180 0.251 0.852 0.715

111̄ 110 0.207 3.992 0.824 1000
112̄ 3

21 1̄
2 0.274 0.251 0.760 0.54

211̄ (112) 3
211

2 0.274 0.251 0.760 0.54

120 (021) 1
221

2 0.311 0.501 0.727 1.95
221̄ 3

221
2 0.374 0.501 0.676 1.65

220 121 0.359 3.97 0.687 628
221 1

223
2 0.374 0.501 0.676 1.65

320 (023) 3
223

2 0.427 0.501 0.637 1.35

231
(
1̄32

) 1
233

2 0.497 0.749 0.593 2.5
332 1

235
2 0.538 0.749 0.569 2.2

331 132 0.549 3.929 0.563 348
330 3

233
2 0.577 0.749 0.548 1.95

431
(
1̄34

) 3
235

2 0.613 0.749 0.529 1.75

Table 5.1: Results from the frozen phonon model. Calculations based on an atomic displacement
of |δ| = 0.01 along bs for the clockwise domain with bs ≡ bp. Cmcm and bcc indices are given
in columns one and two, the bcc Bragg positions are bold black, clockwise Cmcm positions in
normal font, and anticlockwise Cmcm positions in italics with correct indices in parentheses.
The structure factor, which for diffuse positions depends only on ks ≡ kp, is given in column four
and column five gives the scattering factor for an averaged atom U0.75Mo0.25, normalized to 1 at
sinθ/λ= 0. The top panel contains calculated results for the reflections in figure 5.1. The lower
panel highlights a selection of diffuse positions around their bcc Bragg positions with a focus
on higher Q. Final intensities are normalized to the strongest Bragg reflection I(110)p = 1000
with no Lorentz correction applied. Final diffuse intensities are divided by 6 to account for the
reduction in scattering volume resulting from 6 possible domains.
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Fig. 5.5 : Line profiles across the semi-minor (left) and semi-major (right) elliptical
axes for the (132)s reflection. The elliptical axes correspond to b∗

s and a∗
s directions, respec-

tively. All three Mo concentrations are shown: 17.2 at.% (black), 23 at.% (dark grey) and 31 at.%
(light grey), errors are smaller than points in all cases. Curves correspond to squared Lorentzian
best fits. Peak intensity is normalized to the 17.2 at.% maximum and all curves are shifted to
set the peak centre equal to zero. Lower panel: Normalized peak area (black) and normalized
correlated volume ζ= ξ2

bs
×ξas (red) plotted against Mo concentration. Dotted lines are guides to

the eye.

of individual displacements along bs, |δ|, are proportional to the inverse peak width and inte-

grated area, respectively. Correlation length relationships varies across the literature however

Full Width Half Maximum(FWHM) = 2π/ξ [35] will be used throughout this thesis. Given this

relationship, the alignment of the long axis of the diffuse ellipsoids with a∗
s shows the correlations

are significantly stronger within, as opposed to out of, the phonon plane. It is also clear that both

the correlation lengths and the magnitude of individual atomic displacements display strong

tunability with alloy composition. This is qualitatively evidenced in figures 5.1 and 5.2 by the

decreasing intensity and increasing width for samples with sequentially greater Mo content.

To further probe the characteristics of the local order, line profiles were extracted from

reconstructed planes such as figure 5.1, with pixel width determined from the known Bragg

reflection spacing. Figure 5.5 shows representative extracted line profiles across both elliptical

axis of the (132)s reflection, highlighted with a blue ellipse in figure 5.1. An analysis of which

gives the correlation lengths shown in table 5.2. As there are multiple convoluted sources of
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Mo Content ξas

(
Å

)
ξbs /cs

(
Å

)
e

17.2% 21.6±0.1 29.7±0.2 0.686±0.006
23% 15.6±0.3 16.3±0.2 0.29±0.07
31% 5.0±0.9 5.2±0.2 0.3±0.6

Table 5.2: Summary of superstructure parameters extracted from the (132)s reflection. Calculated
correlation lengths, ξ, along the as and bs /cs directions are given in columns 2/3 and the elliptical
eccentricity is given in column 4.

broadening present in the diffuse peak this analysis only provides a lower limit on the correlation

lengths. However, given the magnitude of the observed widths, the finite correlation lengths

are likely the dominant effect and therefore the values obtained are expected to be a good

approximation for the true values. It is therefore clear that, while the local atomic displacements

show strong 3D correlations represented by a frozen phonon, the identity of any one choice of

domain is only preserved over a relativity short distance. As such, the local superstructure is

better thought of, not as local order, but as correlated displacive disorder, with local structural

rules that may be satisfied in 12 distinct, but energetically equivalent ways. A situation well

described by the configurationally underconstrained class of correlated disorder. Furthermore, all

correlation lengths decrease with increasing Mo content and the integrated intensity, proportional

to |δ|, also drops rapidly from a maximum |δ| of ∼ 0.01, equivalent to ∼ 0.03 Å. The elliptical

eccentricity, e =
p

b2 −a2 /b, where b (a) are the semi-major (minor) axes, is also observed to

decrease with increasing alloy content. Note that value of e is identical in both reciprocal and real

space, however the definition of the semi-major (minor) axes are switched. Taken together, these

results demonstrate that the correlated disorder in the γs-UMo system, displays strong, intrinsic

tunability with respect to alloy content. It is also noted these values are in line with those found

for the 20 at.% doped alloy investigated by Yakel [31]. Regarding the character of the correlations,

given a large enough sample of q-space, and a sufficiently good signal-noise ratio, it is possible to

distinguish between embryonic wave-like distortions (Lorentzian) or nanodomains with constant

|δ| (squared Lorentzian) [36], however in this case no statistical difference was observed between

the two functions and as such the exact character remains undetermined. A squared Lorentzian

function proved a marginally better fit therefore this form was used for all curves.

The observation that both the FWHM and integrated intensity decay dramatically with in-

creasing alloy content also highlights the role played by Mo in stabilizing the global bcc structure.

A possible mechanism could be broadening of the f -band, through both added d-character and

alloy broadening [37], reducing the potential energy gain from a Peierls-like distortion [38],

however the difference in orbital shape between d and f elements may also be relevant [39].

Recast into the language of correlated disorder; by increasing alloy content, and therefore also

the ratio of d to f electrons that participate in bonding, the strength of conflict between local

interactions and the global lattice is decreased, and the correlated disorder strength reduces
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in concordance. This could also explain the observation that the stabilizing power of alloying

elements increases with atomic number as more d-electrons participate in bonding [40]. There-

fore, regardless of the precise mechanism, this indicates that, as is the case for so many actinide

phenomena, it is the relative participation of 5 f -electrons in bonding that is the important factor.

In this case producing the inherent conflict required for the formation of correlated disorder with

their relative level driving the strength of disorder manifested.

Inspecting the derived parameters shown in the lower panel of figure 5.5 it can be seen that

the integrated area and correlated volume decrease in tandem. This disagrees with the model

proposed by Starikov et al. [41], who proposed a fixed displacement magnitude with decaying

correlations for increased Mo content. Ultimately, they suggest the system enters a quasi-bcc state,

where each bcc unit cell contains an atomic displacement, but there exist no correlations between

unit cells. They also predict that a distorted superstructure should only exist over a narrow range

of alloy compositions, ∼ 16−18 at.% at 300 K. However, in contradiction with their predictions, a

Cmcm superstructure is observed in all samples covering the range 16−31 at.%1. It should be

noted that their work was premised on the previously proposed γs structure [31], however it is

unclear if this would explain the discrepancies given the two structures are remarkably similar.

Moving the opposite direction within the metastable phase space, towards lower Mo content

and the γo phase, the validity of the conventional P4/nmm unit cell can now be assessed using

the newly defined Cmcm structure as a logical precursor. By allowing the Cmcm axial bs /as

ratio to deviate from 1/
p

2 , and |δ| to substantially increase, it is immediately obvious from figure

5.6 that the two structures are remarkably similar, however all the atoms now participate in the

distortion as opposed to just those that previously occupied the body centred bcc positions. As

with the γs phase this simplifies the description, removing the requirement for multiple atomic

positions within the primitive unit cell and with it the unusual variation in atomic coordination

observed between undisplaced 2a atoms that lie on the ab faces and are highly ordered with

respect to each other, and those displaced from the (0,0.5,0.5) (2c) positions, which are less

ordered [42]. A comparison of simulated diffraction profiles for both structures, which are largely

identical, are shown in appendix C. A small change in the relative intensities is apparent, and

could possibly be used to distinguish the two candidate structures experimentally, however the

simulation suite used was simplistic and so predicted intensities should be taken under caution.

Assessing the allowed reflections for each structure, the only discrepancy between the two are a

series of extra, weak reflections allowed in the P4/nmm structure due its lower symmetry, which

accounts for the reduction in predicted major reflection intensity. However, these reflections were

assessed by Yakel [31] to be entirely dependant on scattering from the displaced atoms, this is the

same condition that defines the H positions in the I-43m γs structure. As will be evidenced below

these reflections have a separate origin and are not attributable to the γs phase. It is impossible

116 at.% data is presented in chapter 7.
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Fig. 5.6 : Comparison of the conventional P4/nmm and proposed Cmcm γo structures
an increased perspective is used to aid visual clarity. (Left) Conventional structure as reported by
Yakel [31] for ternary alloy U0.7776Nb0.1660Zr0.0564. “Undisplaced” 2a atoms shown in black and
“displaced” 2c atoms shown in grey with black vectors indicating displacement direction from bcc
positions. A compass indicating unit cell orientation is included top left. (Right) Comparision
between the P4/nmm(black) and Cmcm(red) structures. Red planes “shear” planes are included
with reference to figure 5.3 and black vector indicate the displacement of atoms within the
Cmcm structure. The outline of one Cmcm unit cell is included but the boundary criteria for
visible atoms has been extended to include an extra half unit cell along both b̄ and c̄ so that
the coincidence between the two structures is obvious. A second compass is included in the top
right corner for the Cmcm unit cell orientation and the full relationship between the two struc-
tures is as follows: |a|Cmcm = |c|Cmcm = |b|P4/nmm; |b|Cmcm = |c|P4/nmm; (010)Cmcm || (001)P4/nmm;
[001]Cmcm || [010]P4/nmm. Cmcm lattice parameter lengths were set equal to that provided in
ref. 31 to allow direct comparison. To account for the change in centring the origin of the Cmcm
unit cell has been shifted such that (1,−0.25,−0.25) and the P4/nmm origin are coincident, this
is obviously one of many allowable choices. With this choice of origin, Cmcm atomic coordinates
were set such that the P4/nmm 2c positions were coincident with their corresponding Cmcm
atoms. This procedure gives the atomic coordinate as (0,0.203,0.25) corresponding to |δ| = 0.047.

to be definitive without conducting new diffuse scattering studies on a γo system, however it is

deemed likely that extra weak reflections observed by Yakel in the γo sample are of the same

origin as in the γs sample, i.e. not γ phase reflections. This conjecture is supported by the fact

that the origin of the H point signal is a stable phase, and the γo system in Yakel’s study was

formed by annealing a γs phase sample. In effect, thermal annealing adds energy into a system

for finite length of time, allowing the metastable energy barrier to be overcome and the system to

reorganise into a lower energy structure or structures, thus, given the H point signal originates

from a truly stable structure its presence post-anneal would not be surprising.
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Therefore, given the strong negative relationship between |δ| and Mo content observed in this

work, it is proposed that the γo structure is likely more appropriately described as the extreme

position adopted by the Cmcm γs structure at low Mo content. The transition between the two

structures is then simply a matter of increased |δ|, which is assumed to indirectly facilitate the

deviation in the axial ratio bs /as from 1/
p

2 , or as it is more commonly written cp /ap from 1, that

ultimately distinguishes the two phases from one and other. The entire γ→ γs → γo transition

could therefore be described by a series of continuous atomic shifts within a Cmcm unit cell.

Starting from γ (|δ| = 0, bs /as = 1/
p

2 ) moving through γs (|δ| 6= 0, bs /as = 1/
p

2 ), breaking bcc

symmetry on a local level by defining a unique axis bs within each domain, before eventually

reaching maximal values of |δ| that are also accompanied by small x/z shifts, fully destroying

global bcc symmetry to give γo (|δ| 6= 0, bs /as 6= 1/
p

2 ). Importantly, both Yakel [31] and Hatt

[43] observe that, in contrast with the γs patterns, all reflections in the γo may be identified

as “sharp” or “Bragg-like” indicating the structure maintains long range crystalline order. As

such, the γs system could be thought of as a disordered precursor to the eventual ordered state

of γo but one that hosts correlations mirroring the ordered state. Then, the axial bs /as ratio

that marks the boundary between the two phases also, by definition, marks the state hosting

correlated disorder from the truly ordered state as once the global bcc symmetry is broken, the

total degeneracy between superstructure domains is lifted, and the system must be viewed as an

ordered structure as the identities of high-symmetry host and low-symmetry superstructure have

necessarily been lost. Note the proposition that the γo structure be described by a Cmcm unit cell

need not hold in order for the γs structure to be viewed through the lens of correlated disorder,

although it does appear a sensible and elegant solution. It would also mean that three of the

four metastable phases may be described using a Cmcm space group highlighting the desire for

uranium containing structures to manifest corrugated atomic sheets. The outlier is the α′′ phase,

although even this structure is very close to Cmcm, and it’s outlier status might be predictable

given the γo to α′′ transition has been previously described as a significant and discontinuous

shearing of the lattice [44], as it must be, given the direction of corrugation in the atomic sheets

in the γ phase and α phase structures are orthogonal.

What is astounding is how close Yakel came to drawing the same conclusions in 1974 before

the modern ideas of correlated disorder had been developed, quoting directly “I interpret the γs

diffraction pattern, as I now know it, as the displacement analogue of short-range chemical order...

When c/a, as measured by the sharp reflections, departs sensibly from the ideal ratio, I believe the

system changes from a short-range to a long-range ordering of atom displacements.” [45] However

he was prohibited from determining, what I believe to be the correct structures, by the lack of a

systematic set of sample and of modern synchrotron instrumentation that is required to separate

the two signals. Furthermore, without the modern framework of correlated disorder, the ideas of

short range displacive order, or in alternative language correlated displacive disorder, did not

gain traction and are not represented in contemporary literature concerned with metastable
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uranium systems. Testing the proposed γo structure and confirming the order-correlated disorder

relationship between the two γ phase structures is possible but likely non-trivial. Unless total

scattering methods were employed, which would make direct comparison with the current work

difficult, single crystal samples are required. However, in order to utilise the epitaxial methods

developed in this thesis, an appropriate epitaxial match with the γo phase would need to be found

as the deviation in the axial cp /ap ratio is expected to render the Nb buffer used in this study

ineffective. It may be possible to sufficiently tune the Nb lattice parameter by alloying, however

this would undoubtedly involve large amounts of trial and error with no guarantee of success.

Alternatively, a previous colleague, J. Sutcliffe, has performed extensive crystallographic

studies on the α′′ and γo systems in the uranium-niobium system using Rietveld refinement

techniques [42] with particular attention paid to the development of the uranium local environ-

ment through the metastable phases2. As the two alloy systems are expected to be isostructural,

reanalysis of this data with the γo structure presented here could represent a promising avenue.

However, as the data was collected from bulk non-idealised samples, and there was evidence to

suggest that the γo sample contained a secondary α′′ phase, the analysis may be rather complex.

Finally by studying correlations in the alloy system, it is also possible to gain an insight

into the fundamental instability in pure bcc-uranium
(
γ
)
, which is only stable above 1045 K [46].

Therefore, it can be confirmed that the relevant room temperature instability is in the TA1 [110]p

branch, evaluated at N, as predicted [46, 47]. On cooling, the uranium phase pathway passes from

γ through the highly complex β-phase [48], before transforming to the orthorhombic α-phase.

The exact γ−β transformation mechanism is unclear. However, this study does indicate that the

TA1 [110]p mode may play a significant, if not primary role. This contrasts with the transition

at higher pressures, where γ transforms directly to α via the TA2 [110]p mode, atomic motion[
11̄0

]
p, as first proposed by Axe et al. [49]

5.2 H Point Signal

Having explored the local γs-UMo superstructure in detail, the H point signal will now be

discussed, and the validity of separating the two diffuse signals evidenced. The H point reflections

are characterised by three key factors; they sit close to but clearly displaced from the H positions,

they have the reverse intensity dependence on Mo content and some reflections show a strong

relationship between peak character, Q position, and Mo content; starting as one broad peak at

low concentrations before splitting into multiple distinct peaks at the highest concentration.

2Regarding the γs phase, J. Sutcliffe remarks that it appears an outlier from the continuous trend in atomic shifts
observed from γ through the metastable phases to α. However this is likely due to an error in the CIF file for the
I-43m γs structure stored on the ICSD database and used in his work. The atomic coordinates of the displaced atom
are mistakenly given (0.25,0.25,0.022) instead of (0.25,0.25,0.22) producing a far greater distortion that expected.
Reanalysis with the structure presented in this work would be expected to fit the overall trend.
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Fig. 5.7 : Annotated visualisation of the U2Mo unit cell highlighting the repeating plane
structure. Reprint of figure 2.4.

It is instructive to start by assessing the highest Mo content system as the signal is most

significantly developed and is the only dataset for which the diffuse peaks could be confidently

included in the UB matrix determination so forms the basis from which the other samples were

analysed. In this system the H point signal is fully defined by a coherent precipitate of U2Mo,

shown in figure 5.7 and discussed in section 2.2, with 3 (6 including time reversal) domains

corresponding to the freedom to choose which parent axis the tetragonal (long) c axis of U2Mo is

aligned with. In this sense, the H point signal is not diffuse but incredibly weak Bragg peaks

that arise from a crystalline precipitate with finite correlation length and scattering volume.

The observed lattice parameters for the 31 at.% system, shown in table 5.3, differ slightly from

the stoichiometric values |a| = |b| = 3.43, |c| = 9.83 Å [50]. This is unlikely to be attributable

to off-stoichiometry as the lattice parameters reported for the 30.4 at.% system [51] differ only

marginally from stoichiometric values, however the effect of epitaxial clamping may offer a

possible explanation. Also note that the c /a ratio is 2.97, significantly closer to 3 than the

stoichiometric value of 2.866. Further supporting evidence that the reflections are Bragg-like

in nature, is given by consistency between the relative reflection intensities and structure

factor calculations, indicating the precipitate is not a distorted structure and instead exhibits

the required chemical ordering. Furthermore, the precipitate is coherent with the bcc parent

structure as evidenced by the coincidence of bcc reflections with a subset of U2Mo Bragg positions.

Given the two structures, this requires that the parent and precipitate lattice vectors must

also be coincident. For all reconstructions shown the tetragonal c axis was chosen to lie in the

sample plane, parallel with the parent c axis. Figures 5.8 and 5.9 show the (hk0) and (hk5)
reconstructions in which precipitate reflections from both the chosen domain (integer indices) and

the other two domains (non-integer indices) can be seen. In figure 5.9 there are also a significant
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Mo Content a
(
Å

)
b

(
Å

)
c

(
Å

)
c/aavg

17.2% 3.452 3.451 9.39 2.72
23% 3.4054 3.4048 9.71 2.85
31% 3.389 3.391 10.06 2.97

Table 5.3: Unit cell parameters for the U2Mo-like structure.

number of N reflections as well as the tails of some bcc reflections, the former decreasing in

intensity with Mo content, as expected. The identification of these reflections as N points is

reaffirmed by the (hk4) plane shown in appendix D.1, a plane of systematic absences for U2Mo.

Concerning the peak splitting observed in some reflections, the (hk3) plane is chosen as

an example, for which a zoom around the (113) position is shown in figure 5.10, with the full

reconstruction provided in appendix D.2. This behaviour and its apparent absence from other

planes may be explained by an evolution of the tetragonal c (long) axis with Mo content. For

“off-domain” reconstructions such as the (hk3) or (hk0) planes, the domain specific, long axis,

lies in the reconstructed plane and as such the observed peak positions are strongly dependant

on the length of this axis. Whereas for “on domain” reconstructions the long axis lies out of the

plane, and while peak splitting does occur, it is not observed directly. Instead, the relevant peak

moves, in and out of the plane, which, at least in part, contributes to the variation of intensity

with Mo content. This “on domain” effect arises because the two lower Mo content samples were

reconstructed using only the parent Bragg reflections, meaning the modelled unit cell is fixed

to c /a= 3 and thus has incorrect lattice parameters. As such the observed reflections do not sit

on their expected reciprocal lattice positions. An estimate of the true lattice parameters may

be determined by assessing this displacement and multiplying the UB lattice parameters by

the relevant factor, although it should be stressed that as the intensities are low this method

was applied “by eye” within the Crysalsis analysis suite and as such the results represent a

trend as opposed accurate parameter determinations. Minimal, if any, variation in the short

parameters, a and b was observed, and given the large width and low intensity of the reflections

it was not possible to confidently assess any displacement, as such the reported values are those

used within the UB matrix. These vary slightly from those obtained by the laboratory source

analysis reported in chapter 3, however, given the Bragg reflections used to obtain the UB matrix

are saturated, it is not considered unreasonable that the short axis are coherent with the cubic

structure for all alloy concentrations. In contrast, when assessing the (0,2/3,0) reflection, which

is solely dependent on the long axis, a meaningful and substantial displacement was observed,

from which the c parameters reported in table 5.3 were calculated. This indicates that not only

does U2Mo form as a coherent precipitate within γs structure when their stability/metastability

regimes coincide, a fact previously missed due to misinterpretation as γ phase signal, a precursor

structure also exists as low as 17.2 at.%. The precursor still appears coherent with the global bcc

structure and maintains the required chemical ordering however exhibits reduced tetragonalality.
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Fig. 5.8 : Reciprocal space reconstructions of the (hk0) plane using a U2Mo-like orien-
tation matrix with the tetragonal axis aligned with the parent axis c and inverse high dynamic
range colour mapping with a foreground lower limit of 3016 to best display the low intensity
H point signal. Reconstructions for all three alloy concentrations are shown and a selection of
precipitate reflections are indexed. Red and yellow indices mark reflections originating from
b-axis and a-axis aligned domains, respectively. All reflections are indexed within the c-axis
representation used to construct the orientation matrix.
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Fig. 5.9 : Reciprocal space reconstructions of the (hk5) plane using a U2Mo-like ori-
entation matrix with the tetragonal axis aligned with the parent axis c and colour mapping
identical to figure 5.8. Reconstructions for all three alloy concentrations are shown and a selection
of precipitate reflections are indexed in orange.
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Fig. 5.10 : Reconstructions for the (hk3) plane highlighting the evolution of the pre-
cipitate signal with the tetragonal axis aligned with the parent axis c, using a foreground limit
of 927 and standard high dynamic range colour mapping. The 31 at.% Mo peaks are indexed
within a-axis (blue) and b-axis (red) aligned representations, respectively.

The quantity of the precipitate is proportional to integrated peak area via the total scattering

volume of each domain. The (hk0) plane, figure 5.8, was used to probe the intensity relations

as a lack of l component means the error in c is not relevant and all reflections lie exactly in-

plane. Firstly, it can be seen that for all Mo contents, the total intensity is uniformly distributed

across domains indicating all three domains are equally occupied. This should be expected from

symmetry considerations given there are no obvious reasons why any one cubic axis would be

preferred for tetragonal alignment. Secondly there appears to be a marked increase in reflection

intensity with Mo content indicating a greater quantity of precipitate. This coincides with an

apparent decrease in peak width, indicating an increase in correlation length, or precipitate

domain size. To probe this further, and deconvolute the width and integrated area, line profiles

were extracted, along the a∗ direction, across the maximum intensity of the (0,2/3,0) reflection.

The extracted profiles were fit with a Lorentzian squared profile and are shown in figure 5.11. As

with the N reflections, it was not possible to distinguish between a Lorentzian and Lorentzian

squared profile however the latter was a marginally better fit, and is consistent with nanodomains

which, for a precipitate, is physically sensible. Figure 5.11 confirms that both integrated area and

FWHM decrease with alloy content. The calculated correlation lengths are 21.2±0.2, 17.6±0.2

and 13.5±0.3 Å for the 31, 23 and 17.2 at.% systems, respectively.

Finally, in addition to the precipitate reflections, extra, one dimensional diffuse planes are

observed for all alloy contents. These planes of diffuse intensity can be seen in figure 5.8 as

streaks along the 〈110〉 and give the appearance of connecting reflections from different domains.

The streak pattern increases in obtuseness with decreasing alloy concentration which results

from the decreasing long axis length. As explained in section 4.2, diffuse planes correspond to one

dimensional correlations perpendicular to the plane, and are commonly a direct manifestation of

low energy phonon branches, in this case possibly the transverse mode along 〈110〉. Supporting

evidence for this interpretation is the fact that U2Mo is predicted to be dynamically unstable
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Fig. 5.11 : Line profiles across the a∗ direction for the (0,2/3,0) reflection. All three Mo
concentrations are shown: 31 at.% (black), 23 at.% (dark grey) and 17.2 at.% (light grey) with
corresponding error bars. Curves correspond to squared Lorentzian best fits. Peak intensity is
normalized to the 31 at.% maximum and all curves are shifted to set the peak centre equal to
zero. (Insert) Normalized peak area (black) and normalized correlated volume ζ= ξ3 (red) plotted
against Mo concentration. Dotted lines are guides to the eye.

[52, 53] at 0 K and is therefore likely to exhibit low energy phonon branches. Plus, the streak

intensity increases with |Q| and is most intense in the vicinity of U2Mo reflections which as

Bragg-like reflections are obviously also Γ positions. This is supportive of a phononic origin as

low energy branches have large phonon populations, which in a classical picture is equivalent

to large atomic displacements or amplitude and, as was shown in section 4.2, diffuse scattering

intensity scales with mean square atomic displacement. A more thorough discussion of these

relationships, along with the intrinsic link between diffuse scattering and inelastic scattering

intensity is given in chapter 8.

The diffuse structure appears most intense in the 23 at.% system and least intense in the

17.2 at.% system. A possible explanation for this would be competitive interplay between total

scattering volume which increases with Mo content, and frequency of the relevant phonon branch

which may reasonably be expected to increase with Mo content. This additional diffuse structure

also leads to an artificial elongation of the (0,2/3,0) reflections that may, at first inspection,

be interpreted as asymmetric correlation lengths within the precipitate structure, however is

solely due to the increased obtuseness of the 1D diffuse structure. A similar diffuse structure

is also observed in the (hk5) plane, figure 5.9, and leads to a second artefact, phantom peaks
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between the U2Mo reflections in the 31 at.% system and to a lesser extent the 23 at.%. These are

not explained by any of the structures proposed to exist in the system so far, however are well

explained by a superposition of the weak diffuse streaks with the N point intensity that broadens

with increasing Mo content. Finally, additional diffuse planes along the 〈100〉 are observed in

the off-domain cut (h,2/3, l) shown in appendix D.3. Further investigation, both quantitative and

qualitative, of these diffuse structures is complicated by the multidomain nature of the system

and their low intensity. Instead the topic is left for further study with the speculation that they

are likely all attributable to low energy phonon branches.

5.3 Discussion and Conclusions

Overall, as expected from the two “predictive criteria” presented in chapter 1, the metastable

γs-UMo system should be thought of in terms of correlated displacive disorder that lowers the

local symmetry, with three dimensional correlations between nearby atoms governed by rules

that may be represented as a frozen phonon. These rules may be equally satisfied in 12 distinct

ways, situating the disorder within the configurationally underconstrained class and resulting in

a local superstructure which is twelve-fold degenerate, maintaining the higher average symmetry,

while recovering anisotropic neighbour distances reminiscent of α-uranium. Hence, it is clear

that the intrinsic conflict created by a mismatch in preferred symmetry (local interactions)

between uranium and the bcc lattice it is arranged upon is resolved by the formation of correlated

disorder. Globally, the high symmetry bcc structure is preserved, whereas locally, a significant

symmetry reduction is allowed. By extension, similar behaviour should be expected for any

anisotropic crystallographic basis arranged on a high symmetry lattice. It is also believed this

constitutes a new form of correlated disorder as every atom is displaced to form a short-range

superstructure with no evidence of chemical order which differs from all examples given in

chapter 1, many of which are vastly more complex. Furthermore, these studies hint at a deep

link between metastability and correlated disorder. It is considered likely that many systems

previously considered “stabilised” are in fact only so on a global scale, while the local structure

manifests meaningful reductions in symmetry. In fact, I would be inclined to argue that it is

the ability for a structure to host correlated disorder, thus satisfying the symmetry lowering

interactions on a local level, while maintaining an average higher symmetry, that allows such

“stabilised” systems to exists at all.

Importantly the observed state in the γs-UMo system is not considered to be a disordered pre-

cursor to an ordered, low temperature state, as is the case for many systems that host correlated

disorder [4], as the lattice and basis symmetries are mutually incompatible. Although rare, simi-

lar incompatibilities can be found in other systems, for example the bipolar glass K1−x (NH4)x I

where the tetragonal ammonium cation is incompatible with the octahedral symmetry of its

crystallographic site [54]. Instead, having reassessed the γo structure, it is suggested that alloy
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content is likely the relevant parameter such that the γs is best viewed as disordered precursor

to an ordered, Cmcm γo phase, where the displacement magnitude |δ| has increased to such

a point as to drive a meaningful deviation in the axial bs /as ratio from 1/
p

2 , breaking the

global bcc symmetry and lifting the total degeneracy between Cmcm domains. However, prior to

this point, alloy content serves as a strong, intrinsic tuning parameter for correlated disorder

strength, qualitatively defined as the combination of |δ| and ξ. Testing the proposed transition by

conducting diffuse x-ray scattering studies on a single crystal γo system as well as repeating the

γs studies at low temperature would be obvious extensions to this work. Diffuse scattering studies

with in situ annealing could also be highly informative to track directly the predicted γs → γo

correlated disorder to order transition. Another potentially interesting avenue of study would be

to investigate the effect of epitaxial strain on domain occupation by synthesising substantially

thinner films in an effort to deliberately depopulate the domain with its unique axis in-plane.

Concurrent to the local ordering phenomena, precipitation of a precursor structure of U2Mo

is observed as low as 17.2 at.% in contradiction with the previously held limit of off-stoichiometric

stability, 30.4 at.%. This structure appears both coherent with the global bcc lattice and to exhibit

the required chemical ordering, however shows lower tetragonality than expected. This develops

with increasing Mo content until the precipitate is well described by a coherent U2Mo structure,

albeit now with larger tetragonality than the stoichiometric compound. To my knowledge this is

not only the first report of a U2Mo precursor, but also of U2Mo forming as a coherent precipitate

within the γs-UMo structure when their stability/metastability regimes coincide, a fact previously

missed due to misinterpretation as γ phase signal. To gain a greater understanding of this system,

a method for synthesising bulk γs-UMo single crystals is likely to have to be developed in order

to vastly improve signal intensity. Also, to understand the additional diffuse structure, a single

crystal, single domain sample of stoichiometric U2Mo would be best. From such a study it may

even be possible to reconstruct the full phonon dispersion, something, which to my knowledge, has

not been determined experimentally but has garnered not insignificant amounts of theoretical

attention [52, 55, 56]. Of course, this is only possible providing the hypothesis of low energy

phonons being the origin of the diffuse structure is correct, it is entirely possible that another,

more complex set of one dimensional correlations are present in the system.

As a concluding remark, these studies highlight the important role that modern, high reso-

lution, diffuse scattering has to play in contemporary materials physics. Recent instrumental

advances have allowed a significant extension of earlier work [31], providing a full understanding

of the γs-UMo system and shedding new light on the U2Mo precipitate. As such, it is stressed that,

as others have recently highlighted [4, 57], correlated disorder may be significantly more preva-

lent than previously thought and diffuse scattering methods should be employed to investigate

systems wherever correlations are suspected.
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6
THEORETICAL BACKGROUND AND EXPERIMENTAL METHODS FOR

HEAVY ION IRRADIATION STUDIES

Having developed a complete picture of the correlated disorder present in the γs-UMo system,

and shown the strong, intrinsic, tuning power of alloy content, it is interesting to consider other

potential, extrinsic, tuning mechanisms. It is in this context that effects of heavy ion irradiation

will be explored. However, as was made clear in the foreword, the link between correlated disorder

and heavy ion irradiation was made retrospectively. This chapter will give a brief overview of the

relevant theoretical aspects of heavy ion irradiation before detailing the experimental procedures

followed. Subsequently, experimental results and discussion are detailed in chapter 7.

6.1 An Overview of Heavy Ion Irradiation

Heavy ion irradiation and its effects are a vast and varied field of study that range from un-

desired but unavoidable scenarios such as the irradiation of nuclear fuel and other in-reactor

components, normally known as “radiation damage” [58], to the deliberate implantation of ions

into semiconducting devices [59] or the creation of specific defects in superconducting materials

[60–66].

Regardless of desirability, the underlying process is identical. Ions incident on a target

material transfer energy to the system and are slowed in the process, firstly through inelastic

collisions with bound electrons in the material, which are numerous in frequency but leave the

ions trajectory largely unchanged, then, after the ions have been slowed sufficiently such that

the cross section for elastic collisions with the target nuclei is non-neglibable, nuclear collisions

begin to dominate. Not only do nuclear collisions result in potentially drastic changes in ion
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trajectory, when the transferred energy exceeds a given “threshold displacement energy”, the

target nuclei is displaced from its lattice site adding a new energetic particle to the system. Such

displaced nuclei are able to displace further nuclei in what is known as a collision cascade. By

convention the first displaced target nuclei is known as the “primary knock on atom” or PKA.

Both incident ions and subsequently displaced nuclei may come to a halt in one of two ways;

either they displace a target nuclei but don’t have sufficient energy to then escape the position

themselves, thus remaining on the lattice site, an event known as a replacement collision as

there is no net change in the number of vacancies or, if the moving nuclei/ion has energy lower

than the threshold displacement energy it will settle in an interstitial position. In some literature

the first case may also be counted as an interstitial outcome when the identity of the final and

initial atom are different. However, in all cases the final energy of the moving nuclei/ion is lost to

the system as collective atomic vibrations (phonons), a phenomena discussed at length in chapter

8. As the moving entities slow, the probability of nuclear collision increases such that, in an

homogeneous material, both the stopping range, and damage profile are peaked at a given depth

into the material known as the Bragg peak, before which the majority of stopping is electronic

and after which very few ions /nuclei are in motion. This presents one of the major benefits of

using thin films for damage studies, as the film thickness and incident ion energy/mass may be

tuned such that the Bragg peak lies well inside the substrate, thus limiting ion implantation to

negligible levels and providing a relatively flat damage profile through the entire film.

Finally it is recognised that both the microstructural processes present during a cascade and

the details of the resulting defect structure are highly complex and constitute an entire field of

study that will not be broached in this thesis, the interested researcher is directed to the book by

Gary S. Was [67]. Instead, the following discussions will be conduced within the framework of

heavy-ion irradiation as a means for moving the system far-from-equilibrium for a finite time,

followed by a period of relaxation with the eventual end result of driving, or at least allowing the

possibility of, substantial atomic rearrangement.

6.1.1 The Stopping and Range of Ions in Matter

In order to compare the effects of both varied ions and materials, and any combination thereof, the

choice of ion and flux is not sufficient as the response of a target material is determined by both its

density and constituent nuclear masses. Target density has obvious implications for the nuclear

collision cross-section, with denser materials exhibiting greater probabilities of collision and the

effect of nuclear masses can be understood intuitively by considering a simple classical picture of

two objects with varied mass colliding elastically. The efficiency of momentum (energy) transfer

is dependant on the relative mass difference with maximum momentum transfer achieved in the

case of equal masses. To avoid these issues, a common comparable quantity of “displacements

per atom” (dpa) is used. This quantity is difficult to determine experimentally post-irradiation
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Fig. 6.1 : 2D damage profile showing displacements produced per angstroms per ion for
Ni+ 57.94 amu into Nb2O5

(
38 Å

)
/Nb

(
45 Å

)
/γ-UMo

(
725 Å

)
/Nb

(
157 Å

)
/Al2O3

(
500µm

)
. Profiles

for both the central beam energy (1.95 MeV) and extremal fluctuations (1.94/1.97 MeV) are shown
in blue, dark grey and light grey, respectively. The chosen plot window covers only the alloy
layer

(
83−808 Å

)
and the averages are also calculated over this range, however the calculation

proceeds over the full range
(
0−500µm

)
. All profiles shown are the result of 99,999 iterations.

so is normally modelled pre-irradiation and the flux (dose) set accordingly. Many programs and

methods exist to perform such simulations however perhaps the most common is the software

package “The Stopping and Range of Ions in Matter” or SRIM [68].

SRIM is a Monte-Carlo simulation package that simulates a large number of single-ion

irradiation events and is thus able to create a modelled damage “profile” from which numerous

useful quantities may be extracted. In the context of this work the two most useful are the

average ion stopping range, and the displacements per angstrom per ion (dpi). Importantly, the

package is able to model the stopping of any ion into any target, including complex multi-layered

systems. All calculations shown in this thesis were performed using SRIM-2013, which is based

on the SRIM-2008 stopping power model, with the “Monolayer Collision Steps” calculation mode.

The latter point is important because the assumptions made in both “quick damage” and “full

cascade” modes produce anomalous results near a sample surface. This is largely inconsequential

for bulk studies, however for thin films the anomalous results can dominate. The “Monolayer

Collision Steps” mode forces the calculation to consider each monolayer sequentially and thus

reduces the effect of such issues, albeit at the expense of computational time. More details on the

SRIM calculations may be found in the SRIM textbook [69], however, two important assumptions

are highlighted. Firstly, each target layer is considered to be a homogeneous slab with a given

density and secondly, all simulations are conducted at 0 K. The first assumption means any

crystallographic effects, such as channelling, are lost, and the second, that the large majority of

defects reported by the model will “anneal out” almost instantaneously via vacancy-interstitial

recombination processes that occur at finite temperature. This explains why a SRIM model can

predict damage levels of over 1 dpa, but experimentally strong crystallinity is preserved. The

displacements do occur, but the resulting defects are annealed out immediately.
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Fig. 6.2 : 3D damage profile showing displacements produced per angstrom per ion,
using the central beam energy and the same incident ion and target composition as described in
figure 6.1. The plot window extends from 0−1.5µm. The black axis corresponds to the 3D data,
integrated 2D depth and lateral plots are shown in red and green, respectively, with corresponding
axes in blue and green, respectively. The incident ion direction is marked with a red line and black
horizontal lines mark layer boundaries, however due to the resolution only the film-substrate
boundary is clearly distinguishable. Profile shown is the result of 60,000 iterations.

Fig. 6.3 : 3D ion implantation profile showing final position of ions using the central
beam energy and the same incident ion and target composition as described in figure 6.1. The plot
window extends from 0−1.5µm. Units of

(
Atoms cm−3)

/
(
Atoms cm−2)

are used such that when
the product is taken with a dose in units of ions cm−2 implanted ion concentration is obtained in
units of ions cm−3. The black axis corresponds to the 3D data, integrated 2D depth and lateral
plots are shown in red and green, respectively, with corresponding axes in matching colour. The
incident ion direction is marked with a red line and black horizontal lines mark layer boundaries,
however due to the resolution only the film-substrate boundary is clearly distinguishable. Profile
shown is the result of 60,000 iterations.
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All the irradiations in this thesis were performed using 1.95 MeV Ni+ ions. There is no scien-

tific significance to this choice, it was simply practical to perform the irradiations in conjunction

with another project investigating self-ion irradiation into Ni based super-alloys. The output from

the SRIM calculations used in this thesis are shown in figures 6.1-6.31. The major results are as

follows. Firstly, as can be seen from figure 6.3, the ion stopping range is peaked well within the

substrate and the effects of ion implantation into the alloy layer should therefore be negligible.

The average ion stopping range is given as 9385(+103,−55) Å with an average lateral range of

1931(+17,−1) Å, see below for discussion of errors. Secondly, as shown in 6.1 the damage profile

across the alloy layer is largely constant, and an average dpi of 1.57×108 may be extracted.

Comparing this behaviour with the substantial width of the Bragg peak, figure 6.2, the benefit

of using thin films is clearly apparent, as attributing a single dpi value to the damaged region

within the substrate would be highly questionable. Once a dpi value has been obtained, the

required dose to achieve any dpa value may be calculated as

(6.1) dose (ions cm−2)=
[
dpa (number atom−1)

]× [
target density (atoms cm−3)

]
dpi (number ion−1 cm−1)

.

Finally it should be noted that standard SRIM displacement threshold energies were used for

all calculations, U = 33 eV, Mo = Nb = Al = 25 eV and O = 28 eV. There appears no literature

consensus on these values, hence the use of standard SRIM values. It is of course recognised

that this could lead to significant error in modelled damage levels if these value were to be

significantly inaccurate.

6.2 Experimental Procedure
All irradiations were performed at the Surrey Ion Beam Centre using a 2 MV Van de Graff ion

accelerator. At its most simple, the accelerator is a terminal raised to high voltage supplied by an

ion beam from a sputtering source. The accelerator based in Surrey works on a tandem design

meaning the ions are accelerated twice, firstly the negatively charged anions are accelerated

towards the terminal, inside which they are stripped of electrons via a charge exchange process

and converted to cations. The newly created cations are then accelerated away from the terminal

towards ground. At different stages during this process the beam is focussed and analysed

to remove clusters and ions in higher charge states using bending magnets that are able to

selectively curate the beam via the normal relationships between charge, mass and radius of

curvature for a charged particle moving through a magnetic field. Full details of the accelerator

and beamline can be found in refs. 70 and 71, respectively.

As shown in figure 6.4, samples were mounted on a 4" diameter silicon wafer using carbon

tape, which in turn is mounted onto a sample plate using metal clips which is itself situated

inside an ultra high vacuum chamber “door”, see figure 6.5. To ensure exact comparison between
1Note that all simulations were performed prior to the second diffraction experiment and as such use 19 at.% Mo,

however subsequent simulations for 16 at.% Mo showed no meaningful differences, with the calculated dpa unchanged.
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Fig. 6.4 : Photograph of the sample plate with samples loaded in preparation for
irradiation as viewed from the persepctive of the ion beam, showing (1) inner surface of the
UHV “door” (2) ceramic piece holding down temporary “front thermocouple” (3) thermocouple
wiring (4) 4" Si wafer (5) thin film samples affixed with carbon tape and (6) metal clip

dose levels the 10×10 mm sample SN1106 was cut into four 5×5 mm sister samples using a

diamond wire saw. One quarter was kept as virgin, one quarter irradiated at low dose, and two at

high dose. The same procedure was followed for a back up sample SN1104 which was irradiated

simultaneously with SN1106, however was never used other than to verify the results observed

in SN1106 were repeatable. The sample plate is in direct mechanical contact with a heater block

on a liquid nitrogen cooled finger, allowing in-beam sample cooling between 300 and 80 K, with

the temperature measured using a thermocouple mounted on the back of the sample plate. All

irradiations presented in this thesis were performed at maximum nitrogen throughput in order to

prohibit temperature induced phase decomposition, see section 2.2.2, however it should be noted

that during the first run the thermocouple read ∼ 230 K. For the subsequent run a secondary

“front thermocouple”, shown in figure 6.4, was temporarily affixed directly onto the silicon wafer

and read ∼ 130 K, while the main thermocouple maintained its original reading, indicating the

original thermocouple was displaying a fault. It is believed that the sample temperature may be

even lower than the secondary thermocouple reading as this was affixed swiftly without the aid

of thermal paste. Regardless, the measured value is well below the temperatures at which phase

decomposition may be expected within a reasonable time window [72].

The irradiation itself is conducted in a raster pattern, allowing a large number of samples to

be irradiated simultaneously and providing a constant, lateral, damage profile for every sample.

This contrasts with a stationary beam which produces a Gaussian damage profile which is often
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Fig. 6.5 : Schematic of the irradiation chamber for the 2MV Van de Graff ion acceler-
ator

difficult to analyse as the damage levels near the edge of the sample are significantly lower than

that in the centre of the beam. The desired dose is achieved using a Faraday cup set-up which

measures a single “count” each time an ion is incident. The measured counts may then be related

to the “at sample dose” as

(6.2) COUNTS= 10× DOSE×SCAN AREA× ION CHARGE×ELEMENTAL CHARGE
RANGE×10−6

where the dose is set from equation 6.1 and the scan area is in units of cm2. The total dose levels

achievable in a single experimental run is limited by the stable lifetime of the sputter source,

which for Ni was three hours. Within this constraint, the chosen dose levels were 5×1013 and

2.5×1014, corresponding to damage levels of 0.16 and 0.79 dpa, respectively. Throughout the

following discussions these will be referred to as the low and high dose systems.

Having set the dose rates, it is also possible to approximate the implanted ion concentrations

(ions cm−3) as 1.1×1018/5.4×1018 for low/high doses in the Bragg peak and 7.9×1015/3.9×1016

in the film. For reference, in the same units, the atomic density of the 16 at.% γs-UMo system is

5×1022 so, as stated above, the ion implantation into the alloy layer is expected to be insignificant.

Also, over the course of the irradiation small fluctuations of the acceleration voltage were recorded,

which when combined with the 30 keV acceleration provided by the sputtering source, give an

incident ion energy range of 1.94−1.97 MeV. The fluctuations were rare, however, to quantify their

effects, SRIM calculations for the extreme values were performed and are shown in figure 6.1.
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It is clear that the effect on the damage profile is minimal, and when appropriately propagated

through equation 6.1 give an maximum error in the projected dpa levels of (+0.003,−0.001) and

(+0.01,−0.005) for the low and high dose samples, respectively. Note that the positive error is

attributed to the low energy fluctuations and vice versa. This may be easily understood by noting

that average ion range increases with incident energy, corresponding range errors are given

above, and thus the cross section for nuclear collision within the film is inversely proportional to

incident energy. Importantly, these errors are likely negligible compared to the combined effect of

other uncharacterised errors. For full details of the irradiation runs see appendix E.
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7
RESULTS OF LABORATORY SOURCE CHARACTERISATION AND

DIFFUSE X-RAY SCATTERING STUDIES ON THE 16 AT.% MO

SYSTEM IRRADIATED WITH NI+ IONS

To expand the exploration of question three, and investigate whether heavy ion irradiation may

serve as an effective, extrinsic, tuning parameter for correlated displacive disorder in the γs-UMo

system, the effects on both the global and local structure will now be explored through laboratory

source x-ray characterisation and diffuse x-ray scattering, respectively. All experiments were

performed on the “thin” sample, cut into 4 quarters (sisters) and unless otherwise stated, below or

previously in this thesis, the experimental procedures are identical to those followed in chapters

2/3 and 4/5.

7.1 Laboratory Source Characterisation

Detailed characterisation of the global structure pre- and post-irradiation was conducted on

all samples. Starting with the symmetric radial scans shown in figure 7.1, two major effects

are observed. Firstly, a substantial and progressive decay in Laue fringe intensity is observed

for increasing dose, indicative of a substantial roughening of the layer interfaces. Secondly, a

new reflection is observed post-irradiation and is marked by the asterisk in figure 7.1. Based on

the intensity and shape profile, this reflection is attributed to a region of the substrate with an

expanded lattice parameter, that expands further with greater dose. This may be understood

by noting that, as shown in figure 6.2 and 6.3, the peak ion range lies well into the substrate

and has substantial lateral width, as such, the large majority of the Ni+ ions are expected to be

implanted within a finite region of the substrate. This would explain the reduced peak angle,
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Fig. 7.1 : Symmetric radial scans for virgin, high and low dose samples shown in
black, red and blue, respectively. All traces are normalised to unity against the respective
substrate Kα reflections, plotted on a log scale and vertically offset from each other for visual
clarity. As a reminder, the sample structure is Nbcap /γ-UMo

[
11̄0

]
/Nbbuffer

[
11̄0

]
/Al2O3

[
112̄0

]
.

Observed reflections, discussed in the text, are marked with Roman numerals in keeping with
the convention established in figure 3.3: III - γ-UMo(11̄0), IV - Al2O3(112̄0) and V - Nb(11̄0). The
additional, post irradiation reflection is marked with a black asterisk.

while leaving the bulk substrate peak unaffected. In contrast, neither of the film reflections

display any significant shift in angle, indicating neglibable ion implantation has occurred within

the film, as expected from SRIM calculations. Some irradiation induced broadening is observed

in both buffer and alloy layer reflections indicating the introduction of microstrain through the

formation of microstructural defects, such as point defects and dislocations, which as expected, is

significantly greater in the high dose sample. Furthermore, while the modelled damage levels

are similar, the observed broadening in the Nb reflections is significantly greater than in the

γ-UMo reflections. An effect attributed to the relative thickness of the two layers, as the presence

of an identical number of radiation induced defects could be reasonably expected to have a

proportionally greater impact on the diffraction observed from the thinner layer. This is likely

exacerbated by irradiation induced interdiffusion of alloy atoms into the buffer layer which is

statistically more likely than the reverse process due to the directionality of the incident ion

beam, as the buffer sits below the alloy layer.

128



7.1. LABORATORY SOURCE CHARACTERISATION

Fig. 7.2 : Symmetric transverse scans for virgin, high and low dose samples across the
γ-UMo(11̄0) with identity noted on the right-hand side. All traces are normalised to unity with ω

zeroed at the peak centre and are offset from each other for visual clarity. Raw data are shown as
open circles with errors smaller than the point size in all cases. Gaussian and Lorentzian-like
(modelled using a psuedo-voigt profile) fitted curves are shown as red and green lines, respectively
with the corresponding FWHM’s (Γ) noted on the left-hand side. The ratio of Lorentzian-like to
Gaussian peak areas (RoA) is also given on the left-hand side.

Symmetric transverse scans across the γ-UMo specular reflection (III) are shown in figure

7.2. The two component structure is maintained, however the dominate profile clearly transitions

from the Gaussian to the Lorentzian-like response, as evidenced by the increasing “ratio of

areas” metric. This indicates that while the overall crystalline quality is not severely reduced,

ion irradiation improves short range orientational order (SROO), which may be interpreted as

irradiation induced crystallite growth. Interestingly, the Gaussian component is almost entirely

unchanged, indicating that, in contrast with film thickness effects, the improvement in SROO

does not appear to come at the expense of long range orientational order (LROO) and the mosaic

tilt between the newly enlarged crystallites is unchanged. Given prior knowledge of the existence

of a local superstructure, it is possible that the improved SROO could be a manifestation of

increased superstructure correlation lengths, as opposed to parent crystallite growth, although

distinguishing between the effects these two phenomena would have on the Bragg reflections

is expected to be difficult. Further insight into the superstructure can however be gained by

analysing the diffuse structures, as will now be done.
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7.2 Assessment of Local Order

Having established the global structure is largely unaffected, barring the limited production of

microstructural defects and a possible increase in crystallite size, diffuse scattering studies were

conducted on all three systems to assess any effects on the local structure, and thus establish

whether heavy ion irradiation is an effective, extrinsic, tuning parameter for the correlated

disorder discussed in chapter 5. A composite reciprocal space reconstruction of the (hk2)s plane,

discussed at length in chapter 5, is shown in figure 7.3. By simple inspection it is clear that

there is no drastic change in the diffuse structure, however it does appear that the strength of

the N point reflections increase with dose, indicating a underlying increase in the strength of

the correlated disorder. Importantly, the same behaviour is observed for all domains with no

indication of asymmetric behaviour with respect to the ion beam direction.

To further investigate these effects, line profiles were extracted across the (112)s reflection,

these are shown in figure 7.4, with extracted parameters given in table 7.1. From this analysis

a number of conclusions may be drawn. Firstly, it is clear that the high dose sample shows a

marked increase both in integrated peak area and inverse FWHM, indicating the corresponding

increase in both correlation volume and magnitude of atomic displacements, |δ|. The combination

of which may be thought of as a qualitative metric for the strength of the correlated disorder.

In comparison, while the low dose sample does show a small increase in integrated peak area,

in-line with the established trend, no corresponding increase in correlation lengths are observed,

which instead lie within the error margins of the virgin sample. However, it is clear that heavy

ion irradiation does serve as an effective, extrinsic tuning parameter with a positive relationship

between correlated disorder strength and irradiation dose. It is also worth noting that while the

correlated volume increases with irradiation, the shape of the correlated region in real space is

unchanged, as evidenced by the constant elliptical eccentricity. This is markedly different from

the intrinsic tuning effect of alloy content where the elliptical eccentricity decreases along with

disorder strength.

Finally, the virgin sample parameters are qualitatively comparable with expectations based

on the results presented in chapter 5. Given a molybdenum content of 16±1.2 at.% reported in

chapter 3 one would expect correlation lengths to be equal to or greater than those observed

in the 17.2±0.9 at.% system i.e. 21.6 Å and 29.7 Å for as and bs /cs, respectively, the latter

case being observed. Considering the possible case were SN1106 and SN1354 are of identical

alloy content, it would be tempting to attribute the increased correlation lengths to the large

thickness difference between the two sample sets, 700 vs 3000 Å, however it is believed a more

likely explanation would lie in the vastly superior crystalline quality of the thinner sample set,

even post irradiation, as evidenced by comparing figures 7.2 and 3.4. This would allow any local

structure to exist over an increased spatial extent before encountering any defects. As discussed

in chapter 3, the improved crystalline quality is partially due to the difference in film thickness,
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Fig. 7.3 : Reciprocal space reconstructions of the (hk2)s plane for virgin, high and
low dose samples with relevant damage levels indicated by quadrant and a foreground lower
limit of 4211 counts. In keeping with figure 5.1, a clockwise superstructure unit cell with bs ≡ bp

was used for all reconstructions and as before reflections are categorized and indexed in the
bottom right quadrant, with indices in superstructure notation. Reflections are indicated in black
(parent Bragg peaks), blue (N – clockwise domain), green (N – anti-clockwise domain) and orange
(H). Nb buffer reflections appear as doublets outside of the parent bcc reflections. Powder rings
arise from the polycrystalline Nb cap and beamstop whereas narrow intense peaks correspond to
substrate Bragg reflections, none of which are included schematically.
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Fig. 7.4 : Line profiles across the semi-major (left) and semi-minor (right) elliptical
axes for the

(
112

)
s reflection. The elliptical axes correspond to the a∗

s and b∗
s directions,

respectively. All three dose levels are shown: high (black), low (dark grey) and virgin (light grey),
errors shown are calculated as

p
N where N is the number of counts. The error is subsequently

normalised via the same process as the data. Curves correspond to squared Lorentzian best fits.
Peak intensity is normalized to the high dose maximum and all curves are shifted to set the peak
centre equal to zero.

Irradiation Level ξas

(
Å

)
ξbs /cs

(
Å

)
e A

(
a∗

s
)

A
(
b∗

s
)

virgin 24.2±0.4 37.9±0.8 0.77±0.01 920±10 580±10
low 24.8±0.3 36.5±0.8 0.73±0.02 960±10 650±10
high 26.9±0.3 41.5±0.6 0.76±0.01 1500±10 950±10

Table 7.1: Summary of superstructure parameters extracted from the (112)s reflection for all dose
levels. Calculated correlation lengths, ξ, along the as and bs /cs directions are given in columns
2/3 and the elliptical eccentricity is given in column 4. Integrated peak area for the a∗

s and b∗
s

extracted line profiles are given in column 5/6.

however the deposition conditions were also different in two key ways. Firstly, the sputtering

chamber base pressure was an order of magnitude better and secondly, the heater was allowed

to out-gas for up to 5 hours prior to the deposition of the alloy layer. This procedure vastly

improves the “at temperature” base pressure, which undoubtedly improves the film quality, but

was deemed unnecessary for the second set of samples due to deadlines imposed by allocated

beamtime. Even in the more likely case that the alloy content of SN1106 is lower than SN1354

improved crystalline quality is still expected to account for some of correlation length increase.

So, while the results presented here are qualitatively consistent with those in chapter 5 and

support the conclusion that alloy content is a strong, intrinsic tuning parameter for correlated

disorder strength, overall it is difficult, and likely fruitless, to attempt quantitative comparisons
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Fig. 7.5 : Zoomed reconstructions for the (hk3) plane highlighting the evolution of
the U2Mo precipitate signal with dose level. The tetragonal axis is aligned with the parent
axis c and to aid distinction between the peak intensity and background the reconstructions are
presented using a lower foreground limit of 1571 counts, inverse colours and the “Heat” contrast
mode which applies linear mapping to both middle- and foreground pixels.

between two sets of samples grown under different conditions. Also, note that it is not possible to

compare diffuse intensities with those reported in chapter 5, as the thickness difference means

the scattering volumes are vastly different.

Regarding the U2Mo precursor reflections, they are still present thus reducing the precursor

lower limit establised in chapter 5 from 17.2 at.% to 16 at.% molybdenum. As expected they

appear to exhibit reduced peak splitting compared to the 17.2 at.% system (figure 5.10), however,

due to the reduced film thickness the signal is so weak it is difficult to draw definitive conclusions.

There are indications that the effect of ion irradiation is the reverse of Mo content, reducing

the intensity of reflections and reversing peak splitting, implying a further reduction in the

tetragonal c parameter. Evidence for the latter point is shown in figure 7.5, although it should

also be noted that the apparent increase in intensity is not intrinsic but due to increased peak

overlap. In fact, the majority of single domain reflections such as the {0,2/3,0} reflections are so

weak as to be unobservable for either irradiation level and as such no in-depth analysis is possible.

Although their weakness does hint at an irradiation induced reduction in total scattering volume

and thus also precipitate quantity.

7.3 Discussion and Conclusions

The work presented in this chapter will now be discussed from two separate perspectives. Firstly,

from that of the originally posed question, whether heavy ion irradiation serves as an effective

tuning mechanism for the correlated disorder discussed in chapter 5, and secondly, whether the

observed irradiation response is relevant to the γ-UMo system in its role as a potential advanced

nuclear fuel.

Regarding the original question, it is clear that heavy ion irradiation does serve as an

effective extrinsic tuning parameter for correlated displacive disorder with a clear positive

relationship between irradiation dose and correlated disorder strength. Where disorder strength
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is qualitatively defined as the combination of atomic displacement magnitude and superstructure

correlation length. Having only studied three dose levels, over an admittedly small range, it

is not possible to determine a quantitative relationship between dpa and the superstructure

parameters, however the qualitative trend is believed to be both clear and convincing.

As to a potential mechanism, it is considered likely that the process proceeds in a similar

manner to the well known phenomena of phase recombination caused by fission (thermal) spikes

in UMo fuels, whereby, fission fragments transfer large quantities of energy to the lattice, creating

localised temperatures exceeding 3000 °C [73] thereby inducing local lattice “melting” which

is swiftly followed by rapid recrystallisation
(
10−11 s

)
. In effect, this is the same procedure as

bulk quenching and, combined with enhanced diffusion rates provided by the corresponding

“displacement spike”, this allows portions of the system that had adopted the stable α or γ′

structures to return to the metastable γ-phases when irradiated [74]. However, the key difference

between this scenario and the studies conducted in this chapter, is that the both the energy

(∼ 165 MeV) and ionisation (∼+20) of an average fission fragment are significantly greater

than the Ni+ ions used in this study and the local lattice heating is therefore expected to be

consequentially lower. Thermal spikes are ultra-fast phenomena, far from equilibrium, and as

such, the mechanisms present are highly complex and require advanced modelling techniques to

investigate [75, 76]. However, based on the evidence presented, it is possible to make a qualitative

assessment on the of effects low energy, heavy ion irradiation, combined with cryogenic cooling, on

the γs-UMo system. It is apparent that substantial atomic rearrangement is facilitated without

the system ever fully re-quenching. Through this, the system is allowed to find a lower energy

metastable state, in effect stepping down a metastable energy staircase, by increasing the

magnitude of local atomic displacements, further alleviating the conflict between the isotropic

local environment imposed by the global bcc lattice, and the anisotropic local environment desired

by uranium. An increase in correlated volume occurs concurrently and the combination of these

effects clearly demonstrates an increased level of local order, or strength of correlated disorder.

This observation is consistent with the work of M. L. Blieberg et al. [74] who observed a rapid

decrease in electrical resistivity for γ-UMo alloys subjected to low exposures of in-pile irradiation.

They attribute this to a partial increase in local chemical order, however no evidence for chemical

ordering was observed in the present studies and instead it is suggested the improvement in

local structural order is responsible. It is not clear whether increased correlation lengths are

driven by the energy gain in reduced domain boundary density, or whether greater displacement

magnitudes drive the increase by virtue of propagating greater distances. Of course, it is entirely

possible an altogether different mechanism is responsible and determining the exact mechanism

likely lies within the remit of theoretical studies. Furthermore, given x-ray diffraction studies

are averaged techniques, it is not possible to know whether the superstructure has strengthen

homogeneously or if there exists a local distribution of superstructure strength, however it is
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re-stressed that no domain specific strengthening is observed. Finally, it is worth noting that

no minima in electrical resistivity is observed for γ-UNb alloys, a fact that was attributed to a

tendency for clustering [74, 77]. Systematic diffuse scattering studies should be conducted on

a series of irradiated γ-UNb single crystal films to assess directly whether similar increases in

correlated disorder strength are observed, or whether their does exist a real difference in the

local crystallographic response to irradiation between the alloys.

Returned to the γ-UMo system, the logical end point of the observed trends would be an

irradiation induced, γs → γo, correlated disorder to order transition. No evidence of such a

transition has been found in the literature, however, as discussed at length in chapter 5 the

majority of changes are expected to be extremely subtle. Even the most obvious effect, the peak

splitting that results from the axial ratio deviation away from cp /ap = 1, is expected to be hard to

observe in either real or simulated fuels subjected to irradiation which comprise the majority of

γ-UMo diffraction studies. Especially considering one the major crystalline phases produced by

irradiation induced fuel matrix /cladding interaction is UAl3 which has reflections that overlay

closely with those of γs/o-UMo [78]. To investigate this further, and test the proposed transition,

diffuse scattering studies would be required on a systematic set of single crystal samples up

to substantially higher dose levels. Obviously, it is very possible that at high doses alternative

irradiation induced mechanisms could dominate and any tuning effects are lost or overwhelmed

such that the proposed transition is never realised.

The discussion will now turn to the remarkable similarity between the irradiation response

observed in the γs-UMo system and that observed in compounds with the isometric pyrochlore

structure, A2B2O7 [79]. Structural disorder has warranted significant and ongoing interest in

such materials because it has been shown to, increase ionic conductivity levels in-line with those

found in yttria stabilised zirconia [80–82], allow the synthesis of improved catalysts for Li-O2

batteries [83], facilitate the emergence of exotic magnetic properties such as spin ice behaviour

[84], and improve resistance to amorphisation in candidate materials for the immobilization of

fissile plutonium and other minor actinides produced from the dismantling of nuclear weapons

or as part of potential advanced nuclear fuel cycles [85, 86]. All of these properties are directly

related to the relationship between the ordered pyrochlore structure
(
Fd3̄m

)
and its propensity

to disorder to an averaged defect fluorite structure
(
Fm3̄m

)
. The former can be described as a

superstructure of the latter, however, in the defect fluorite structure, the A- and B-site cations

have been randomly disordered and the oxygen vacancy sublattice is randomized such that on

average, each oxygen site is only 7/8ths occupied. In one sense, the disordering transition can be

thought of as the pyrochlore structure losing its ordered superstructure, and instead adopting

the average structure [79].
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However, numerous experiments on a range of pyrochlore compounds [79, 87–93], have shown

that the average defect fluorite structure is not preserved at a local level, instead, much like

in the γs-UMo system, a lower symmetry, well defined, local superstructure is formed which in

many pyrochlores is well described by another superstructure of defect fluorite; the orthorhombic

Weberite structure (Ccmm) [79]. Thus, on a local lengthscale, the cations and oxygens are

organized in a non-random manner with concomitant structural distortions that preserves

the preference for B cations to be surrounded by oxygen vacancies as found in the original

pyrochlore structure. As an ionic compound the mechanisms driving the local superstructure

are different from the uranium-molybdenum system, in-fact it has recently been shown that

the Weberite structure may be predicted from Pauling’s rules [94]. However, akin to the γs-UMo

superstructure, the Weberite structure is only defined over a short distance, in this case a few

unit cells (∼ 8−15 Å) [79], and the average defect flourite structure is recovered at long range

through three dimensional, aperiodic modulation of the underlying Weberite structural sub-units

[79, 87, 90]. The exact mapping of the local superstructure onto the average global structure is

both unknown, and likely significantly more complex than the simple rotational relationships

found in the γs-UMo system, however, it is obvious that both belong to a general class of materials

that are capable of hosting local superstructures with significantly reduced symmetry, while

preserving long range, average, crystallinity. These materials may obviously be viewed through

the lens of correlated disorder, albeit the pyrochlores manifest a significantly more complex set of

internal degrees of freedom.

Further to the pyrochlores, other examples that could be considered part of this class are

compounds of stoichiometric type AB2O4 which adopt a spinel structure [79], and other complex

oxides, an example of which being δ-Sc4Hf3O12 which also displays an average, defect fluorite

structure post irradiation, but hosts a bixbyite-esk local structure [95]. Such materials may be

further divided into two subclasses. Those that undergo spontaneous structural modulation such

as the γs-UMo system and pyrochlores with similar sized cations (ratio of ionic radii rA/rB < 1.46)

[96, 97] and those that require an extrinsic disordering mechanism such as ion irradiation, applied

pressure or temperature, although it is stressed that the same structural patterns are observed

for both subclasses. Yet as far as I am aware, there exists no strong evidence for tunability, by

either intrinsic or extrinsic means, in any of the above systems. This statement extends to both

local atomic positions and the correlated volume of the local superstructure. One system that has

shown some possible tuneable behaviour, is Ho2Ti2−xZrxO7 [87] where the sharp, pyrochlore to

defect fluorite transition proceeds via a smooth increase in the density of Weberite nanodomains

of approximate size 1 nm, up to a critical density whereupon the average defect fluorite structure

may forms as the configurational average. This is however, a markedly different behaviour to

true tuneability where the disorder’s defining characteristics may be directly controlled. The

same study did show that at high x, the nanodomain size may increase as high as 4 nm, but the

veracity of this behaviour is unclear and it was not investigated systematically.
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In this way the γs-UMo system is markedly different, as the studies in this chapter and

chapter 5 have shown, both intrinsic (alloy composition) and extrinsic (heavy ion irradiation)

effects may be leveraged as efficient tuning mechanisms that clearly and significantly increase

the correlated disorder strength. As such, this work presents a new perspective, not only can ion

irradiation serve to create systems where an average global structure hosts a lower symmetry

local superstructure, as in the examples above, it can also improve the strength of the correlations

where they are already present. This unlocks huge potential for “disorder engineering”, where

one may precisely tune both the local crystal structure and correlated volume (nanodomain

size), to achieve the greatest functionality. In the specific case of displacive disorder, significant

impact and inherent tunability may be expected in properties that are strongly dependent on

interatomic distance, although systems supportive of greater |δ| would likely need to be identified.

The obvious extension to these studies is an investigation into the effects of alternative extrinsic

disordering forces, such as applied pressure or temperature, to assess the possibility that they

may also prove effective tuning parameters for correlated displacive disorder with the aim to

build an ever increasing toolkit with which to tune local structures. Such studies would also

probe the potential γs → γo, correlated disorder to order transition, from various perspectives,

thus hopefully allowing greater insight into the prospective transition.

Returning to the specific case of ion irradiation, it has been shown that the same local

Weberite structure is obtained in pyrochlores that disorder but retain long range crystallinity,

and those that amorphise, indicating that resistance to amorphisation is not driven by local defect

formation energies, but by the ability to organise locally ordered sub-units to form an average,

long range crystal structure i.e. whether the material belongs to the class of materials defined

above [89, 90]. This explains why pyrochlore structures that are closer to the defect fluorite

structure prior to irradiation are also those that show the strongest resistance to amorphisation

[98, 99], as the structural link between the global host structure and the local superstructure is

already well established.

Turning now to discuss the results in the context of advanced nuclear fuels, this pre-existing

structural link may also help explain the strong intrinsic radiation resistance of γ-UMo fuels.

However, direct comparison with the irradiation performance of γ-UMo fuels is difficult. Firstly,

because common practice in such literature is not to use dpa, but the final density of fission

products, f/cm3, as this allows a more direct comparison between in-pile and heavy ion irradiations

as well as burn up levels. Secondly, and more importantly, the damage levels accrued in a

typical working fuel plate can be up to 1000’s of dpa, 4 orders of magnitude greater than

maximum dpa achieved in this study (0.79 dpa). Estimates made for conventional UO2 fuel under

normal operating conditions give approximate daily rates of 1 dpa /day [100], corresponding to

approximately 5000 dpa for a burnup of 5−6 % fissioned heavy metal atoms [101]. Furthermore,

the majority of effects present in real fuels are due to a combination of intrinsic behaviours,
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which this study would fall under, such as grain subdivision and atomic defect formation, and

extrinsic behaviours, such as interactions with cladding /matrix elements or the behaviour of

fission products /gasses. As was noted in chapter 2, the term “recrystallization” is often used

to refer to the generic process of irradiation driven grain subdivision but can carry multiple

meanings within the nuclear fuels community [102]. The same term was used above to denote

the crystalline-liquid-crystalline transition pathway followed during local lattice melting and

subsequent cooling but the two effects are unrelated.

As a large number of the aforementioned properties are driven, either wholly or in part,

by diffusion of fission products /gasses, self interstitials (SIA’s) and /or vacancies the diffusion

properties of any potential nuclear fuel deserve significant consideration [72, 75, 102–105].

Therefore, given diffusion is intrinsically tied to the local crystal structure, it is obvious that

adapting modelling approaches to accurately treat the local structure, and how it may evolve

with irradiation, could allow significant progress to be made in understanding many observed

behaviours. One particular property, highlighted as an outstanding problem in chapter 2, that

could benefit from an accurate treatment of the local structure is the nano-bubble lattice [106].

As stated in chapter 2, it is a well known, well studied and yet poorly understood fact that the

nano-bubble lattice observed in irradiated γ-UMo fuel displays self-organisation phenomena not

observed in any other system, forming a perfect three dimensional fcc superlattice in a supposedly

bcc host. However, as the work in this thesis has shown, the γs-UMo system is not locally bcc, and

therefore it is suggested, although no exact solution is offered, that by treating the local structure

appropriately and performing simulations within a Cmcm unit cell, accounting for the relevant

domain relations, the link between the host structure and bubble lattice may be elucidated.

Finally, it is noted that the implied reduction in γ′-like precipitate is consistent with previous

observations of phase recombination as the chemical ordering required in the γ′ phase is removed

upon irradiation, both through individual displacements and local lattice melting [74, 107, 108].

However, the observation that irradiation appears to reverse the precipitate formation, moving

smoothly away from the ideal γ′ structure towards an increasingly precursor-esk structure,

indicates an extra layer of complexity in the process. Due to the low scattering intensities it is

not possible to tell whether the observed structures display chemical ordering. However, given

evidence for chemical ordering was observed in both precursor structures (17.2 and 23 at.% Mo)

discussed in chapter 5, these results imply that the recombination of the stable γ′ phase into

the metastable γs/o phase is not simply be a process of atomic species disordering, and instead

proceeds via a more complex pathway that links the ideal γ′ phase with the precursor structures

discussed in chapter 5.
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8
THEORETICAL BACKGROUND AND EXPERIMENTAL METHODS FOR

LATTICE DYNAMICS AND INELASTIC X-RAY SCATTERING

The correlated displacive disorder described in previous chapters serves to modulate the crystallo-

graphic periodicity on a local scale, it should therefore not be unexpected if there exists coupling

between the correlated disorder and physical phenomena that also rely on periodicity. To explore

this possibility, one example is chosen, that of the dynamic properties of the nuclei or “lattice

dynamics”. This chapter will develop the theoretical framework of both lattice dynamics and

the probing technique, inelastic x-ray scattering, before discussing experimental considerations.

Experimental results and discussion are presented in the subsequent chapter, chapter 9. The

scattering theory presented here is a further extension of that developed in chapters 2 and 4, and

unless otherwise stated all notation is consistent.

8.1 Lattice Dynamic Theory

The idea of correlated thermal motion of atoms was raised in chapter 4 however it will now be

discussed in detail. To start, consider a simple, one dimensional lattice with N equally spaced

atoms, each with mass m (figure 8.1). The position of each atom is denoted as xn, with n = 1..., N

Fig. 8.1 : Diagram of a one dimensional, monoatomic chain with period a
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such that at equilibrium the atomic positions are given as xn = na, where a is the lattice spacing.

Each atom interacts with its neighbours via coulomb repulsion such that there is a restoring

force related to the relative displacement of atoms from their equilibrium positions denoted as

un(t)= xn(t)−na. For small deviations from equilibrium the elastic response of the crystal is a

linear function of the forces and the system may be modelled as a number of coupled harmonic

oscillators. The Hamiltonian for such a system is written as

(8.1)
∑

n

p2
n

2m
+ λ

2

∑
n

(un −un−1)2

where pn = mu̇n is the momentum of the nth atom and λ is the spring constant that describes

the strength of the restoring forces. Considering only nearest neighbours and equating Newton’s

second with Hooke’s law the equations of motion are

(8.2) mün =−λ (2un −un−1 −un+1)

At this point it is instructive to generalise one step further and consider a 1D, diatomic chain, with

two atoms of mass m and M, sat on even and odd sites, respectively (figure 8.2). For simplicity,

Fig. 8.2 : Diagram of a one dimensional, diatomic chain with period b

the restoring forces between the two atoms are taken to be the same and the equations of motion

are given as

mün =−λ (2un −un−1 −un+1)

Mün+1 =−λ (2un+1 −un −un+2)
(8.3)

note that by taking the identity of the atoms into account the periodicity of the lattice has doubled

and a new lattice spacing, b = 2a, defined. Now, making the ansatz that the solutions to equations

8.3 are plane waves that respect the underlying periodicity of the lattice one may write solutions

of the form

(8.4) un = Ae−iωt−iknb and un+1 = Be−iωt−iknb.

where ω and k are the frequency and wavenumber of the wave, respectively. Firstly, note that as

the solutions have the same periodicity as the lattice they are invariant under k → k+2π/b and

k may be restricted to lie in the first Brillouin zone (BZ). Imposing periodic, Born von Kármán,

boundary conditions requires uN+1 = u1 and the possible values of k become

(8.5) k = 2π
Nb

l with l =−N
2

, ...,
N
2
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Fig. 8.3 : Plot showing the two solutions to equation 8.7 over the first Brillouin zone for
1000 k-points. Optical (Acoustic) branch shown as a red (blue) spline.

such that the number of normal modes is finite and equivalent to the number of atoms, N.

However, for any realistic, finite crystal the number of atoms is very large and the normal modes

appear to occupy a continuum. Substituting the assumed solutions into equation 8.3 gives the

following relationship between the amplitudes A and B

(8.6) ω2

(
m 0

0 M

)(
A

B

)
=λ

(
2 −(

1+ e−ikb)
−(

1+ eikb)
2

)(
A

B

)

This is an eigenvalue equation, with the eigenvector
( A

B
)

and eigenvalues ω2. Solutions are given

for the vanishing determinate, and one finds two frequencies for each wavenumber k

(8.7) ω2
± = λ

mM

[
m+M±

√
(m−M)2 +4mM cos2

(
kb
2

)]
.

This is known as a dispersion relation, and the corresponding dispersion is plotted over the first

BZ in figure 8.3. Observe that the two solutions give two independent branches separated by a

energy gap at the BZ boundary. The upper part of the dispersion is known as the optical branch

and the lower part the acoustic branch. The origin of these terms becomes clear by considering

the behaviour as one approaches k = 0, the long wavelength limit. In this limit the acoustic branch

is linear, i.e. the group velocity dω/dk is a constant, and one arrives at the same dispersion

relation for sound waves given by a macroscopic theory of elastic waves. This also allows the

the directionally dependant elastic constants to be found by measuring dω/dk along specific

crystallographic directions.
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8.1. LATTICE DYNAMIC THEORY

Whereas the atoms move in-phase in the acoustic branch, by considering the simple case of

k = 0 for the optical branch one obtains ω2+ = 2λ
(
M−1 +m−1)

with eigenvector

(8.8)

(
A

B

)
=

(
M

−m

)

showing that the atoms move out-of-phase in the optical branch. If the two sites contain ions of

different charge, the out-of-phase oscillation creates an electric dipole of frequency ω+ (k) meaning

these vibrations are able to couple to an electromagnetic field, including light, hence the name

optical branch. In the alternate extreme, k =±π/b the group velocity is zero and the both optical

and acoustic solutions are standing waves. Where there is only one type of atom in the unit cell,

i.e. M = m, there are no optical modes and, with the appropriate change in lattice periodicity, the

dispersion relation reduces to

(8.9) ω= 2

√
λ

m

∣∣∣∣sin
(

ka
2

)∣∣∣∣ .

Up to this point the discussion has been concerned only with dispersion relations, the relation-

ship between ω and k, and the amplitude of oscillation has not been addressed. What has been

shown so far is that a 1D chain has N allowed normal modes, described by N decoupled harmonic

oscillators. Now, consider that adding energy into a classical harmonic oscillator increases the

amplitude smoothly, leaving the frequency unchanged. However, real atoms or molecules, must

be described by the quantum harmonic oscillator (QHO) and so energy can only be added or

removed from the system in discrete quanta of ~ω. This arises because the probability of the

atom being somewhere must be one, which is encoded mathematically as requiring the normal

mode wavefunctions to have an integrable square. This restricts each QHO to a discrete set of

allowed wavefunctions or energy levels. These are given by

(8.10) En,l =
(
n+ 1

2

)
~ωl

from which a further difference between the classical and quantum harmonic oscillators is

observed. The lowest energy state, n = 0 for a QHO is 1
2~ω (k), not zero. This is known as the zero

point energy and describes the finite fluctuations at 0 K that arise from the fact that quantum

objects are subject to the Heisenberg uncertainty principle. Note that there is now have a set of

vibrational states described by two quantum numbers, n and l. The former denotes the energy

level of the state but equivalently may be viewed as an occupation number describing the number

of quanta of energy in the state. Whereas l fixes the wavenumber k and denotes which of the N,

QHO’s has been exited. However, this also describes the periodicity or translational invariance of

the state, and as an invariance indicates a conserved quantity (the wavelength of the wave is a

constant of motion), by the same arguments followed when applying transnational invariance to

a free particle, the state may be attributed with carrying a momentum ~k.
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Now there is a state with both energy and momentum, which is a particle. In corollary

with the photon, this particle is known as a phonon. Like a photon, the two representations

can be reconciled by thinking of a phonon as a wavepacket localised in some volume of space,

however unlike a photon in free space, a phonon is not a true particle but a quasiparticle, it is

an emergent property of the collective excitation of the atoms in a material and as such doesn’t

exist outside of the material. It should also be stressed that a phonon does not carry physical

momentum, otherwise a crystal could gain momentum from its own lattice vibrations. This

is because the phonon coordinates always involve relative atomic coordinates so every time a

phonon is created, the momentum ~ω is transferred to the lattice, but the sum over all momenta

transferred is zero. The only exception is the uniform mode k = 0 which has a infinite wavelength

and therefore corresponds to the macroscopic translation of the crystal which of course does

carry linear momentum. However a phonon does interact with other particles, photons, neutrons

etc. as if it has momentum ~k and to distinguish this from true linear momentum a phonon’s

momentum is often referred to as the “crystal momentum”. Another point to make, is that because

the translational symmetry in a crystal is discrete, as opposed to continuous, Noether’s Theroem

doesn’t apply, and so crystal momentum is only conserved to within a reciprocal lattice vector.

Within the phonon representation it is instructive to take a second quantization approach

and write the system Hamiltonian as

H = P2
0

2M
+
∑
l 6=0

(
a†

l al +
1
2

)
~ωl

=
(
a†

l al +
1
2

)
~ωl

(8.11)

where the uniform mode l = 0 has been explicitly removed from the sum. M = Nm is the mass of

the lattice and P0 is the linear momentum of the crystal in the centre of mass coordinates. Since

M is a macroscopically large quantity, in the second line the crystal is considered to be at rest in

the centre of mass coordinates such that P0 = 0. Then, a†
l and al are the creation and annihilation

operators respectively, the effect of which is to create or destroy a phonon with wavenumber kl .

The entire system is completely described by the series of occupation numbers nl which denote

the number of phonons in each allowed k-state. In this notation the a†
l and al operators act on

the system in the following way

a†
l |n− N

2
, . . .nl , . . .n N

2
〉 = (nl +1)1/2 |n− N

2
, . . .nl +1, . . .n N

2
〉

al |n− N
2

, . . .nl , . . .n N
2
〉 = (nl)1/2 |n− N

2
, . . .nl −1, . . .n N

2
〉

(8.12)

and since a phonon can not be removed from a state if there are none to remove the groundstate

of the system is defined as

(8.13) al |0〉 = 0 ∀ l.
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Also, note that there is no limit to the number of phonons that may be created in a given k-state

and so phonons must be bosons, a statement that is formally expressed by ensuring the creation

and annihilation operators for a given state commute with themselves. As bosons, phonons are

not arbitrarily distributed across the available k-states, instead, being distributed according

to Bose-Einstein statistics as discussed below. However, if the occupancy of any given k-state

increases too far, the harmonic approximation breaks down and anharmonic effects become

important, which, among other things, shifts the energy levels of the system. Classically this is

equivalent to the amplitude of the mode increasing to such a point that 2nd, 3rd, 4th and so on,

nearest neighbour interactions must be considered.

The dispersion relation for a 1D diatomic chain can now be quantised by introducing two

polarisation vectors e± (k). These are eigenvectors obeying equation 8.6, which may now be

rewritten as

(8.14) ω2
± (k)

(
m 0

0 M

)
e± (k)=λ

(
2 −(

1+ e−ikb)
−(

1+ eikb)
2

)
e± (k)

to which a general solution is given by

(8.15)

(
un (t)

un+1 (t)

)
=

∑
k∈BZ

∑
j=±

√
~

2Nω j (k)

[
a j (k) e j (k) ei(ω j(k)t+knb)+a†

j (k) e∗
j (k) e−i(ω j(k)t+knb)

]
where the wavenumber dependence has been explicitly stated to highlight that it is a dispersion

relation and the operators a†− (k) and a†
+ (k) create acoustic and optical phonons, respectively. The

mean occupancy of a particular state is then given by the Bose-Einstein expression

(8.16) 〈nk, j〉 =
(
eβ~ωk, j −1

)−1
with β= 1

kBT

where the dependence on the mode energy and sample temperature are obvious. From which it is

clear that, firstly, the lower energy acoustic modes will have greater occupation and secondly, that

the occupation of all modes will increase with temperature. It is for this reason that anharmonic

effects are important at high temperatures, but for most samples, may be neglected at room

temperature or lower.

To describe a realistic crystal the formalism here must be generalised to three dimensions.

The full derivations are given by J.A. Riessland [1], however, the result is that one obtains a set

of 3N independent quantum harmonic oscillators each described by a wavevector k given by

(8.17) k = (
kx,ky,kz

)= (
nx2π

L
,
ny2π

L
,
nz2π

L

)
where nx,ny,nz are integers and L is the macroscopic side length of the crystal, and the crystal

can be assumed to be a macroscopic cube without loss of generality. Therefore in 3D k replaces

l as the spatial quantum number and the crystal momentum becomes a vector quantity ~k.

153



CHAPTER 8. THEORETICAL BACKGROUND AND EXPERIMENTAL METHODS FOR
LATTICE DYNAMICS AND INELASTIC X-RAY SCATTERING

As before, the phonons are distributed across k j-states according to Bose-Einstein statistics,

however the number of degrees of freedom are duly expanded. For a 3D crystal with one atom

in its primitive unit cell there are 3 possible branches, two transverse acoustic branches and

one longitudinal acoustic branch. In the first two the atomic motion is perpendicular to the

direction of phonon propagation while in the latter the atomic motion is parallel to the direction

of propagation. Adding an extra atom into the primitive unit cell adds three optical branches,

two transverse and one longitudinal, expanding the matrix in equation 8.14 to 6×6 such that

there are six frequencies for each value of k. In general, for m atoms in the unit cell there are 3m

branches, of which 3 are always acoustic and 3m−3 will be optical, this generalises the identifier

j to run over all 3m branches. The general 3 dimensional hamiltonian may then be written as

(8.18) H =
∑

k j

~ωk j

[
a†

k jak j + 1
2

]

where the sum extends over all possible phonons and the operators a†
k j and ak j modify the

number of phonons of type k j. Finally, equation 8.14 may be generalised to

(8.19) D (Q) ·εk, j =ω2
k, jεk, j with εk, j =


ek, j,m1

ek, j,m2
...



where j runs over all 3m branches for each wavevector k. The matrices in equation 8.14 have

been generalised to a 3m×3m matrix known as the dynamical matrix and the polarization vector

generalizes to the eigenvector εk, j which is made up of m 3 vectors. The dynamical matrix is

the Fourier transform of the force constant matrix and is composed of 3×3 matrices, one for

each possible paired motion of atoms, Dkmm′ . Given the periodicity of the lattice it is sufficient

to consider only the forces exerted on the atoms within one primitive unit cell as a result of the

motion of all other atoms. The matrices are therefore given as

(8.20) Dkmm′ = 1√
MmMm′

∑
n′
Φnmn′m′ e−ik·(Rn−Rn′)

where Φnmn′m′ is the 3×3 force constant matrix linking the displacement of the n′m′th atom to

the force on atom nm. Therefore, for a crystal with 2 atoms in its primitive unit cell, there are 4

matrices, one for each of the forces generated on nm by all n′m and n′m′ and the forces generated

on nm′ by all n′m and n′m′. It should be noted that Φnmn′m′ has been chosen to be positive and

Dkmm′ to be periodic, this choice is arbitrary but effects the form of equations 8.31 and 8.39 by a

phase factor. Alternative choices are discussed in references 2 and 3.
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Finally, as phonons are able to carry energy ~ωk j and traverse the lattice, they must be

related to the thermal conductivity of a material. In analogy with the kinetic theory of gases the

phononic contribution to thermal conductivity can be described by an interacting phonon gas

model [1], from which the expression

(8.21) σαα′ = 1
3

∑
k j

Ck jV k j · lk j = 1
3

∑
k j

Ck jVα,k jVα′,k jΓ
−1
k j

is obtained, where the sum extends over all possible modes and the phonons are assumed to

travel forwards. Ck j is the contribution of the mode k j to the specific heat
(
~ωk jd〈nk j〉/dT

)
and V k j

and lk j are the group velocity and mean free path of mode k j, respectively. As most mediums are

not isotropic, in general, the heat flow will not be parallel to the temperature gradient. Therefore,

the thermal conductivity is a tensor quantity and σαα′ is the conductivity in the α direction for a

thermal gradient in the α′ direction. Finally the relations lk j =V k jτk j and τk j= 1/ Γk j have been

employed, where τk j and Γk j are the lifetime and linewidth of the mode k j, respectively.

The key variable in equation 8.21 is the phonon mean free path, any effect that reduces

this through the introduction of scattering consequentially reduces the thermal conductivity. In

general, there are two sources of scattering, geometric factors such as grain boundaries, point

defects, isotope variation etc. and phonon-phonon scattering. As mentioned above, in a harmonic

system, there are no phonon-phonon interactions and so a perfect harmonic crystal has infinite

thermal conductivity. However, simply allowing phonon-phonon interactions is not sufficient to

produce finite thermal conductivity, what is required are interactions that change the net phonon

momentum. The relevant processes involve three phonons and are known as Umklapp processes.

These events are of of the form

(8.22) k1 +k2 = k3 +G

where k1,2 are the incoming phonons, k3 is the outgoing phonon, and G is a reciprocal lattice

vector. These processes occur because the only meaningful values of k lie within the first BZ,

so if a process produces a phonon with k that lies outside the first zone it must be brought

back inside through a translation of G and the additional real momentum is transferred to the

centre of mass of the crystal. Processes where G = 0 are known as normal process and they

leave the total phonon momentum unchanged. It should be noted, that in many real crystals

the geometric scattering from imperfections greatly outweighs Umklapp scattering, however,

for low defect, insulating crystals, Umklapp processes dominate at high temperature and the

thermal conductivity displays a 1/T dependence. The reason why this behaviour is only observed

in insulating crystals is because in conductive materials the conduction electrons also carry

thermal energy. As such the total thermal conductivity is given by the sum of the lattice and

electronic thermal conductivity and for most metals the electronic component is dominant.
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Fig. 8.4 : Schematic representation of a generic inelastic scattering measurement

8.2 Inelastic X-ray Scattering Theory

The general inelastic scattering process is shown in figure 8.4, where energy and momentum

conservation impose the following conditions

Q = kin −kF(8.23)

ω=ωin −ωF(8.24)

Q2 = k2
in +k2

F −2kinkF cos(θs)(8.25)

where θs is the scattering angle between the incident and scattered photons. Note that as in

section 2.5.1, atomic units have been employed. As the energy transfer is significantly smaller

than the incident photon energy one obtains

(8.26)
Q
kin

= 2sin
(
θs

2

)
and the ratio between momentum transfer and incident photon momentum is only dependant on

the scattering angle, placing no limits on energy transfer for a given momentum transfer. This

puts inelastic x-ray scattering at a significant advantage over inelastic neutron scattering where

there is a strong coupling between energy and momentum transfer.

A second consequence of the small energy transfer is the formalism developed in section

2.5.1 holds [4]. As before, the differential cross section is found by integrating the transition rate

over the experimentally unobserved degrees of freedom. However, there are a number of key

differences between the elastic and inelastic results. Firstly, the photon energy is resolved such

that the energy integral in equation 2.17 is no longer performed and the relevant quantity is now
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the double differential cross section. Secondly, in general ωin 6=ωF and the Dirac delta function is

retained in the final cross section to preserve energy conservation. Finally, the initial and final

states of the combined photon-material system differ from the elastic case. Firstly, the material is

no longer assumed to be in its ground state initially nor left unchanged by the iteration such that

the final state of the photon-material system remains unresolved. As such the thermodynamic

average must be taken over all initial states and the sum taken over all possible final states. The

double differential cross section for inelastic x-ray scattering is then given by

(8.27)
d2σ

dΩdωF
= ωF

ωin
r2

0

∑
λF

∣∣∣ε∗kF ,λF
·εkin,λin

∣∣∣2∑
I,F

PI

∣∣∣∣∣〈F|
∑

u
eiQ·xu |I〉

∣∣∣∣∣
2

δ (EF −E I −ω)

where the polarization remains unobserved, xu is the position of the uth electron and PI corre-

sponds to the thermal population of the initial state. Note that E I and EF are the initial and final

energies of the entire photon-material system such that the dirac delta function requires total

energy conservation. This function implicitly contains the correlation function of the electron

density, however for phonon studies one wishes to probe the correlation function of atomic density.

To obtain this, two assumptions must be made. Firstly, the adiabatic approximation is assumed

to hold, allowing the separation of the quantum state 〈S|, into an electron and nuclear part,

〈Se| 〈Sn|. Then it is assumed that the electronic part of the total wavefunction is left unchanged

during the interaction and the only difference between the initial and final material state is due

to excitations associated with atomic density fluctuations i.e. phonons. Also, noting that as the

energy transfer is small the ratio ωF
ωin

can be approximated to unity, the double differential cross

section may be written as

(8.28)
d2σ

dΩdωF
= r2

0

∑
λF

∣∣∣ε∗kF ,λF
·εkin,λin

∣∣∣2 ×
 ∑

In,Fn

PIn

∣∣∣∣∣〈Fn|
∑

s
fs (Q) eiQ·rs |In〉

∣∣∣∣∣
2

δ (EF −E I −ω)


where fs (Q) is the atomic form factor of atom s at position rs. This is the same form as equation

2.20 and assuming all scattering units are equal the total form factor may be factorised out of the

right hand term to give the dynamic structure factor, S (Q,ω). Finally, recognising that the left

hand term is the Thomson-scattering cross section one arrives at

(8.29)
d2σ

dΩdωF
=

(
dσ
dΩ

)
T
| f (Q)|2 S (Q,ω)

where the coupling between the photons and the material system, the Thomson-scattering cross

section, has been separated from the dynamic properties of the material and the form factor is

simply a scaling factor. Therefore, an inelastic x-ray scattering experiment is a direct probe of the

dynamic properties of the system. For single crystal studies and discounting anharmonic effects,

i.e. considering only one-phonon events, S (Q,ω) takes the general form

(8.30) S1p (Q,ω)=
∑

j

〈
nk, j + 1

2
± 1

2

〉
ω−1

k, j
∣∣F1p (Q)

∣∣2δ(
ω±ωk, j

)
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where the sum extends over all 3m phonon modes and term in angular brackets described the

phonon population at a given temperature, 〈n〉 is the Bose factor of the form given in equation

8.16 and the plus and minus signs correspond to phonon creation and annihilation, respectively

[5, 6], for the full form of S (Q,ω) the reader is directed to ref. 7. The one-phonon structure factor

F1p (Q) is then given as

(8.31)
∣∣F1p (Q)

∣∣2 = ∣∣∣∣∣∑
m

fm (Q)√
Mm

[
ek, j,m ·Q]

eiQ·rm e−Wm

∣∣∣∣∣
2

where the sum extends over all m atoms in the primitive unit cell, rm is the position of atom

m within the unit cell, Mm is the atomic mass, e−Wm is the Debye-Waller factor as derived in

equation 4.5 and ek, j,m is the generalised phonon eigenvector, discussed previously, for phonon

wavevector k, mode j and atom m.

The dot product between the phonon eigenvector and Q is important because it provides

selection rules for observable modes. If the total momentum is decomposed as Q = τ+q where τ

is the nearest reciprocal lattice vector and q is a vector within the first BZ, also known as the

phonon propagation vector. Then, for a general phonon to have non-zero scattering intensity

it must have some component of atomic motion, determined by ek, j,m, parallel to Q. A general

phonon is a complicated mixture of polarizations, however it is possible to isolate pure transverse

or longitudinal modes by using so called transverse or longitudinal scattering geometries where

q is either perpendicular or parallel to τ, respectively. Considering transverse geometry, as

q is perpendicular to τ, only those modes with atomic motion perpendicular to q, will have

atomic motions parallel to Q, and therefore only transverse modes will have non-zero intensity.

Obviously the opposite argument holds for selecting longitudinal modes.

Calculating the exact intensities one would expect to observe is complicated, however, as

phonons are correlated atomic motions all the information is encoded in Gn,n′,m,m′ (Q) and the

total intensity is given by equation 4.6. Accounting for the resolution of outgoing photon energy,

equation 4.6 may be rewritten as

(8.32) I (Q,ω)= NIT

∑
n

∑
m,m′

fm (Q) f ∗m′ (Q) eiQ·(Rn+rm−m′)e−Wn,m e−Wn,m′ eGn,m,m′ (Q)δ
(
ω±ωk, j

)
where the periodicity of the lattice has been used to set Rn′ equal to the origin such that the

sum
∑

n,n′ = N
∑

n. The dirac delta function corresponds to the two possible directions of energy

transfer. The incoming photon gives energy to the lattice to produces a phonon of energy ωk, j

(stokes mode) or the lattice gives energy to the photon, thereby destroying a phonon of energy

ωk, j (anti-stokes mode). By convention the former is defined as positive, since at low temperature

the population of most phonon modes is vanishingly small and the probability of the latter

interaction is consequentially low. The discussion in section 4.2 was conducted in terms of generic

displacements, however, following the formalism of R. Xu [2], both W and G may be written
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as superpositions of normal modes by using equation 8.15 generalised to 3D and m atoms per

primitive unit cell. W and G are then of the form

Wn,m = 1
4Mm

∑
k, j

〈a2
k, j〉

∣∣ek, j,m ·Q∣∣2
= 1

4NMm

∑
k, j

1
ωk, j

coth
(
ωk, j

2kB

)∣∣ek, j,m ·Q∣∣2(8.33)

Gn,n′,m,m′ (Q)=
∑
k, j

〈a2
k, j〉

2
√

MmMm′

(
ek, j,m ·Q)(

ek, j,m′ ·Q)∗ e−ikRn−n′

Gn,m,m′ (Q)= 1

2N
√

MmMm′

∑
k, j

1
ωk, j

coth
(
ωk, j

2kB

)(
ek, j,m ·Q)(

ek, j,m′ ·Q)∗ e−ikRn

(8.34)

where in the second equation for G the periodicity of the lattice has once again been used to

remove the sum over m′. The fact that the phonons are distributed according to Bose-Einstein

statistics means that the time averaged square amplitudes for harmonic phonons are given by

(8.35) 〈a2
k, j〉 =

2
Nωk, j

(
1

eωk, j /kBT −1
+ 1

2

)
= 1

Nωk, j
coth

(
ωk, j

2kBT

)
.

Equation 8.32 is a complete description of the scattered intensity from the photon-material

interaction, however it contains nested three dimensional sums in both real and reciprocal space

for each Q which makes it incredibly taxing to compute. Instead, by assuming that G is a small

quantity, the taylor expansion eG = 1+G+G2/2 . . . may be taken such that the intensity is given

as

(8.36) I (Q,ω)= I0 (Q,ω)+ I1 (Q,ω)+ I2 (Q,ω) . . .

By expanding S (Q,ω) in a similar fashion it can be shown that the intensities in equation

8.36 correspond to terms with 0,1,2, . . . creation /annihilation operators i.e. 0,1,2, . . . phonon

interactions [7]. The leading term in the expansion is given by

I0 (Q,ω)= NIT

∑
n

∑
m,m′

fm (Q) f ∗m′ (Q) eiQ·Rn eiQ·rm−m′ e−Wn,m e−Wn,m′δ (ω)

= N2IT

∣∣∣∣∣∑
m

fm (Q) eiQ·rm e−Wm

∣∣∣∣∣
2∑

h

δ (Q−Gh)δ (ω)
(8.37)

This is simply the equation for Bragg scattering and the same result could be reached by following

the discussion in chapter 2, albeit now including the Debye-Waller factor. In the second step the

properties of the lattice sum in the limit of large N have been utilised to write

(8.38) lim
N→∞

∑
n

eiX ·Rn = N
∑

h

δ (X −Gh) or N
∑

h

δX ,Gh
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where the alternative form is for a discrete variable and makes use of the Kronecker delta

function. The second term is then given as

I1
(
Q,ω

)
= NIT

∑
n

∑
m,m′

fm
(
Q

)
f ∗m′

(
Q

)
eiQ·Rn eiQ·rm−m′ e−Wn,m e−Wn,m′ Gn,m,m′

(
Q

)
δ

(
ω±ωk, j

)

= IT
2

∑
n

∑
k, j

∑
m,m′

ei
(Q−k)·Rn

{
fm

(
Q

)
f ∗m′

(
Q

)√
MmMm′

eiQ·rm−m′ e−Wn,m e−Wn,m′ (
ek, j,m ·Q

)(
ek, j,m′ ·Q

)∗ 1
ωk, j

coth
(
ωk, j

2kB

)}
δ

(
ω±ωk, j

)

= NIT

2

∑
j

{[
1
ωk, j

coth
(
ωk, j

2kBT

)]
k=q

×
∣∣∣∣∣∑

m

fm (Q)√
Mm

[
ek, j,m ·Q]

eiQ·rm e−Wm

∣∣∣∣∣
2

k=q
δ

(
ω±ωk, j

)}

(8.39)

where the discrete form of 8.38 has been used to remove the sums over k and n with the resulting

Kronecker only satisfied when k = q, which, by translational symmetry, may be restricted to

within the first BZ. It is possible to construct a situation where Q −k = G does not lie in the

first BZ but this may always be translated back into the first BZ such that k = q and G = τ.

Importantly, as the only phonons that contribute to the scattered intensity are those with k = q,

this allows one to explore the phonon dispersion systematically. The second term is simply F1p (Q)
evaluated at k = q and the inclusion of the thermal population /amplitude factor means that

high occupancy, large amplitude states have a greater scattering power. This is why the acoustic

branches are significantly stronger than their higher energy, optical counterparts. As a general

rule scattered intensity increases as |Q|2, however the modulation of the atomic form factor

means that for low q, acoustic (optic) intensity also scales (inversely scales) with the nearest

Bragg intensity [7]. At high Q the exponential drop off of the Debye-Waller and the atomic form

factor will dominate and intensity falls away sharply. Finally, the energy integrated form of this

equation,
∫

I1 (Q,ω)dω, gives the one-phonon diffuse scattering intensity, which in most cases is

the dominant factor. Therefore, as alluded to in chapter 5, low energy phonon branches can be

probed directly by diffuse scattering and give a highly structured diffuse response, examples and

in-depth discussion of these phenomena may be found in the references [8–10] .

8.3 ID28-I

As discussed in section 4.3, the ID28 beamline is divided into two branches, the upper of which is

an inelastic x-ray scattering (IXS) spectrometer. All modern inelastic x-ray spectrometers are

based on a triple axis design; the first axis is a very high resolution monochromator, the second

is the sample goniometer, and the third is an energy analyser with equivalent resolution to the

monochromator. In turn, these allow one to scan, incoming photon energy, momentum transfer Q,

and outgoing photon energy, respectively. An experiment is performed by setting the goniometer

to a given momentum transfer, with motor positions determined via the UB matrix as described

in section 4.3.1.2, then, scanning the incident energy while keeping the analyser fixed at the

original energy. Thus, if a peak is observed at ±2meV, this energy must have been transferred to
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Fig. 8.5 : Schematic of of the ID28-II beamline with the ID28-I branch greyed out. Distances
between individual components are indicative, as are angles of beam deflection and for visual
clarity the backscattering angle from the main-monochromator has been greatly exaggerated.
Order of magnitude values for the relative energy resolution are given at different intervals and
represented visually sequentially by black, royal blue and finally light blue traces. For visual
conciseness long section of uninterrupted beam path are not represented and are instead noted
through two parallel lines either on the beam path itself or on the scale bar. The Be Compound
Refractive Lens modules are also noted as Be CRL and the Mirror Unit module is representative
of all possible mirror options.

(from) the sample. There is no fundamental reason why the analyser energy couldn’t be scanned

instead, however they are larger than the monochromator and most spectrometers typically have

multiple analysers arranged in a bank so it is simply more practical to scan the incoming energy.

The major technical obstacle that has to be overcome in designing an IXS spectrometer

is achieving the required relative energy resolution, (∆E/E). This is because sub-angstrom

wavelength x-rays are those with energies, E, greater than ≈ 12.4 keV and phonons have energies

on the order of 1 meV. Ideally the instrument would also have a resolution, ∆E, of order 1 meV

thus requiring a relative energy resolution of order 10−8. At ID28 this is achieved using three

sequential monochromators. The white beam is premonochromated using two channel cut, Si-

crystal, monochromators with Bragg reflections (111) and (400), respectively, which improve the

relative energy resolution first to ∆E/E ≈ 10−4 and then ∆E/E ≈ 10−5. Together they also reduce

the thermal load placed on the main Si monochromator minimizing thermal broadening. An

efficient means to further improve the relative energy resolution is to utilise Bragg reflection

161



CHAPTER 8. THEORETICAL BACKGROUND AND EXPERIMENTAL METHODS FOR
LATTICE DYNAMICS AND INELASTIC X-RAY SCATTERING

Reflection Energy (keV) ∆Energy (meV) Flux (photons /s)
(7,7,7) 13.840 7.6±0.2 10.510

(8,8,8) 15.817 5.5±0.2 9.010

(9,9,9) 17.794 3.0±0.2 2.7010

(11,11,11) 21.747 1.5±0.1 6.609

(12,12,12) 23.725 1.3±0.1 5.859

(13,13,13) 25.704 1.0±0.1 1.479

Table 8.1: Incoming beam energy, energy resolution and flux, as measured at the sample position,
for various Si monochromator reflections. Values reproduced from [12].

from a perfect crystal in backscattering geometry. By considering the resolving power (E/∆E) of

such a set up, the expression

(8.40)
(
∆E
E

)
= dhkl

πΛext

can be derived [11] where dhkl is the lattice spacing, and Λext is a quantity known as the primary

extinction length which arises from dynamical diffraction theory and increases with reflection

order. Therefore, it is beneficial to use higher reflection orders, however this results in lower

flux on the sample. The characteristics for the ID28 spectrometer are shown in table 8.1, the

most commonly used being the (9,9,9) reflection as it provides a good balance of flux and energy

resolution.

Relative energy scans are then performed by varying the lattice constant of the main

monochromator via temperature, the validity of which can be seen by simply rearranging Braggs

law as

(8.41) E = hc
2dhkl sin(θB)

,

so for a fixed reflection order and Bragg angle, the energy is entirely determined by the lattice

spacing [13]. It can also be shown that, assuming linear thermal expansion, the achievable

relative energy resolution during an energy scan is related to the relative change in lattice

spacing as, ∆E/E =−∆d/d =−α∆T, where α is the coefficient of thermal expansion and ∆T is the

temperature difference between the monochromator and analyser crystals, the latter of which

is kept constant at 22.5 °C. Therefore, in order not to limit the relative energy resolution, the

achievable relative change in lattice spacing, constant over a large potion of the crystal, must

greatly exceed the desired relative energy resolution. This dictates a highly perfect crystal, which

in practice, limits the monochromator to be a silicon crystal. The coefficient of thermal expansion

for silicon is ≈ 10−6, therefore, if one wishes to perform an energy step of 0.1 meV, which equates

to ∆E/E ≈ 10−9 this requires both the monochromator and analyser crystals to be temperature

controlled to within ∼ 0.5 mK. Note, that this doesn’t allow a final resolution of 0.1 meV as the

final resolution is determined by a multitude of factors.
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The need to operate in backscattering geometry arises from a geometric contribution to the

relative energy resolution ∆E/E = cot(θB) ·∆θ which is derived by differentiating Bragg’s law and

includes the angular divergence ∆θ of the beam incident on the monochromator [14]. In normal

reflection geometry cot(θB)≈ 1 and the angular divergence of the beam would have to be in the

range of nano-radians. This level of collimation is not technically achievable, and even if it were,

it would reduce the flux dramatically. Instead, extreme backscattering geometry is used, i.e. Bragg

angles very close to 90°. The ID28 monochromator works at θB = 89.98° where cot(θB) ≈ 10−4,

relaxing the conditions on ∆θ to ∼ 20µrad, comparable to the natural collimation provided by the

undulator. The same energy resolution issues are apparent for the analyser however the angular

acceptance criteria are now set by the desired momentum transfer resolution which is typically

of order 0.3×0.9 nm−1 (H×V) and corresponds to ∆θ ≈ 10 mrad. To achieve this level of angular

acceptance, backscattering from a flat crystal is no longer viable, instead, a curved crystal must be

used to focus the outgoing beam. However, to preserve the required crystal perfection elastically

bent crystals are not an option. Instead, a large number of perfectly flat Si crystals are adhered

to a spherical surface with a radius equal to the distance between the sample and the analyser.

This last criteria is known as the Rowland Condition and ensures an identical Bragg angle for

every photon entering the detector. It can also be shown that there is a geometrical contribution

to the relative energy resolution of a spherical analyser proportional to R−2 [7], with R being the

sample-analyser distance thus rewarding a long detector-analyser arm. The ID28 arm is 7 m and

houses 9 analyser-detector pairs arranged in a 5, 4 bank, which, due to being offset from one and

other observe slightly different momentum transfers, all 9 spectra being collected simultaneously.

The detectors are custom CdTe detectors and the arm can rotate in the horizontal plane through

a range of 0−55°.

A variety of focusing optic options are available between the main monochromator and

the sample however this work makes sole use of a platinum coated Kirkpatrick–Baez mirror

for vertical focusing followed by a multilayer mirror for horizontal focusing. This combination

gives an ideal and average spot size of 14× 7 µm and 25× 12 µm (H×V). Two sets of four

compound beryllium lenses, one before the L-B monochromator and one between the pre- and

post-monochromators, are used to collimate and focus the beam, respectively, before it reaches

the main monochromator. Sample slits are used to remove any parasitic scattering and analyser

slits set the momentum transfer resolution.

Due to the size and weight of the detector-analyser arm IXS spectrometers are designed

such that the scattering plane is horizontal meaning IXS experiments are normally conducted

in transmission geometry. However, to achieve measurable inelastic intensity from thin films, a

grazing incidence geometry is required. This ensures a sufficiently large amount of the film is

contained within the scattering volume while also minimising the extent to which the substrate

or buffer layers are illuminated thus limiting contaminating spectra. Both experiments used
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(a) Photograph showing sample mounted on the ID28-II
beamline in alignment set-up. (1) Manual goniometer, (2) Sam-
ple and copper sample mount, (3) Plexiglass beam diffuser, (4)
Sample slits. Incident beam direction is marked with an arrow

(b) Photograph showing
sample mount close up. (1)
Sample mounted onto flat
copper surface with carbon
tape (2) Necessary pillar with
effects discussed in text. (3)
Cylindrical mounting pin
clamped into the goniometer
head using a single grub screw.

Fig. 8.6 : Photographs showing the sample mount (a) mounted on the goniometer and (b)
away from the beamlime.

a fixed angle ω = 0.35° with an additional tilt in χ ≈ 0.5° which was optimised for the Bragg

reflections in a chosen sector. Assuming both angles are small, the true incident angle may then

be approximated as
√
ω2 +χ2 . The secondary χ-tilt improves the measured intensity for two

reasons, both related to absorption. Firstly, it reduces the distance travelled by the scattered beam

before exiting the film, and secondly it significantly increases the penetration depth, possibly up

to ten-fold [15], thus increasing the proportion of the film contained within the scattering volume.

Note that in contrast with laboratory source described in section 2.5.2, the incoming beam is

stationary and the sample is rotated in ω, with positive rotations defined as anti-clockwise i.e.

tilting the sample towards the beam, the definition of χ is unchanged.

This technique was pioneered at the ID28 beamline [16, 17] before being further developed

by a previous member of the group [15] and uses the Bragg reflections from the substrate to

align the crystal. The initial alignment procedure is conducted using a CCD camera to allow

access to a large portion of scattering space and rapid visual feedback, a plexiglass beam diffuser

is used to avoid saturating the camera’s detectors, see figure 8.6a. Final alignment and UB
matrix determination is then performed using the main spectrometer arm. A, new, custom copper

mount, shown in figure 8.6a, was designed for the studies in this thesis. This mount was designed

with a minimally thin supporting pillar, facilitating access to the largest range of q possible.

This allowed all acoustic branches to be explored across the entire BZ. The experiments were

conducted in vacuum to mitigate any potential beam induced oxidation, this was unlikely given

the sample is capped, however the measure was precautionary.
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Fig. 8.7 : Example of a fitted IXS spectra. Measured data, converted from monochromator
temperature to energy transfer and shown as open squares, is taken at q = [0,0,0.25] from
detector 2 with 3 meV resolution. Green, blue and red curves show the Lorentzian elastic fit,
DHO phonon fit and total fit, respectively.

8.4 Analysis Methodology

For the purposes of discussion, an example IXS spectra is shown in figure 8.7. The observed

parameters in an IXS experiment are photons /s and the monochromator temperature T, so

first the x-axis must be converted into energy transfer. To do this one writes dhkl (T0 +∆T) =
(1+α∆T)dhkl (T0) and then from equation 8.41

(8.42) E (T0 +∆T)= hc
2(1+α∆T)dhkl (T0)sin(θB)

where T0 is defined as the peak in the elastic scattering, i.e energy transfer equals zero, and

as dhkl is a well known parameter as a function of temperature the energy transfer may be

determined [18]. This procedure is performed using an in-house MATLAB script “AddIXS” within

which both the elastic peak fitting and temperature to energy conversion process are performed.

The elastic peak is fit using a Lorentzian function convoluted with the instrumental resolution.

The resolution function is a pseudo-voigt determined experimentally for each detector at a given

monochromator reflection, Si(n,n,n).
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At its most general an IXS spectra may be represented by the form

(8.43) I (Q,ω)= A (Q)
{[

IE (Q)+ I1 (Q,ω)
]∗R (ω)

}+B (Q,ω)

where IE is of the form given in equation 4.6 but strictly restricted to elastic scattering only, I1 is

given in equation 8.39, R (ω) is the instrument resolution function, ∗ is the convolution operator,

A is a scaling factor dependant on the experimental set up influenced by choice of: scattering

geometry, resolution, optics etc. and B is a background function that accounts for factors such

as electronic noise. The background at ID28 is of order one count per half an hour, thus may be

ignored, and as all IXS experiments are conducted a sufficient distance away from the Bragg

reflection, the first term in IE also vanishes. The remaining elastic scattering, central peak in

figure 8.7, is normally related to static defects in the crystal, although, if present, static diffuse

structures will also contribute. Regardless of the contributing factors, the central (elastic) peak is

fitted with a Lorentzian profile convoluted with the relevant resolution function (green curve).

While the two peaks at positive and negative energy transfer are given by I1 and correspond to

the creation and annihilation of phonons of that energy, with the wavevector q determined by

Q = τ+q. As discussed in previous sections, the intensity of the two phonon peaks are intrinsically

related by the thermal occupation of the particular phonon mode and are approximated using a

single damped harmonic oscillator per mode [5, 19];

(8.44) I ′1 (Q,ω)= 2
π
|A (Q)| ω−ω0

1− e−(ω−ω0)/kBT

∣∣2Γk, j
∣∣[

(ω−ω0)2 −ω2
k, j

]2 + (
2Γk, j

)2 (ω−ω0)2

where ω is the measured energy change, ω0 is the correction required after zeroing the energy

on the elastic line, ωk, j is the mode energy, Γk, j is the mode FWHM and A is a generic area

factor. This function is then convoluted with the relevant resolution function and used to fit

the phonon profile, giving the blue curve in figure 8.7. The elastic line and phonon profile are

fit simultaneously within an in-house, linear least squares, fitting program, “fit28”, which also

handles the convolution procedure. The only fixed variable is the sample temperature, and the

mode energy, linewidth and peak area can be extracted as outputs.

8.5 Computational Methodology

All theoretical studies presented in this thesis were developed and conducted solely by collabo-

rators at the CEA, DAM - Boris Dorado, Johann Bouchet, Francois Bottin and Alois Castellano

however I provided significant input into the direction the studies should take to best complement

the experimental work. The full theoretical details for the lattice dynamics of the γ-UMo system

have been published recently [20] but a brief overview of the methods followed are provided

below. This summary is taken largely verbatim from ref. 21 and the corresponding supplemental

material of which I am the first author.
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All calculations used density-functional theory with the ABINIT package [22]. Concerning

the ab initio molecular dynamics (AIMD) simulations, a 4×4×4 supercell of 128 atoms was used,

and the random alloy was modelled using special quasi-random structure methods [23] generated

following the method of van de Walle et al. [24] for a 25 at.% Mo system. The AIMD trajectory

was equilibrated during 5−10 ps.

The finite temperature phonon dispersions and density of states (DOS) were extracted from

the AIMD runs using the Temperature Dependent Effective Potential (TDEP) method [25–27]. In

this method, a set of forces and positions extracted from the AIMD are fitted on a model harmonic

Hamiltonian of the form

(8.45) H =U0 +
∑
s

p2
s

2ms
+∑

s,s′
Θs,s′usus′

with ms, ps and us, the mass, momentum and displacement of atom s, respectively. U0 is the

ground-state energy and Θs,s′ the second-order effective Interatomic Force Constants (IFC). Note

that the periodicity of the lattice has not been accounted for here and s
(
s′

)
are global position

identifiers. To model the random alloy while keeping a small number fitting parameters, the

symmetry of the underlying structure is imposed on the IFC.

Within this constraint, two levels of approximation were considered. In the Virtual Crystal

Approximation (VCA-TDEP), an averaged, ideal crystal is used during the fit. By preserving the

symmetries of the underlying structure, the VCA-TDEP method gives the vibrational properties

with standard harmonic formulas. However, to gain a greater understanding of alloy related

broadening the Symmetry-Imposed Force Constant (SIFC-TDEP) extension of TDEP was used.

In this extension each atom has its real mass, and the IFC’s have both a type and bond-length

dependence. To facilitate the latter, the bond-stiffness vs. bond-length model of van de Walle &

Ceder [28] was followed and a linear dependence in the IFC parameters introduced as a function

of the bond length

(8.46) a (l)= a0 +a1 (l− l0) ,

where l and l0 are the bond lengths in the alloy and ideal structure, respectively. a (l) is the IFC

coefficient, a0 is the stiffness of the bond at its ideal length l0, and a1 relates the stiffness of the

coefficient to the deviation in bond length from the ideal structure. To obtain the length-dependent

IFC, the coefficients a0 and a1 are fitted from the AIMD runs, as performed in the usual TDEP

method. To check the validity of the SIFC-TDEP model, the phonon-DOS was extracted from

both models, at finite temperature and for various alloy concentrations, shown in appendix G.

Validity was confirmed via good separation between uranium-containing, and molybdenum-only,

modes in the SIFC output with the expected broadening also observed. For further discussion

of the obtained PDOS as well as a more detailed explanation of the approximations made see

ref. 20 and for more general details of the SIFC-TDEP method see ref. 29.
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The SIFC-TDEP method breaks the underlying structural symmetry, so the supercell must

be considered to be the unit cell during the phonon extraction. Although this does not affect the

phonon-DOS extraction, the resulting dispersion cannot be compared directly with experimental

results. To obtain a theoretical dispersion, the band unfolding method of Ikeda et al. [30] was

used. In this unfolding procedure, the spectral function at a given k-point is computed by

projecting the supercell phonon dispersion onto the underlying structure. One should note that

with this method, the calculated linewidth broadening is only due to the variation in mass and

IFC’s, neither phonon-phonon interactions (i.e. anharmonic contributions) nor correlated disorder

are included in the estimated linewidth. Anharmonic contributions are present during AIMD

simulations, and are extracted in an “effective way” using the TDEP method. Via a separate

method the linewidth contribution from phonon-phonon interactions was assessed to be much

less than 1 meV, as expected at room temperature [31].

8.6 Experimental Procedures

All the results presented in the following chapter were collected during two experiments. The

first was allocated prior to my arrival at the ESRF as a trainee through standard application

procedures and uses the (9,9,9) monochromator reflection (3 meV resolution), while the second

was performed using in-house time during my traineeship and uses the (8,8,8) monochromator

reflection (5.5 meV resolution). In total, 49 useful energy scans were performed, resulting in 441

recorded spectra. The Q positions of every spectra are plotted in figure 8.8, from which it can be

seen that, as a result of the detector bank geometry, each energy scan probes a shallow arc in

reciprocal space centred around the principle detector (2), which has the third smallest |Q|. While

phonons exist as a 2D surface in reciprocal space and as such every spectra record excitations,

away from high-symmetry directions they may be impossible to interpret. Therefore, a selection

criteria was employed to analyse only those spectra for which all miller indices were within 0.05

of the desired high symmetry direction. This criteria is represented visually via the dotted lines

in figure 8.8 where green and orange lines represent pure and mixed spectra, respectively, i.e.

those with either; only transverse or longitudinal modes, versus those with both. In fact, the

criteria is slightly more stringent than figure 8.8 depicts as the x-axis is the average of h and k,

and only one is required to fail the criteria in order that the spectra is rejected. However, what

can be seen immediately, is that along some directions the radius and orientation of the arc

means the large majority of spectra are useful, while along others only the principle spectra is

usable. Applying this criteria, 213 spectra were analysed, of which 130 were fitted with sufficient

confidence and form the dataset that will be discussed in the following chapter.
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Fig. 8.8 : Reciprocal space map for the region explored during both IXS experiments
with the corresponding plane in the bcc Brillouin zone shown right. All coordinates are given
in r.l.u., blue spheres show high symmetry lattice positions within the bcc Brillouin zone and
are labelled in the insert. Empty circles (squares) correspond to spectra recorded during the
3 meV (5 meV) experiments and green (orange) dotting lines bound the acceptable region about
pure (mixed) modes

There are three main reasons why a spectra that had met the first criteria may not have been

fitted with sufficient confidence to make the final dataset. Firstly, for many mixed spectra it was

not possible to confidently assign polarizations. Secondly, for both experiments, detector 5 was

suffering from a systematic energy (temperature) offset in the positive direction such that the

stokes mode would regularly fall outside the scan range. Finally, close to the N positions the

diffuse intensity meant the elastic signal was so intense all inelastic responses were overwhelmed.

Extreme elastic signal was also observed for a small portion of other spectra with Q corresponding

to the power diffraction rings of the Nb cap. It should also be noted that both experiments were

restricted to two of the four available quadrants, top left and bottom right in figure 8.8, due to

the shadow cast by the sample mount pillar and, as the result of a small misscut in the sapphire

substrate, separate UB matrices had to be determined for each quadrant.
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9
THE γS-UMO PHONON DISPERSION AND INVESTIGATIONS OF

DISORDER-PHONON COUPLING

To provide some insight into question four, the entire γs-U0.77Mo0.23 phonon dispersion has been

explored in search of any effects of disorder-phonon coupling and the results are discussed almost

exclusively in this context. Data from both the (9,9,9) and (8,8,8) inelastic x-ray scattering

experiments are presented in this chapter, however, at all points the two experiments are considered

to form one continuous data set and are analysed in identical fashion with no quantitative

comparison offered. As in chapter 5, it should be noted that large sections of the following

discussions closely track that provided in ref. 21, of which I am the first author.

9.1 An Overview of Inelastic X-ray Scattering Results

9.1.1 Dispersion Contamination

Before presenting the major results one point must first be addressed, in both experiments, a

second set of dispersive excitations were observed in both longitudinal and transverse spectra, see

figure 9.1. They are characterised by having energy greater than the assumed γs-UMo excitations,

by a significant amount in certain spectra, and widths that are resolution limited. Before analysis

of the γs-UMo dispersion could be conducted the second dispersion had to be accounted for, as

without knowledge of where the two dispersions overlap, the validity of fitting an observed peak

with two modes is unclear. It was hypothesised that the second dispersion originated from the

single crystal Nb buffer, which is known to be probed in grazing incidence geometry, as evidenced

by the strong signal in the diffuse scattering experiments, and that qNb should be u qUMo. The

last point results from the epitaxial relationship between Nb and γs-UMo being both 1 : 1 and
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Fig. 9.1 : Example spurion spectra. Measured data, converted from monochromator temper-
ature to energy transfer and shown as open squares, is taken at Q = [0.5,0.5,2.5] from detector 2
with 3 meV resolution. Green, blue and red curves show the Lorentzian elastic fit, DHO phonon
fit and total fit, respectively. γs-UMo and spurion signal denoted as I and II, respectively.

“cube on cube”. To test this hypothesis, all spectra with clearly resolvable second excitations, the

majority of those with energy above ∼ 15 meV along [110] and ∼ 12.5 meV in all other directions,

were fitted “blind” and compared to the Nb dispersions from references 32 and 33, as shown in

figure 9.2.

A strong correspondence between the two dispersions allows for the conclusion that the

spurious set of excitations do indeed originate from the Nb buffer. The resolution limited widths

are also consistent with this conclusion as the buffer is known to be a high-quality single

crystal that is free from both significant defects and local ordering. Having determined the

identity of the second dispersion, the γs-UMo excitations were fit with two modes wherever

the two dispersions overlap, using the literature Nb dispersions as a guide. It is stressed that

Nb excitation parameters were always fit freely and were never fixed to the literature values.

Note that in and of itself, the observation of good quality inelastic signal from a 20 nm layer is

an important result. To my knowledge, this represents the thinnest layer from which inelastic

signal has been obtained and opens the door for future studies focused on phonon confinement

effects. It also highlights the importance of understanding the epitaxial relationships within

a heterostructure, because without this knowledge it will be almost impossible to identify and

characterise contaminating dispersions.
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Fig. 9.2 : Spurion-Nb dispersion comparison resulting from the fitting procedure described
in the text. Open red circles (blue squares) correspond to fitted energy values for longitudinal
(transverse) modes from this work. Open dark grey circles (light grey squares) correspond to
inelastic neutron scattering data reproduced from refs. 32 and 33.

9.1.2 The γs-U0.77Mo0.23 Phonon Dispersion

Having applied the considerations discussed above, the full γs-U0.77Mo0.23 dispersion is shown in

figure 9.3 along with a linewidth “dispersion”. Two points can be seen immediately; firstly, there

is good agreement between the observed and theoretically predicted energies, and secondly, for

the majority of modes, considerable broadening in the phonon linewidths is observed. The focus

of the following discussions will be to determine which, if any, and to what extent the observed

phenomena may be attributed to disorder-phonon coupling. As the extraordinary linewidth

broadening is the most important result this will be explored first before discussing the phonon

energies at the end of the chapter.

9.2 Phonon Lifetime Suppression

Thermal conductivity is an important parameter in many materials, most notably thermoelectrics

and thermal barrier materials. The former are those that display a strong manifestation of the

thermoelectric effect, whereby, a temperature gradient drives an electric potential and vice versa

[34]. The latter are materials with desirably high thermal resistivity useful for coating high

temperature industrial components such as jet turbine blades [35]. In both, it is important to
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Fig. 9.3 : Phonon energy and linewidth dispersions. (Top Panel) Experimental (23 at.%
Mo) and theoretical (25 at.% Mo) phonon dispersion curves. Transverse (longitudinal) acoustic
modes are shown as blue squares (red circles) and theoretical results from a virtual crystal
approximation are shown as dashed white lines. The full spectral function is plotted as a log0.6
colour map to rescale the intensity divergence at gamma. All directions are within the parent
BZ. (Bottom Panel) Raw linewidths, Γo, are shown as grey squares (TA) and circles (LA) with
deconvoluted linewidths Γd shown by dashed blue (TA) and red (LA) trendlines. The smoothing
methodology is described in the text. Errors were determined by smoothing raw errors through
the same algorithm and are shown as confidence bands.

reduce the thermal conductivity, the reasoning is obvious for thermal barrier materials, however

slightly more nuanced for the thermoelectric case, but may be seen by considering the maximum

possible efficiency of a thermoelectric material as given by the figure of merit

(9.1) zT = σS2T
κ

where σ is the electrical conductivity, S the Seebeck coefficient, κ the total thermal conductivity

and T the temperature [34]. Hence, suppressing thermal conductivity is an efficient way of achiev-

ing high figures of merit, even more so if κ is dominated by the phononic component and one can

utilise a suppression mechanism that is phonon specific, leaving σ unaffected [36]. As discussed in

section 8.1, phonon linewidths are inversely proportional to lattice thermal conductivity, therefore,

if there existed a strong coupling between the correlated disorder described in chapter 5 and the

phonon linewidths this would represent an exciting addition to phonon engineering strategies

that aim to efficiently suppress lattice thermal conductivity in thermoelectric or thermal barrier

materials.
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As is clear from 9.3, the lifetime suppression in the γs-U0.77Mo0.23 system is extraordinary

both in its magnitude and the portion of the dispersion affected. To further demonstrate the

strength of the effects, the fitted spectra along q = [001]p are plotted in figure 9.4, from which

it can be seen that for all but q = 0.15 the broadening is considerable. As a subsidiary point,

this figure also highlights the significant resolution difference between the (8,8,8) and (9,9,9)
spectra. In general the linewidth observations are consistent with that of Brubaker et al. who

report maximum linewidths of ∼ 20 meV at N for the 20 at.% Mo system [37] compared with

a ∼ 14 meV maximum observed in this study, for direct comparisons between the two studies

see appendix F. The comparative decrease is unsurprising given their study was conducted at

a lower alloying percentage and the strength of the correlated disorder is expected to increase

correspondingly. Similar effects have been observed in ω phase alloys [38, 39], however in such

systems broadening is observed for only part of the dispersion and is attributed to embryonic

regions that provide extra observable branches. Instead, the broadening in the γs-UMo system

may be attributed to two main factors; alloy related effects and the presence of short-range

correlations discussed at length throughout this thesis.

In order to isolate the effects of short-range correlations, thereby assessing their relative

importance and thus also the strength of any possible disorder-phonon coupling, modelling was

performed via ab initio molecular dynamic simulations, a detailed discussion of which was given

in section 8.5. The resulting spectral function, shown as a colour map in figure 9.3, includes

broadening from mass difference as well as interatomic force constants’ (IFC’s) dependent on both

bond type and length, the latter providing an approximation for random displacive disorder. As

previously stated anharmonicity from phonon-phonon interactions (at 300 K) was assessed to be

much less than 1 meV and phonon-point defect scattering was assumed to be negligible. As such,

the simulation is assumed to capture all major alloy related broadening, but no correlation effects.

This allows an approximation to be made of the deconvoluted linewidth, shown in the lower panel

of figure 9.3, by subtracting in quadrature the modelled width, Γm, from observed widths, Γo. In

making this statement, it is assumed that all non-instrumental broadening is Gaussian such that

the convolution proceeds as described in section 2.5.3. The deconvoluted linewidths, Γd, show a

strong dependence on phonon branch, direction and energy, discussed further in the following

section. However, as evidenced by the excellent agreement between the deconvoluted curves

and experimental data, the alloy contribution is comparatively small for almost the entirety

of the dispersion. The theoretically predicted linewidths, which include only alloying effects,

never exceed 2meV. Assuming the validity of the quadratic approximation, Γd =
√
Γ2

o −Γ2
m , it is

concluded that, barring the exceptional positions discussed below, the majority of the observed

broadening may be attributed to the presence of correlated displacive disorder.
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Fig. 9.4 : TA[001]p intensity as a function of q along Γ→ H, for 23 at.% Mo. The strong
elastic response at q = 0.15 has been omitted and the lower resolution data, indicated by asterisks,
are multiplied by 4 for clarity. Data points are shown as open squares, total fit as solid curves with
the phonon contribution highlighted by shaded regions. Fitted phonon frequencies are projected
on the plane as grey points with a grey dashed spline as a visual guide of the dispersion. Note
that all spectra shown are from the principle detector only.
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Fig. 9.5 : Comparison of theoretical and experimental linewidth dispersions. Smoothed
experimental LA and TA linewidths shown as open red circles and blue squares, respectively.
Error bars are taken directly from the unsmoothed data and were determined from an in-house
fitting algorithm. Theoretical LA and TA linewidths shown as open dark grey circles and light
grey squares, respectively.

9.2.1 Linewidth q-dependence

To further probe the q-dependence in the disorder-phonon coupling, a linewidth dispersion was

produced, figure 9.5, directly comparing Γo and Γm. The experimental data have been smoothed

using a locally estimated scatterplot smoothing algorithm to account for the variance introduced

when fitting very broad, low intensity phonons and extract a trend from the raw linewidths

shown in the lower panel of figure 9.3. The smoothing algorithm was applied separately for each

branch and each crystallographic direction. An identical smoothing methodology was used to

produce the Γd trendlines and errors shown in the lower panel of figure 9.3.

Firstly, note that, as is also clear from figure 9.3, the branch identity is not preserved through

the change of direction that occurs at H. LA linewidths become TA linewidths and vice versa. Such

a discontinuity is allowed since phonon lifetimes are a third-order term and have no requirement

to vary smoothly through high symmetry positions. Secondly, addressing the validity of the

above assumption that Γm accurately captures all major alloy related linewidth broadening. It

should be noted that the calculation of phonon linewidths is significantly more involved than

phonon energies, and appreciating the added complexity of modelling 5 f systems, the values of

Γm shown in figure 9.5, and used in the deconvolution procedure, must be treated with caution.

However, previous work on UO2 [40] showed that, at room temperature where anharmonic

effects are small, acoustic linewidths never exceeded 2 meV, and general agreement between

calculated and experimentally observed linewidths was possible. In contrast, figure 9.5 clearly
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shows that, whereas the calculated linewidths in this work also never exceed 2 meV, there exists

a significant qualitative difference between the experimental and theoretical linewidths for

almost the entirety of the dispersion. This allows the large majority of observed broadening

to be confidently attributed to the presence of correlated displacive disorder. Do however note

that the uncertainty in the exact magnitude of intrinsic alloy-related broadening makes precise

quantitative proportionment impossible.

Finally, there are also two places were no significant difference between the calculated and

measured linewidths is observed: (i) near the BZ centre and (ii) close to the LA-2/3〈111〉p position.

The first case is a consequence of wavelength, collective vibrations are insensitive to structural

modulations with characteristic lengthscales shorter than their wavelength, and phonons close

to the BZ centre have comparatively long wavelengths. The second case is more interesting. It is

clear that as one approaches q = 2/3〈111〉p, from either direction, there is a significant decrease

in measured LA linewidths towards the predicted values, until they are coincident around the

2/3 position. No changes in the TA linewidths are observed over the similar region. This suggests

that the linewidth, and hence lifetime, of phonons in the LA-2/3〈111〉p mode, and to a lesser

extent those nearby, are unaffected by the presence of the correlated disorder. The reason for

the minimum at this position is currently unclear, however it does indicate that this could be an

allowed mode in both the global and local representations. Further inelastic scattering studies are

required around this position, ideally with greater q-resolution, to determine the true minimum

and allow greater insight.

9.3 Phonon Energies

To conclude the chapter, the observed phonon energies will now be discussed, highlighting further

effects of disorder-phonon coupling where relevant. As mentioned above, the energies show

generally good agreement with the full TDEP-SIFC predictions however the theory is consistently

underpredictive, likely as a result of the difficulty in modelling 5 f systems. It should also be

noted that the agreement observed between the longitudinal modes and the VCA predictions

is considered to be coincidental rather than capturing a physical effect. As previously stated,

good agreement is also observed with the experimental work by Brubacker et al. (shown in

appendix F) along all branches. It is likely that the origin of any discrepancy is the increased

linewidth, and consequentially poor signal to noise ratio in the Brubaker study, assumedly arising

from the decreased Mo content and thus increased correlated disorder strength, amplifying the

difficulty in fitting any excitations. It is noted that the TA[110]p energies observed in this work

would imply a reduced zone-boundary energy, however the point density along this direction is

too low to make concrete comparisons. There are three further notable observations regarding

the phonon energies. Firstly, the loss of expected transverse-longitudinal degeneracy at the P
position, secondly a hardening of the LA-2/3〈111〉p mode compared to expectations and thirdly a
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(a) Diagram showing the
LA-2/3〈111〉p mode from the con-
ventional bcc unit cell perspective. The
three relevant planes discussed in the
text are overlaid as well and arrows
indicate the breathing motion.

(b) Diagram showing the LA-2/3〈111〉p mode from
an in-plane view highlighting the shearing motion un-
dertaken by alternate chains. Plane colours and num-
bers is identical to left panel. For clarity two neighbour-
ing chains have been highlighted.

Fig. 9.6

moderate softening of the TA[001]p mode close to the H position. The origins and consequences of

the second and third observations will be discussed in detail, however first a comment is provided

on the loss of P point degeneracy.

Degeneracy is imposed by bcc symmetry [41], however, high-symmetry positions from the

parent BZ do not necessarily map onto high-symmetry positions in the superstructure BZ. As

such, no degeneracy is required at P, leaving a direct fingerprint of the local symmetry reduction

and providing another example of both the strength and breadth of disorder phonon coupling

in this system. Similar effects have been predicted for correlated compositional disorder, where

one observes extra dispersive behaviour after correlations are introduced [42]. To probe this

phenomena further the exact mapping of the Cmcm onto the bcc BZ would need to be determined,

as would a computational method for coping with a well defined but multi-domain crystal. This

was briefly explored in collaboration with partners at the CEA, however eventually proved beyond

the scope of this thesis.

9.3.1 Hardening of the LA-2/3〈111〉p mode

The softening of the LA-2/3〈111〉p mode is a geometric effect present to varying extents in all

monatomic bcc crystals [43]. The mode is comprised of three planes of atoms, one that remains

fixed (shown in red in figure 9.6a) while the other two (shown in blue in figure 9.6a) undergo

a breathing motion. This also corresponds to neighbouring [111]p atomic chains performing

a shearing motion that preserves interatomic distance within the chain, thus producing zero

restoring force. The extent of the softening is therefore determined by the degree of interchain

forces present [44] which restore a non-zero frequency.
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Fig. 9.7 : Schematic of LA-2/3〈111〉p pucker. (left) Model showing the parent-superstructure
relationship from figure 5.3 but from the perspective of figure 9.6b. Blue (red) atoms are in the
parent (superstructure) positions and black arrows show the direction of the shearing motion.
Chains A and B match with figure 9.6b and the black ringed position corresponds with the
right-hand figure. (right) Schematic representation of the change in bond length in the super
compared to parent structure. Black spheres mark the atomic positions in the superstructure,
blue bonds are unchanged, green shortened and red lengthened. The black ringed position and
chain lettering convention correspond with the left-hand image.

It is proposed that the local correlations increase interchain forces as sequential atoms

along the [111]p distort in antiphase, puckering the chains and as such this represents another

manifestation of disorder-phonon coupling. To demonstrate this point the atomic model from

figure 5.3 has been reproduced from the viewpoint of 9.6b and is shown in figure 9.7. Now it can

be clearly seen that the distortion produces two short bonds (green) at the expense of two long

bonds (red) while the two bonds parallel to the distortion (blue) are left unchanged. Traversing

along the [111]p atomic chain the distortion pattern is reproduced but with a 180° rotation each

time. As a result, the shortest bond lengths, and strongest interatomic forces, exist between,

rather than within chains, thereby hardening the mode. Importantly, as the distorition direction

alternates along the [111]p each chain is linked to both of its neighbours.

To further probe the validity of this proposition, the effect of random displacive disorder was

investigated to determine if this alone could account for the observed hardening or if correlations

are required. This is possible because, while the present theory does not account for correlated
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Fig. 9.8 : Theoretical spectral function at q = 2/3[111]p at 300 K. Results inclusive and
exclusive of length dependent interatomic force constants shown as blue and green curves, res-
pectively. The lower energy intensity is formed from two peaks that correspond to the LA (lowest
energy) and TA (higher energy) modes whereas the highest energy intensity is predominantly
due to Mo-Mo modes.

displacive disorder, random displacive disorder is likely to only effect the dispersion by modulating

the IFC’s through a random distribution of bond lengths. As this is something that was already

included in the model, it is possible to remove this consideration and compare the theoretical

predictions, with and without an approximation of random displacive disorder.

Figure 9.8 shows the resulting spectral functions inclusive and exclusive of length dependent

interatomic force constants using the methods described in section 8.5. In both cases the lower

energy intensity is formed from two peaks that correspond to the LA (lower energy) and TA

(higher energy) modes, whereas the higher energy intensity is predominantly due to Mo-Mo

modes. After including length dependency both modes, LA and TA, show increases by roughly

1 meV. There may also be an upwards shift in the Mo-Mo modes, however the width of the

spectral response for these modes makes it difficult to distinguish. The increase in LA energy

is consistent with the assessment that displacive disorder is the main factor in hardening the

LA-2/3〈111〉p mode, however the similar increase in TA energy is both unexpected and currently

unexplained.

As no spectra were collected for the TA-2/3〈111〉p mode it is not possible to make a direct

comparison between the theoretical and experimental spectral functions, however it is possible to
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Fig. 9.9 : Relationship between the activation enthalpy for self-diffusion, Q, in bcc
metals and the square of the LA-2/3〈111〉p frequency, (ν2/3)2, adapted from Köhler U. &
Herzig C. [43] Universal scaling is achieved by normalising Q to the melting temperature Tm

and ν2/3 to ν0.1, the latter adjusting for lattice stiffness. Squared frequency ratios for both our
experimental results and different theoretical approaches are shown as coloured spheres. These
data sit on the universal curve by construction and errors are propagated from uncertainty in the
linear fit. (Insert) Schematic bcc unit cell with a central monovacancy, the plane containing the
hopping saddle point is highlighted in blue.

calculate another comparable quantity. It is well established that in bcc metals the energy of the

LA-2/3〈111〉p mode may be explicitly linked to the activation enthalpy of self-diffusion, which

is dominated by monovacancies [43]. This may be seen intuitively by considering the case of a

monovacancy occupying the body centered atomic position, as shown in the insert of figure 9.9.

When the mode is sufficiently soft, such that the amplitude of oscillation exceeds the marked

saddle point, the monovacancy may hop from its central position to the corner position. This

form of directly phonon-mediated monovacancy self-diffusion accounts for the anomalously high

diffusion characteristics in bcc metals with significant softening at the LA-2/3〈111〉p position.

Figure 9.9 compares the experimental observation and both theoretical predictions for ωLA-2/3
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and Q/Tm with other bcc metals. From which it can be seen that one should expect significant

phonon-mediated monovacancy self-diffusion in the 23 at.% Mo system. As discussed in chapters

2 and 7 accurate knowledge of diffusion characteristics is imperative for adequately modelling

nuclear fuel behaviour under operating conditions. The experimental value of Q/Tm determined

in this study may be used as an input for these models and as such these results have important

consequences when considering γs-UMo as a potential advanced nuclear fuel. It is also clear

that by including an approximation of random displacive disorder the model better replicates

the experimental result, underlining the role random displacive disorder plays in hardening the

LA-2/3〈111〉p. However, there still exists a substantial discrepancy that can likely be attributed to

short-range correlations. This highlights the need to develop theoretical tools that can accurately

capture the effects of correlated disorder.

9.3.2 Transverse acoustic phonon softening in the vicinity of the H position

The final point that will be discussed is the moderate softening of the TA[001]p mode observed

near the zone boundary, as shown clearly in figure 9.10. This softening was also observed by

Brubaker et al. and tentatively attributed to either the metastability of the bcc phase, strong

electron-phonon coupling, or a combination of both [37]. To evaluate the degree and origin of the

softening, the theoretical dispersion produced by both the virtual crystal approximation (VCA)

(dashed black line) and the symmetry-imposed force constant (SIFC) approach (dotted green line)

were scaled such that the theoretical and experimental results agree in the long-wavelength limit.

This scaling was designed to account for the systematic underprediction observed between theory

and experiment across the entire dispersion in figure 9.3, discussed previously.

The maximum softening may then be extracted as roughly 2 meV by comparing the exper-

imental results with the VCA prediction. The electronic effects of alloying are captured at the

ab initio stage of the calculation and are therefore included in both the VCA and SIFC results.

However, the SIFC approach, which appears to accurately predict the softening of this mode

from q ∼ 0.6 to the zone boundary, also accounts for the spatial fluctuations in both atomic mass

and IFC’s that are induced by alloying. This good agreement suggests that the origin of the

softening is a direct alloying effect and, in contrast to the speculation of Brubaker et al. [37],

is not primarily driven by either crystal or electronic structure, nor is it considered to result

from disorder-phonon coupling. Regardless of its origin the softening mechanism cannot have a

strong dependance on alloy content. This is evident from the lack of any significant differences

between the experimental dispersions, which differ by 3 at.% Mo. It should be noted that where

the LA and TA modes are close to, but not yet, degenerate, around q = 0.85 (see figure 9.3),

there is uncertainty in mode assignment when extracting energies from the spectral function as

information on the underlying crystallographic symmetry is lost when a disordered system is

mimicked by a supercell model [30].
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Fig. 9.10 : TA softening near the H position. Experimental points are shown as open blue
squares with errors estimated using a threshold 10% increase in the total least squared error.
The error in the phonon energies and linewidths were assumed to be independent. Open black
circles are data reproduced from Brubaker et al. [37] The predicted TA dispersion, as given by
the VCA method, is shown by a dashed black line, scaled by 1.25 to provide good agreement with
experimental data in the long-wavelength limit. The dotted green line is the estimate from the
SIFC method, also scaled by 1.25, with the “anomalous region” shown as a dashed green section.

Finally, the remaining discrepancy between the theoretical and experimental dispersion that

exists over the range q = 0.8−1 and the possible minimum at q = 0.95 will be addressed. It is

not possible to corroborate this minimum with the Brubaker study as they did not record any

spectra over this region, however the same energy was observed on both the principle and a

secondary detector providing weight to the observation. While it is possible that the discrepancy

may be better accounted for if confident mode assignment were possible, this does not rule out the

possibility of a physical origin. The phenomena considered most likely would be a Kohn anomaly,

whereby the weakly logarithmic discontinuity in the dielectric function of 3D metals with nested

portions of their Fermi surface is manifested in the phonon frequency at q = 2kF with kF being

the nesting vector. The origin of this effect can be seen by assuming the adiabatic approximation
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and considering the positively charged ions as an ionic gas. Such a system will exhibit a well

defined excitation at the frequency

(9.2) Ω2 = 4πniZ2
i e2

Mi

where Mi is the atomic mass, ni is the density of ions with charge number Zi and e is the

elementary charge. However, this description neglects the feedback effects of the electrons, which

act to screen that motion of the ions. The “bare” excitation frequency is therefore renormalized by

the static dielectric function to give

(9.3) ωk = Ω2

ε (k,0)

and any discontinuity in ε (k,0) will effect the phonon frequencies, producing a “dip” centred on

q = 2kF. In fact, it can be shown that

(9.4)
dωk

dk
→∞ for k → 2kF.

What gives weight to the possibility that the observed softening is a Kohn anomaly, is the

existence of a well characterised Kohn anomaly in elemental Mo [45] at q = 0.96 that, as a result

of insufficient k-point density, is known not to be reproducible with the computational approach

used here [20].

9.4 Discussion and Conclusions

This chapter details the results of two independent inelastic x-ray scattering experiments that,

when taken together, form a comprehensive study of the lattice dynamics in the γs-UMo system.

While these results were not the first published dispersion, the experiments were conducted prior

to the publication by Brubaker et al. [37] and are significantly more comprehensive in nature.

By combining the experimental studies with state-of-the-art ab inito calculations, and with

the prior knowledge of the presence of correlated disorder, significant disorder-phonon coupling

was uncovered. It is shown that this dramatically suppresses phonon-lifetimes compared to

alloying alone, hardens the LA-2/3〈111〉p mode ubiquitous to monotonic bcc crystals and relaxes

degeneracy conditions at the P position. A Kohn anomaly may also have been identified near the

H, however this statement is rather speculative. Practically this study represents, at least to my

knowledge, the first grazing incidence IXS study on a thin film with multiple single crystal layers.

It can therefore serve as a blueprint for future studies of similarly or perhaps even more complex

film structures. Crucially, it highlights the importance of obtaining the epitaxial relations, from

which it is possible to predict where one should observe inelastic intensity originating from

secondary layers. The observation of good inelastic signal from the 20 nm buffer also paves the

way for possible experiments on ultrathin film designs.

184



9.4. DISCUSSION AND CONCLUSIONS

Viewing the disorder-phonon coupling shown in this work within the wider context of its

possible applications, nanoscale complexity, like that observed in this study, has been shown to be

of great importance in phonon engineering for emerging thermoelectrics [36, 46, 47], efficiently

scattering mid- to long-wavelength phonons that are responsible for the majority of phonon

mediated heat transport in alloys [48], and possibly contributing to the destruction of long-

wavelength phonon coherence [49]. Spontaneous structural modulations have been observed in

numerous promising candidates [50–57]. These systems are vastly more complex than the binary

alloy investigated in this study, often involving chemical ordering in conjunction with structural

distortions, however similarly extraordinary phonon broadening, in both magnitude and the

proportion of the dispersion affected has been observed in this work. This indicates that the

power of nanoscale structural modulations to suppress phonon lifetimes is not system specific,

and instead, appears to be a generalised phenomena. In some of the materials referenced, most

notably AgSbTe2 [50, 57, 58], the phonons have been shown to have a “glassy” character i.e. their

lifetimes are not only short but temperature independent. Given the assertion made in section

5.3, that, due to the mutual incompatibility of the lattice and basis symmetries, the observed

state is not considered to be a disordered precursor to an ordered, low temperature state, no

structural phase transition is expected and no evidence for charge ordering phenomena was

observed in preliminary low temperature electronic transport studies1. Therefore, the γs-UMo

system represents a good candidate to investigate whether the reported “glassy” character is

system specific, or a generalised characteristic of nanoscale structural modulation, as there

should be no competing phenomena and it is chemically disparate to AgSbTe2.

High entropy alloys are an alternate strategy that have garnered interest as potential

thermoelectrics and thermal barrier materials due to the maximal levels of chemical disorder

present and the phonon lifetime suppression this entails [59, 60]. However, this work shows that,

not only does the efficacy of nanoscale structural modulation vastly exceed the alloying effects

present in the γs-UMo system, even considering the large mass difference between uranium and

molybdenum [30], it also exceeds those predicted for high entropy alloy systems [60]. This suggests

that basis-lattice symmetry mismatch and the resulting structurally degenerate groundstates

may be a key ingredient for overcoming the limit set by maximal chemical disorder and designing

systems with strongly suppressed lattice thermal conductivity. It is also expected that the intrinsic

tunability imbued in the disorder will be reflected in phonon lifetimes such that the degree of

broadening will be related to |δ| and ξ. However, as these parameters are likely to show at least

some co-dependence it may be difficult to determine a direct link between either parameter and

the eventual lifetime suppression. In fact, without determining the character of the disorder,

which as discussed in section 5.1 was not possible, no speculation can be made as to the exact

scattering mechanism or mechanisms by which the suppression is achieved.

1The preliminary transport data is not included in this thesis, see foreword for explanation.
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It should be stressed that in a metallic system, like the alloys investigated in this thesis, the

majority of heat will be carried by the free electrons such that the total thermal conductivity is

dominated by the electronic component and remains significant even with a vanishingly small

phononic component. To employ the disorder-phonon coupling demonstrated in this thesis, and

efficiently reduce total thermal conductivity, one would need to realise a similar level of correlated

disorder in a semiconducting or insulating system; an example would be the thermoelectric

system AgSbTe2 [50, 57, 58].

Finally, given the strength and breadth of the observed disorder-phonon coupling, future

experiments should be designed to probe any potential coupling between correlated displacive

disorder and other periodic phenomena in the γs-UMo system, the most obvious of which being

the electronic band structure. This should be investigated both experimentally and theoretically,

however as theoretical tools for treating correlated disorder are relativity limited at present,

immediate focus should lie with ARPES studies using the epitaxially stabilised system developed

here. Of course, the type of correlated disorder detailed in this thesis is not confined to the γs-UMo

system, or even to alloys or compounds containing the intermediate actinides. Instead, similar

effects are expected wherever crystallographic conflict can be accommodated and as such any

element or molecule that crystallises into a low symmetry groundstate is a promising candidate,

providing it can be arranged onto high symmetry lattice in a stable or metastable manner. This

provides a vast playground of possible materials where one may expect to find coupling with

all forms of periodic phenomena: electronic structure, spin waves etc., which, when combined

with the strong and varied forms of tunability demonstrated in previous chapters, provides the

possibility of delivering on the promise of “disorder engineering”, deliberately introducing and

manipulating disorder within a system to create materials with new or improved functionality.
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CONCLUDING REMARKS

To conclude this thesis, the original research questions will be addressed in turn, key

findings summarised, the completeness of each answer assessed and logical extensions to

the projects suggested. Relatively little new discussion is provided here, instead the main

purpose is to coalesce the major findings and discussion into one place for ease of comprehension

and to demonstrate explicitly the links between preceding chapters. For the unabridged versions

of the following discussions the reader is directed back to the discussions and conclusions section

at the end of each of chapters 3, 5, 7 and 9.

1. Is it possible to use epitaxial matching, in substitute of rapid cooling, to stabilise
the metastable, pseudo-bcc, γs-UMo system across a range of molybdenum content?
And if so, can high quality, single crystal samples be produced?

The work presented in chapter 3 demonstrates that epitaxial matching is indeed an effective

substitute for rapid cooling techniques providing an ample stabilising force for the metastable,

pseudo-bcc, γs-UMo system and results in high quality, single crystal thin films. Significant

development and refinement of the previous epitaxial design [1] was detailed and the effectiveness

demonstrated by synthesising a set of stabilised samples that extend the accessible range to cover

16−31 at.% Mo, spanning a large proportion of the metastable γ phase. Furthermore, extensive

x-ray characterisation was performed on all samples, through which the full epitaxial relationship

was determined and it was concluded that the films were, in general, of high crystalline quality.

Further analysis was also provided, exploring the dependence of crystalline quality on both alloy

content and film thickness.

One further system, with an inferred alloy content of 14±1.6 at.% Mo, was attempted but

preliminary analysis indicated full decomposition to α-uranium. This implied that, in contrast
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with quenching techniques, epitaxial synthesis methods are binary in their “success” or “failure”

i.e. one either obtains a successfully stabilised metastable system or full decomposition into the

stable parent phases. Investigating such decomposition relations could be of some small interest,

however the more scientifically fruitful endeavour is envisaged to be the identification and testing

of potential epitaxial matches for the other metastable phases within the uranium-molybdenum

system. This would greatly expand the suite of experimental probes that may be brought to

bear, including both the techniques used in this thesis to investigate the γs phase, diffuse x-ray

scattering and inelastic x-ray scattering.

2. A priori one may expect the presence of correlated disorder. Can this be confirmed,
and if so, of what form is the disorder, what are its characteristics and what are the
governing rules (interactions)?

As expected from the two “predictive criteria” - high symmetry global lattice and pre-identified

symmetry conflict, extensive diffuse x-ray scattering studies presented in chapter 5 revealed

strongly structured diffuse intensity, confirming the presence of correlated disorder in the γs-UMo

system. Diffuse signal had been previously observed in a similar system [2], however, recent

instrumental advances, combined with a systematic series of samples, allowed the separation of

the signal into two distinct sets with independent origins.

Analysis of the first set, referred to as N points during this thesis, confirmed the disorder to

be of a displacive type with local structural rules governing the three dimensional correlations

between nearby atoms that can be represented by a frozen TA1 [110] phonon, a choice that was

shown to be a unique solution to the observed scattering. These rules may be equally satisfied

in 12 distinct ways, situating the disorder within the configurationally underconstrained class

and resulting in a local superstructure with twelve-fold degeneracy, which maintains the higher

average symmetry, while recovering anisotropic neighbour distances reminiscent of α-uranium.

Hence, it is clear that the intrinsic conflict created by a mismatch in preferred symmetry (local

interactions) between uranium and the bcc lattice is resolved by the formation of correlated

displacive disorder. Globally, the high symmetry bcc structure is preserved, whereas locally, a

significant symmetry reduction is allowed. By extension, similar behaviour should be expected

for any anisotropic crystallographic basis arranged on a high symmetry lattice. It is also believed

this constitutes a new form of correlated disorder as every atom is displaced to form a short-range

superstructure with no evidence of chemical order which differs from all examples that I am

aware of, including those highlighted in chapter 1.

Having addressed the presence, form and governing rules of the correlated disorder, the

characteristics that could be determined will now be summarised, and those that are still

unknown highlighted. Within a given domain, the two essential parameters are the atomic

displacement magnitude, |δ|, and superstructure correlation lengths, ξ. The latter was well
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characterised, and showed an intrinsic maximum of 21.6/29.7 Å in the 17.2 at.% Mo system.

The prolate nature of which demonstrates a concrete link between the correlated volume and

the underlying structural rules. In contrast, |δ| was only probed in a relative manner. An order

of magnitude estimate of ∼ 0.01 was offered, however to determine the exact magnitude one

would need to reconduct the diffuse scattering studies, but with ample attenuation such that

the Bragg reflections are no longer saturated. Furthermore, it was not possible to determine the

exact nature of the correlations, i.e. nanodomain or embryonic wave-like distortions. To do so

significantly improved single to noise would be required, dictating greater scattering volume and

thus either thicker films or bulk single crystal samples. No anisotropy was observed between

superstructure domain occupation, however, one potentially interesting avenue of study would be

to investigate the effect of epitaxial strain on domain occupation by synthesising substantially

thinner films in an effort to deliberately depopulate the domain with its unique axis in-plane.

Analysis of the second set, referred to as H points, revealed that, concurrent to the local

ordering phenomena, a precursor structure of U2Mo exists as a coherent precipitate within

the γs-UMo structure. While outside the remit of the original question, this discovery is still

believed to be of significant scientific interest. In a precursor form, the precipitate was observed

as low as 16 at.% Mo, in contradiction with the previously held limit of off-stoichiometric stability,

30.4 at.% Mo. Furthermore, as well as being coherent with the global bcc lattice, the structure

also appeared to exhibit the required chemical ordering but showed lower tetragonality than

expected. This developed with increasing Mo content until the precipitate was well described by a

coherent U2Mo structure, albeit now with larger tetragonality then the stoichiometric compound.

To my knowledge this is not only the first report of a U2Mo precursor but also of U2Mo forming

as a coherent precipitate within the γs-UMo structure when their stability/metastability regimes

coincide, a fact previously missed due to misinterpretation as γ phase signal.

Diffuse scattering studies on heavy ion irradiated samples presented in chapter 7 indicated

that irradiation appears to reverse the precipitate formation, moving smoothly away from the

ideal γ′ structure towards an increasingly precursor-esk structure, indicated that the recombina-

tion of the stable γ′ phase into the metastable γs/o phase may not simply be a process of atomic

species disordering, and instead, proceeds via a more complex pathway that links the ideal γ′

phase with the precursor structures. To gain a greater understanding of both the γ′ phase and its

precursor, a method for synthesising bulk γs -UMo single crystals is likely to have to be developed

in order to vastly improve signal intensity. Also, to understand the additional diffuse structure

observed, a single crystal, single domain sample of stoichiometric U2Mo would be best. From

such a study it may even be possible to reconstruct the full phonon dispersion, something, which

to my knowledge, has not been determined experimentally but has garnered not insignificant

amounts of theoretical attention [3–5].

194



As more general observations, studying correlations in the alloy system also provides an

insight into the fundamental instability in pure bcc-uranium
(
γ
)

allowing the relevant room

temperature instability to be confirmed as the TA1 [110]p branch, evaluated at N, as predicted

[6, 7]. These studies also hint at a deep link between metastability and correlated disorder. It is

considered likely that many systems previously considered “stabilised” are in fact only so on a

global scale, while the local structure manifests meaningful reductions in symmetry. In fact, I

would be inclined to argue that it is the ability for a structure to host correlated disorder, thus

satisfying the symmetry lowering interactions on a local level, while maintaining an average

higher symmetry, that allows such “stabilised” systems to exists at all.

3. If correlated disorder is present, to what extent can it be controlled or
manipulated?

The studies presented in chapters 5 and 7 clearly demonstrate that the correlated displacive

disorder found in the γs-UMo system is highly responsive to both intrinsic (alloy content) and

extrinsic (heavy ion irradiation) tuning mechanisms. Disorder strength, qualitatively defined

as the combination of atomic displacement magnitude and superstructure correlation length,

improves dramatically with either decreasing Mo content or increased irradiation dose. The

intrinsic studies spanned a large portion of the metastable γ phase and are thus considered

mostly complete. In contrast, only one of many possible extrinsic mechanisms was investigated,

and only studied over an admittedly small range, however the observed trend is believed to be

both clear and convincing.

While the exact form of correlated disorder observed in γs-UMo is of a novel type, it belongs

to a more general class of materials that are capable of hosting superstructures with significantly

reduced symmetry, while preserving long range, average, crystallinity, the most notable of which

are compounds with the isometric pyrochlore structure, A2B2O7. However, as far as I am aware,

there exists almost no strong evidence for tunability, by either intrinsic or extrinsic means, in any

of these systems. In this way, the γs-UMo system is markedly different and this work presents a

new perspective, not only can ion irradiation or atomic composition serve to create systems where

an average global structure hosts a lower symmetry local superstructure, they can also improve

the strength of the correlations where they are already present. This unlocks huge potential

for “disorder engineering” where one may precisely tune both the local crystal structure and

correlated volume (nanodomain size), to achieve the greatest functionality. In the specific case of

displacive disorder, significant impact and inherent tunability may be expected in properties that

are strongly dependent on interatomic distance, although systems supportive of greater |δ| would

likely need to be identified. The obvious extension to these studies is an investigation into the

effects of alternative extrinsic disordering forces, such as applied pressure or temperature, to

assess whether they may also prove effective tuning parameters for correlated displacive disorder

with the aim to build an ever increasing toolkit with which to tune local structures.
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It is considered likely that the eventual end state of both intrinsic and extrinsic tuning

mechanisms would be a γs → γo, correlated disorder to order transition. This conclusion was

reached by noting that, as the lattice and basis symmetries are mutually incompatible, the

correlated state is unlikely to be a disordered precursor to an ordered, low temperature state.

Instead, having reassessed the γo structure, it is suggested the γs phase is best viewed as

disordered precursor to an ordered, (Cmcm) γo phase and a possible transition pathway was

described. No evidence of an irradiation induced transition is found in literature, however the

majority of changes are expected to be extremely subtle and thus difficult to observe in either

real or simulated fuels subjected to irradiation. These conclusions provide a number of obvious

experimental extensions. Firstly, it would be prudent to repeat the γs phase studies at low

temperature to verify the above claims that a low temperature, ordered state does not exist.

Secondly, while testing the proposed intrinsic transition is likely impossible due to the binary

success/failure condition inherent to epitaxial stabilisation, employing extrinsic methods could

prove enlightening. Obviously, diffuse scattering studies on a systematic set of single crystal

samples up to substantially higher dose levels would shed light on any irradiation induced

transition, however, diffuse scattering with in situ annealing, which is already well known to

facilitate the γs → γo transition, could be also be employed to track the evolution of local structure

through the transition. Nothing is known about the effects of high-pressure on the γs-UMo system,

however, a suspected increase in 5 f delocalisation should intuitively lead to decreased correlated

disorder strength. In spite of this prediction, high-pressure studies should still be performed, not

only to probe for unexpected behaviour, thus deepening the general understanding of correlated

disorder, but also as a new avenue through which to elucidate the underlying mechanisms driving

the observed local structural distortions. Although it should be noted that high-pressure studies

on thin film systems are uncommon due to the associated experimental difficulty that they entail.

Now addressing the relevance of the extrinsic tuning results to the nuclear fuel community.

Belonging to the generic class of materials mentioned above may provide an explanation for

the strong intrinsic radiation resistance of γ-UMo fuels, however, direct comparison with the

irradiation performance of real or simulated fuels is difficult. Firstly due to a difference in

standard units, and secondly, because the damage levels accrued in a working fuel plate vastly

exceed the range of the experiments in this thesis. Furthermore, the majority of effects present in

real fuels results from a combination of behaviours intrinsic to the fuel itself, and those related to

the interaction between fuel and surrounding matrix or cladding, effects that were not simulated

by the current film design. However, a large number of the important fuel behaviours are driven,

either wholly or in part, by diffusion properties [8, 9], and given diffusion is intrinsically tied to

the local crystal structure, it is obvious that adapting modelling approaches to accurately treat

the local structure, and how it may evolve with irradiation, could allow significant progress to be

made in understanding many observed behaviours. One particular property, highlighted as an
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outstanding problem in chapter 2, that could benefit from an accurate treatment of local structure

is the apparently contradictory ability of γs-UMo fuels to host a fcc nano-bubble lattice [10, 11].

Finally, a number of outstanding questions are highlighted. To start with, the relevant

mechanisms for both the intrinsic and extrinsic tuning behaviours investigated in this thesis are

currently unclear, although suggestions are offered. There also exists clear differences in their

effects, most notably to the correlation anisotropy which, as evidenced by diffuse spot elliptical

eccentricity, decays rapidly with increasing molybdenum content but no such effects are observed

for irradiation dose. Finally, while the irradiation studies are consistent with previous transport

measurements in the γ-UMo system [12], they contrast with data for the γ-UNb system [12, 13].

Given the similarity between the two alloys the reasons for this are not immediately obvious. As

such, systematic diffuse scattering studies should be conducted on a series of irradiated γ-UNb

single crystal films to assess directly whether similar increases in correlated disorder strength

are observed, or whether their does exist a real difference in the local crystallographic response

to irradiation between the alloys.

4. If correlated disorder is present, does it have any major, observable effect on the
physical properties of the system. In specific, is there any coupling between the
disorder and other periodic phenomena?

Only one possible form of periodic coupling was explored in this thesis, that between the correlated

disorder and dynamic properties of the nuclei. To this end, two independent inelastic x-ray

scattering studies were combined, forming a comprehensive study of the lattice dynamics in

the γs-U0.77Mo0.23 system with the specific intention of testing for the presence of disorder-

phonon coupling. While these results are not the first published dispersion, the experiments

were conducted prior to the publication by Brubaker et al. [14] and are significantly more

comprehensive in nature. By combining the experimental studies with state-of-the-art ab inito

calculations, and with the prior knowledge of the presence of correlated disorder, significant

disorder-phonon coupling was found. It was shown that this dramatically suppresses phonon-

lifetimes compared to alloying alone, hardens the LA-2/3〈111〉p mode ubiquitous to monotonic

bcc crystals and relaxes degeneracy conditions at the P position. A Kohn anomaly may also have

been identified near the H, however this would not be attributable to disorder-phonon coupling.

It is expected that both the intrinsic and extrinsic tunability imbued in the disorder will

be reflected in phonon lifetimes such that the degree of broadening will be related to |δ| and

ξ. As such further inelastic x-ray scattering studies should be conducted, firstly as a function

of alloy content, for which the samples already exist, and then as a function of irradiation, for

these studies new, thicker samples would need to be grown, irradiated and characterised via

diffuse scattering. It is noted that, as |δ| and ξ are likely to show at least some co-dependence,

it may be hard to determine a direct link between either parameter and the eventual lifetime
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suppression. In fact, without determining the nature of the correlations it may be difficult to

determine the exact scattering mechanism or mechanisms by which the suppression is achieved at

all. In this case, computational approaches may prove profitable as both possibilities, embryonic

wave-like distortions or nanodomains with constant |δ|, could be trialled and compared with the

experimentally observed broadening.

Practically this study represents, at least to my knowledge, the first grazing incidence IXS

study on a thin film with multiple single crystal layers. It can therefore serve as a blueprint for

future studies of similarly or perhaps even more complex film structures. Critically, it highlights

the importance of obtaining the epitaxial relations, from which it is possible to predict where one

should observe inelastic intensity originating from secondary layers. The observation of good

inelastic signal from the 20 nm buffer also paves the way for possible experiments on ultrathin

film designs. Furthermore, given the strength and breadth of the observed disorder-phonon

coupling, future experiments should be designed to probe any potential coupling between the

correlated disorder within the γs-UMo system and other periodic phenomena, thus providing

a more complete answer to the posed question. The most obvious of starting point would be

to test for any coupling with the electronic band structure. This should be investigated both

experimentally and theoretically, however, as theoretical tools for treating correlated disorder are

relativity limited at present, immediate focus should lie with ARPES studies using the epitaxially

stabilised system demonstrated in this thesis.

Viewing the disorder-phonon coupling shown in this work within the wider context of its

possible applications, parallels have been drawn with promising thermoelectric candidates that

also display spontaneous structural modulations. These systems are vastly more complex than

the binary alloy investigated in this study, often involving chemical ordering in conjunction with

structural distortions, however, similarly extraordinary phonon broadening, in both magnitude

and the proportion of the dispersion affected was observed. This indicates that the power of

nanoscale structural modulations to suppress phonon lifetimes is not system specific, and instead,

appears to be a generalised phenomena. Furthermore, not only does the efficacy of nanoscale

structural modulation vastly exceed the alloying effects present in the γs-UMo system, even

considering the large mass difference between uranium and molybdenum [15], it also exceeds

those predicted for high entropy alloy systems [16]. This suggests that basis-lattice symmetry

mismatch and the resulting structurally degenerate groundstates may be a key ingredient for

overcoming the limit set by maximal chemical disorder and designing systems with strongly

suppressed lattice thermal conductivity. Of course, it is stressed that to employ the disorder-

phonon coupling demonstrated in this thesis, and efficiently reduce total thermal conductivity,

one would need to realise a similar level of correlated disorder in a semiconducting or insulating

system where, unlike the metallic alloy investigated here, the phononic contribution of thermal

conductivity is the dominant component.
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A natural extension to this work can be found by noting that in some of the materials

referenced, most notably AgSbTe2 [17, 18], the phonons have been shown to have a “glassy”

character i.e. their lifetimes are not only short but temperature independent. Given the observed

state is not considered to be a disordered precursor to an ordered, low temperature state, no

structural phase transition is expected and no evidence for charge ordering phenomena was

observed in preliminary low temperature electronic transport studies. Therefore, the γs-UMo

system represents a good candidate to investigate whether the reported “glassy” character is

system specific or a generalised characteristic of nanoscale structural modulation as there should

be no competing phenomena and it is chemically disparate to AgSbTe2.

Of course, the type of correlated disorder detailed in this thesis, is not confined to the γs-UMo

system, or even to alloys or compounds containing the intermediate actinides. Instead, similar

effects are expected wherever crystallographic conflict can be accommodated and as such any

element or molecule that crystallises into a low symmetry groundstate is a promising candidate,

providing it can be arranged onto a high symmetry lattice in a stable or metastable manner. This

provides a vast playground of possible materials where one may expect to find coupling with all

forms of periodic phenomena: electronic structure, spin waves etc., which, when combined with

the strong and varied forms of tunability demonstrated in this thesis, provides the possibility of

delivering on the promise of “disorder engineering”, deliberately introducing and manipulating

disorder within a system to create materials with new or improved functionality.

Final Remarks

As a concluding remark, the work presented in this thesis highlights the importance of holistic

studies, combining single crystal synthesis with modern, high resolution scattering techniques

and state-of-the-art ab initio modelling. Without stabilising the γs-UMo system in single crystal

form neither diffuse not inelastic x-ray scattering techniques could have been leveraged. As such,

it would not have been possible to make use of recent instrumental advances to separate the

two diffuse signals, the key step which lead to a full understanding of the γs-UMo system and

shed new light on the U2Mo precipitate, nor would it have been possible to map the phonon

dispersion. Furthermore, without modern ab initio calculations the alloying contribution to

linewidth broadening could not have been confidently assessed and the contribution from corre-

lated disorder would have remained uncertain. Finally, it is stressed that, as others have recently

highlighted [19, 20], correlated disorder may be significantly more prevalent than previously

thought and diffuse scattering methods should be employed wherever correlations are suspected.

This is especially true for “stabilised” systems, which by their very nature, often contain intrinsic

symmetry conflict. As such, it is suggested that many systems previously regarded as “stabilised”

are in fact only so when viewed as a configurational average, and on a local level are expected to

exhibit greatly reduced symmetry in the form of correlated disorder.
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(a) (b)

(c) (d)

Fig. A.1 : Zoom of γ-UMo
(
11̄0

)
reflection (III) from figure 3.3 for all four samples.

Normalisation is unchanged from that described in figure 3.3 however data is shown here
using linear axes. All reflections are fit with independent voigt functions: (III) γ-UMo

(
11̄0

)
Kα1

(red), Kα2 (green) and Laue oscillations (yellow); (IV) Al2O3(112̄0) Kα1 (pink) and Kα2 (cyan).
The combined, total fit, is overlaid in blue. Data points are shown as open black circles with
corresponding error bars and scan identity is noted in the top left-hand corner.
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(a) (b)

(c) (d)

Fig. A.2 : Zoom of Nb
(
11̄0

)
reflection (V) from figure 3.3 for all four samples. Normali-

sation is unchanged from that described in figure 3.3 however data is shown here using linear
axes. All profiles are fit with two independent pseudo-voigt functions. One for the principle, Bragg,
reflection (red) and one for the first Nb Laue oscillation (green). The combined, total fit, is overlaid
in blue. Data points are shown as open black circles with corresponding error bars and scan
identity is noted in the top right-hand corner.
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Fig. B.1 : Contact profilometry traces for all three samples taken across the sample clip
“shadow”. Fitted step heights are extracted as: 0.305 µm, 0.303 µm and 0.312 µm for SN1350,
SN1351 and SN1354, respectively.
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Fig. C.1 : Comparison of simulated powder x-ray diffraction patterns for the conven-
tional and proposed γo structures as determined using the VESTA [1] powder diffraction
tool using a monochromated beam with λ= 0.98 Å. The simulated pattern for the conventional
P4/nmm structure, as reported by Yakel [2] for ternary alloy U0.7776Nb0.1660Zr0.0564 is shown in
red. The proposed Cmcm structure, as shown in figure 5.6 is overlaid in partially transparent
blue. Note that the low intensity H point like reflections from the P4/nmm structure are not
visible on the chosen scale, although the total intensity redistribution is evident in the relative
intensities of the major Cmcm and P4/nmm reflections. It should also be noted that, in the
interest of generality, the underlying structural models from which the simulated diffraction
profiles were produced were assumed to contain only uranium atoms.
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Fig. D.1 : Reciprocal space reconstructions of the (hk4) plane using a U2Mo-like
orientation matrix with the tetragonal axis aligned with the parent axis c, inverse high
dynamic range colour mapping and a foreground lower limit of 4530. Reconstructions for all three
alloy concentrations are shown. All visible reflections are well described by N points are therefore
not indexed.
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Fig. D.2 : Reciprocal space reconstructions of the (hk3) plane using a U2Mo-like
orientation matrix with the tetragonal axis aligned with the parent axis c, inverse high
dynamic range colour mapping and a foreground lower limit of 2763. Reconstructions for all three
alloy concentrations are shown and a selection of precipitate reflections are indexed. Red and
yellow indices mark reflections originating from b-axis and a-axis aligned domains, respectively.
All reflections are indexed within the c-axis representation used to construct the orientation
matrix.

212



Fig. D.3 : Reciprocal space reconstructions of the (h,2/3, l) plane using a U2Mo-like
orientation matrix with the tetragonal axis aligned with the parent axis c, inverse high
dynamic range colour mapping and a foreground lower limit of 4898. Reconstructions for all
three alloy concentrations are shown and a selection of precipitate reflections are indexed in
red. All reflections originate from b-axis aligned domains and are indexed within the c-axis
representation used to construct the orientation matrix.
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Fig. E.1 : Scan of Surrey Ion Accelerator Implant Record Sheet provided post-
irradiation.

215



A
P

P
E

N
D

I
X

F
COMPARISON OF PHONON DISPERSION WITH LLNL EXPERIMENT

216



Fig. F.1 : Comparison between the experimental phonon dispersion presented in this
thesis and as determined by Brubaker et al. Transverse (longitudinal) acoustic modes from
Brubaker et al. [3] are shown as grey squares (circles) overlaid onto work presented in this
thesis which was originally shown in figure 9.3. Experimental transverse (longitudinal) acoustic
modes from this work (23 at.% Mo) are shown as blue squares (red circles) and theoretical results
(25 at.% Mo) from a virtual crystal approximation are shown as dashed white lines. The full
spectral function is plotted as a log0.6 colour map to rescale the intensity divergence at Γ. All
directions are given within the parent BZ.
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THEORETICAL PHONON DENSITY OF STATES

Figure G.1 shows theoretical phonon-DOS for the γ-UMo system, at 900 K, for various Mo

concentrations. Within the virtual crystal approximation (VCA) model, the averaging of both

atomic masses and interatomic force constants results in an ideal crystal and consequently, the

phonon-DOS display sharp peaks. The inclusion of mass disorder through the symmetry imposed

force constant (SIFC) method separates the phonon DOS into two broadened frequency domains:

a lower frequency domain dominated by uranium excitations and a higher frequency domain

dominated by molybdenum. The broadening of the phonon-DOS in the SIFC method, as compared

to the VCA model, is a direct consequence of considering the mass and IFC fluctuations present

in the alloy. Castellano et al. have recently shown that this broadening is responsible for the

stabilization of the γ (bcc) phase at 900 K [4]. The higher energy, molybdenum dominated modes,

which lie above approximately 15 meV, are difficult to observe experimentally for a variety of

reasons. Firstly, molybdenum is the minor alloy component and, secondly, molybdenum has both

a lower scattering factor compared to uranium, and higher energy modes a much reduced x-ray

inelastic scattering cross section due to the relevant weighting by inverse energy. Hence no

serious experimental effort was made to observe such modes in the inelastic x-ray scattering

experiments presented in chapter 9.
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Fig. G.1 : Computed phonon density of states for various γ-UMo alloys at 900 K. The
dashed and full lines are the phonon-DOS computed with the VCA and SIFC methods, respectively,
see section 8.5. Molybdenum and uranium contributions are shown in red and blue, respectively,
while the total phonon-DOS is shown in green.
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