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ABSTRACT 

The objective of this work was to characterise the nickel-base alloy 690, in terms 

of its microstructure and grain-boundary chemistry. To achieve this aim, metallographic 

and UHV fracture samples were studied. A number of analytical techniques were 

employed to analyse these samples. AES was used to identify segregants and to 

determine grain-boundary chemical composition. Chemical etching methods, SEM, and 
TEM (involving diffraction patternwork and EDX/EELS analysis) comprised the 

remainder of the techniques used for microstructural characterisation. 

For this work, four experimental alloy 690 materials were produced. One cast 

was doped with phosphorus, one with sulphur and one with boron. The final cast was 

a base-alloy, which had low levels of phosphorus, sulphur and boron. This has been 

used as a reference material to aid understanding of the effects of the three segregants 
involved here on microstructure and grain-boundary chemistry. 

TEM studies showed that the grain-boundary carbide distribution and 

morphology was similar in both the sulphur-doped and reference materials, when 

subjected to identical heat-treatments. The former material had a greater coverage of 

carbide on the grain-boundaries than the latter. The boron-doped material had no 

observable differences in distribution and morphology of grain-boundary carbides when 

compared with the sulphur-doped and reference alloys. Noticeable differences were 

observed in the morphology and distribution of grain-boundary carbides in the 

phosphorus-doped material, when compared with those in the other three experimental 

alloys. Here the distribution of the carbides was seen to be far more discontinuous, and 
the morphology was more rounded/curved in appearance. 

Phosphorus was found to have a profound effect on the microstructure of the 

alloy studied. This element was seen to segregate strongly at grain-boundaries and to 

affect the morphology of carbides. 
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During this investigation it was found that the sulphides formed in the sulphur- 

bearing alloy were chromium-rich, often containing titanium and sometimes manganese. 

It is suggested here that these sulphides could provide sites for pitting in hot water. 

It was also observed that borides, having the chemical formula Cr2B, formed in 

the boron-doped material. They were found both intergranularly and intragranularly in 

this particular alloy. Fewer boride particles were detected on grain-boundaries in 

material that had been aged after annealing than in as-annealed material. Carbides were 

also present on the grain-boundaries in the annealed and aged material. 

Both Huey and ferric sulphate/sulphuric acid corrosion tests were performed on 
heat-treated samples of the sulphur-doped, phosphorus-doped and reference materials. 
These tests were undertaken to study corrosion resistance of alloy 690. They showed 
that alloy 690 is highly resistant to intergranular attack. However, phosphorus, when 

present at a high level at grain-boundaries was seen to enhance the intergranular 

corrosion of the alloy. It is suggested here that phosphorus enrichment at grain- 
boundaries could promote IGSCC in oxidising environments. 

A number of important observations were made during this study. One of these 

was the absence of chromium-rich sulphides in the phosphorus-doped, boron-doped and 
reference alloys, where the sulphur levels were lower than in the sulphur-doped 

material. Another was the non-equilibrium segregation of boron to grain-boundaries in 

the boron-doped material, producing fairly high concentrations of this element. In fact, 
boron was seen to segregate to grain-boundaries in all four alloys studied, being detected 

on most grain-boundaries following each of the heat-treatments applied. However, since 
the sulphur-doped, phosphorus-doped and reference alloys contained less boron than the 
boron-doped alloy, lower levels of segregated boron were seen on the grain-boundaries 
in these three alloys. In addition to these observations, it was seen that the annealing 
temperature required to dissolve the carbides was much higher in the phosphorus-doped 

alloy than that suggested by other researchers, whereas the corresponding temperatures 
in the sulphur-doped and reference alloys did agree with the proposed values. This 
difference was attributed to the effect of phosphorus in the alloy, effectively lowering 

the solubility of carbon. 
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CHAPTER ONE 

INTRODUCTIO 

Alloy 690 is a nickel-base material, having the general composition 60 wt% 

nickel, 30 wt% chromium, 8 wt% iron, together with small amounts of alloying 

elements, such as carbon, silicon, titanium and manganese. It has recently been 

introduced in PWRs for tubing the steam generators. This alloy has superseded alloy 
600, another nickel-base material used extensively since 1967. Alloy 600 has the 

general composition 75 wt% nickel, 15 wt% chromium, 8 wt% iron. More 

comprehensive compositions of the two alloys are given Table 1.1. 

Historically, a number of different materials have been used for such an 

application. During the late 1950s and early 1960s, 18-8 stainless steel was used, 
followed by alloy 600 around 1967, which is still in use today. During the early 1970s, 

Incoloy 800 was introduced for German reactors. In the early 1990s, the relatively new 

alloy 690 was chosen for British Energy's Sizewelt B PWR. 

Each steam-generator contans around 3000 tubes, giving a total surface area of 

around 187m' per steam- generator. The tubing plays an important role as both a 

pressure boundary and a heat-transfer surface. The tubes are in contact with the 

coolants on the primary side and the secondary side. Coolant is fed through to remove 
the heat from the primary side. The primary side coolant is high-purity water containing 
<5ppb oxygen. The inlet temperature is 280'C and the outlet temperature is 3300C. 

The total surface area of the tubing accounts for about 75 % of the surface area exposed 

to the primary coolant (1). The secondary side coolant is used to form steam to drive 

the turbines. Corrosive impurities, such as sodium chloride and sodium sulphate present 
in parts per billion initial feedwater concentrations, may concentrate to corrosive brines, 

particularly in crevices formed by the tube and tube support plate, which could lead to 

the initiation of IGA and/or IGSCC of the tubing. 'Me degradation of the tubes has been 
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experienced at locations of high stress, such as where the tubes form U-bends (in 

particular those U-bends having tightest radius) and at support plate intersections, where 

a galvanic couple between the tubing and the support plate (sometimes made of carbon 

steel, which is anodic with respect to nickel-base alloys, such as alloy 600) induces 

corrosive attack. These locations are indicated in Figure 1.1., which gives a diagram 

of a particular steam generator design. 

Nuclear power plant operating experience has shown that steam-generator tubes 

are prone to a variety of failure mechanisms(2). If the steam generator tubes failed, the 

reactor would have to be shut down. This would be a costly, and potentially hazardous 

operation, providing a large incentive for preventing IGA / IGSCC in tubing materials. 
As far as the tubing materials mentioned above are concerned, the IGA / IGSCC 

experience has been mixed. The tubing made from 18-8 stainless steel had problems 

with chlorides in solution in the secondary coolant causing cracking. Alloy 600 has been 

a better choice since it does not suffer from the same chloride-induced SCC problem, 

although IGA and IGSCC have occasionally been encountered with this material. This 

is born out by the diagram in Figure 1.2., which gives the results of a series of surveys 
done, from 1972 to 1985, on the types of failure of steam generators tubed with alloy 
600. Similar problems occurred with tubes made from Incoloy 800, which has also 

proven to be a better choice of material for use in PWRs instead of 18-8 stainless steel. 
As can be seen in Figure 1.2., primary side IGSCC of tubing material is becoming more 
important. Almost all cases of tubing failure are intergranular in nature. Over 10 to 20 

years of in-service exposure at a temperature of around 340'C, one contributing factor 

to primary side IGSCC is suspected to be the diffusion of impurity and/or trace elements 

such as phosphorus, sulphur, and boron to grain-boundaries. It can therefore be seen 
that grain-boundary chemistry is an important factor when considering IGSCC in tubing 

material. 

Although alloy 690 (Inconel type) was developed during the 1960s and was 

commercially available from that time, significant interest was only gained in it 

following an increase in the frequency of cracking incidents observed in alloy 600 tubes 

on the primary side. Alloy 690 was then introduced to combat this cracking problem. 
The high chromium content of alloy 690 should prevent sensitisation, i. e. severe 
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chromium depletion, at grain-boundaries, and so it provides higher resistance to IGA/ 

IGSCC than the other alloys mentioned above. However, alloy 690 costs more to 

manufacture. It also has a higher thermal expansion coefficient and, more importantly, 

a lower thermal conductivity than alloy 600 (see Table 1.2. ), making it slightly less 

efficient in transferring heat from the primary side to the secondary side. When 

considering IGA / IGSCC resistance of a material, three main factors have to be 

considered: (1) the stress applied; (2) the environment the material is subjected to; 

and (3) the material composition and thermal/mechanical history. The latter includes 

the important characteristics of grain-boundary chemistry and microstructure. 

Alloy 690 is a simple y-phase austenitic material, in which carbon and, to a 
lesser extent, trace impurity elements, such as phosphorus, sulphur, boron and silicon, 

play an important role in its microstructural characteristics. For use in PWR steam 

generators, the alloy 690 tubing is usually subjected to two separate heat treatments. 
The first is a high temperature anneal at around 1040'C usually for several minutes, to 

promote recrystallisation. The second heat-treatment is applied following the high 

temperature annealing at temperatures between 700'C and 725'C for lengths of time 

varying from 10 minutes up to 24 hours. This treatment is performed to relieve the 

stress residing in the tubing after it has been fitted to the steam-generator. Carbon is 

precipitated, in the form of carbides, both inter- and intragranularly, during this latter 

treatment. The extent of carbide formation depends on the duration of the heat- 

treatment. The carbides generally have the formM23C6, where M is mainly chromium 
with carbide formation, causing chromium depletion in the matrix around these carbides. 
Segregation of impurities or trace elements to grain-boundaries also occurs during this 

second heat-treatment. The microstructure and grain-boundary chemistry which result 
from both heat-treatments, together with the effects they have on the physical and 
corrosion properties of alloy 690, are quite complex.. Although in this case sensitisation 
is not of concern, it has been noted that non-sensitised alloy 600 material experienced 
IG cracking in service. The most probable explanation of this could be related to 

changes in the chemistry of the grain-boundaries and particularly the segregation effect 
of impurities over long-term in-service exposure at a temperature of around 3300C, as 

mentioned earlier. 
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To date, limited information could be found in the open literature on the 

microstructural characterisation of alloy 690. The objective of this work was to 

concentrate on the characterisation of the microstructure of this alloy, as well as its 

grain-boundary chemistry, including carbide precipitation, inclusions and impurity 

segregation. No specific SCC test was made during this study. However, some 

corrosion tests were performed. Various experimental alloy 690 materials were used 
during the course of this work. One was a base alloy, containing low levels of impurity 

elements, the other alloys having higher levels of these impurities but within the general 

specification of alloy 690 (given in Table 1.1. ). This combination yielded separate 

alloys with relatively high phosphorus, high sulphur and high boron concentrations 

which could be compared with the base alloy. This series of materials allowed the 
investigation of impurity segregation, grain-boundary precipitation and microstructure 

and their effect on corrosion resistance to be studied. 

The following Chapters Two and Three give a literature review, of IGA and 
IGSCC of alloys 600 and 690, and details of the segregation theories applicable to this 

study respectively. Chapter Four describes the experimental procedures used during this 

work. Chapter Five details the results from analysis of fracture surfaces and the effects 
due to hydrogen embrittlement. Chapters Six, Seven and Eight present the results from 

studies of grain-boundary segregation, carbon solubility and carbide composition, 
distribution and morphology, and the intergranular and intragranular second-phase 

particles respectively. Chapter Nine gives the results obtained from corrosion testing 

performed during this study, whilst Chapters Ten and Eleven present the conclusions 
drawn from the results obtained during this work and suggestions for further work 

respectively. 
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Figure I. I. An example of a type of Steam Generator used in a PWR 

Key: 

a Steam nozzle flow restrictors 
b Star-array dryers 
c Secondary manway 
d Swirl vane moisture 

separators 
e Feedwater ring 
f Feedwater nozzle 
9 Tube bundle 
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k Wrapper 
I Axial-flow economizer 
III Flow distribution baffle 
n Partition plate 
0 Outlet nozzle 
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Figure 1.2. The Causes of Steam Generator Plugging/Failure in PWRs ill Western 
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Table 1.1. General Chemical Composition of Materials Used for Steam Generator 
Tubes (3qn(2) 

Carbon 
I 

Sulphur 
I 

Phosphorus 
I 

Silicon 
I 

Manganese Nickel 
-1 

600 A. 05 A. 015 : 50.025 A. 50 : 51.00 
Balance 
(>72.0) 

690 A. 05 A. 015 : 50.025 : 50.50 -ý 0.5 0 Balance 
- >58.0 

Chromium 
I 

Titanium 
I 

Aluminiurn 
I 

Iron Copper 
I 

Cobalt 

600 14 to 17 -: ý 0.5 0 -. ý 0.5 0 6 to 10 :! A50 : 50.10 

690 27 to 31 -. 50.50 A. 50 7 to 11 A. 50 : 50.10 

Table 1.2. Physical Properties of Steam Generator Materials(2) 

Alloy Thermal Expansion Coefficient 

Type [(mm/mm per 'C) x 10'] Thermal Conductivity 
' ' (W. m/m per C) 

20 to 300('C 20 to 600'C 

600 14.0,14.2 15.3 18.3,19.2,20.9 

690 14.6,15.3 16.2 17.9,18.8 



CHAPTER TWO 

LITERATURE REYFEW OF IGA AND IGSCC 

OF ALLOYS 600 AND 690 

1. Introduction 

Many studies have been made in order to identify the causes of IGA and IGSCC 

of alloys 600 and 690. However, it is difficult to compare the results from individual 

corrosion tests, due to the differing compositions and heat-treatments of the alloys 

examined, and also the variation in the exact test types and conditions employed by the 

researchers, such as different solution concentrations and testing durations. 

It is known that IGA / IGSCC in austenitic materials is the result of the combined 

effects of the material condition (composition and thermal/mechanical history), the stress 

applied, and the environment the material is subject to. In the open literature, these 

properties are sometimes considered together (with one or more effects being combined 

with another) or separately. In this review, an attempt has been made to separate the 

effect on IGA / IGSCC of each different property, placing them in different sections. 
This was done to allow a consideration of each individual factor to be made in isolation 

from the others. 

2.2. Effect of the Material's Stress State 

IGSCC depends sensitively on the loading conditions during service, as well as 
the condition of the material and its environment. Several authors have investigated the 

effects of stress on the cracking of the alloy 600. Coriou et al. (4) reported cracks due 

to intergranular stress corrosion in alloy 600 in dernineralised degassed water at 3500C 

when tube specimens were subjected to four-point bending. Blanchet et al. (5) also 

reported cracks in this alloy, at 350T, in demineralised, deoxygenated(02: ýý 0.003ppm) 
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water, under a bending stress corresponding to about 0.5 per cent yield stress. Cracks 

were observed within six to nine months. Coriou et al. (4) performed another series of 

experiments to study the stress effect using a dynamometric ring which produces 

uniform tension in a round specimen. The water was demineralised and at 350'C. No 

evidence of stress-threshold was seen and cracking below the 0.2 per cent yield strength 

was observed. Bandy and van Rooyen(6) reported constant load test results for as- 

received and cold-worked alloy 600, in de-ionised pure water at 365'C. They suggested 

that the results could be reasonably represented by a straight line relation between log 

(stress) and log (time to failure), with a slope of -4. Failures were also obtained at 

stress-levels below the yield stress. 

Coriou et al. (A, I) concluded that the type of mechanical stress applied and its 

magnitude considerably modify the sensitivity of alloy 600 to cracking. They noted that 

this is consistent with the stress-dependence of the IGSCC process . It was observed that 

stress-levels below yield stress can cause IGSCC in finite time even in high purity water 

and that the possibility of a stress threshold should be viewed with caution. It is likely 

that these results can be rationalised on the basis of a film-rupture mechanism, which 

suggests the strain-rate is a more important variable in IGSCC than applied stress level. 

Under constant stress conditions, the necessary strain-rate results from the creep, which 
is sensitive to both stress and temperature. 

2.3. Effect of Strain-Rate 

Bulischeck and van Rooyen(a, g) observed IGSCC of alloy 600 in the strain-rate 

range of 3x 10' to Ix 10' sec ̀ with lower strain-rates being necessary to produce 
IGSCC in the more resistant materials, at identical temperatures. The latter observation 
is consistent with what one might expect from the film-rupture mechanism(IO). Their 

results suggest that, for a particular material condition, environment and temperature, 
'crack-velocity' increases with decreasing strain-rate. This result would seem to be in 

contradiction to the constant stress test results since, with decreasing stress-level, and, 
therefore, with lower creep strain-rates, time to failure was not observed to be 

decreasing. 
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Strain-rate can be imposed in cyclic loading situations as well. The frequency 

and wave-shape of cyclic loading will be reflected in the characteristic strain-rate 

resulting from the loading. Cyclic stress tests have been conducted(a,!. I), indicating that 

time to failure, in de-ionised water at 365*C, is nearly constant over a frequency range 

of 0.001 to I Hz. There was no observed effect of frequency, however the number of 

cycles to failure did decrease with decreasing frequency. The amplitude of loading was 

small, from 110% to 130% of yield stress, compared to the steady stress, and the cyclic 

wave shape was sinusoidal. Different cyclic loading parameters could result in 

pronounced effects. 

2.4. Effect of Temperature 

Cowan and Gordon(12) noted that increasing temperature (from 250 to 420'C) 

increased the IGSCC susceptibility of alloy 600. They also noted that it was difficult to 

separate which factor among stress, oxygen level and temperature had the greater 

accelerating effect. It has been observed that increasing temperature reduces the time 

to failure under similar conditions(fi, a, la). 

2.5. Effect of Alloy Composition 

Any effect of alloy composition on the susceptibility to IGSCC of alloy 600 is 

difficult to evaluate on the basis of variations in individual element concentrations, since 

concentration of one element cannot be changed independently of others. In addition, 

the same composition can yield a quite different microstructure and grain-boundary 

structure, depending on the heat-treatment applied. This makes it more difficult to speak 

of alloy composition effects independent of the other process variables. The effects of 

grain-boundary chemistry will be detailed in a later section. However, some general 

trends have been observed, relating to alloy composition. 

Among the role of minor elements, carbon has been investigated extensively. 
Susceptibility of alloy 600 to IGSCC in high purity water at MOT has been observed 
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in very low carbon (0.002%) material as well as in high carbon (0.063%) 

material (5,2,. L4). McIlree et al. (15) found that the high resistance of alloy 600 to 
intergranular attack in deaerated water at 316T was not reduced by carbon, sulphur, or 

phosphorus when present at the upper specified limit for a commercial material. It was 

also noted that low levels of carbon (0.016%), sulphur (0.0003%), and phosphorus 
(0.008%) did not reduce the stress corrosion cracking resistance of alloy 600 in 

deaerated water at 316T. 

Van Rooyen(h) reviewed summarised the effect of carbon content and heat 

treatment on the SCC of alloy 600 in deaerated water at 350T. He noted a relatively 

early cracking of "sensitised" 0.002% carbon alloy, a longer time to failure of solution 

annealed specimens and an absence of cracking in "sensitised" alloys with 0.04% to 

0.06% carbon. Bulischeck and van Rooyen(a) noted that SCC occurred very rapidly in 

pure water at the highest carbon level and more slowly as the carbon level decreased. 

Another element that has been investigated for its role in the IGSCC of this 

material is sulphur, as an impurity element. According to Blanchet et al. ( 4) the IGSCC 

of alloy 600 can be related to the presence of sulphur containing compounds in the 

metal. Embrittlement occurs at grain-boundaries by segregation of manganese and 

nickel sulphides, for sulphur contents as low as 0.0009%. These compounds, which are 
probably unstable in water at 350'C, lead to the formation of a strongly sulphur-ion 

containing medium in the small metal volume at the bottom of the crack. This region 

would then be favourable to a rapid point by point dissolution of the nickel alloy. 
However, this effect is due more to grain-boundary chemistry, a topic mentioned later 

on. They also suggested that, since the nature of the sulphur compounds and their 
distribution in the alloys are not controlled, great differences should be produced by 
different melting and fabrication techniques. Other research(L7-) has also produced 

results which indicate that sulphur may be an important factor in IGSCC through its 

influence on grain-boundary dissolution. However, Mcllree et al. (15) found sulphur to 
have no influence on the resistance of alloy 600 to SCC in deaerated water even when 

present in amounts corresponding to the upper limit found in commercial material. 
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Alloy 600 was found to be highly resistant to SCC in chloride-containing 

environments at temperatures below 102*C(&. However, at higher temperatures, 

susceptibility to SCC was observed(h,! J, 12,2Q). Alloy 600 was also susceptible in 

fluoride environments(n) and in polythionic acid (HA069where x=3,4 or 5) and 

other sulphur-bearing environments(! J, 19). 

Phosphorus, another impurity element, was observed to have no influence on the 
SCC of alloy 600 in deaerated water at 316'Q&. Phosphorus does have a tendency 

to segregate at the surface and grain-boundaries in the alloy, which may influence the 
dissolution/passivation behaviour. McIlree et al. (jj) noted that in high phosphorus 

material the serrated flow during plastic deformation of alloy 600 at 3160C was 

suppressed, indicating that phosphorus does not influence dislocation motion as does 

carbon. Airey(21) noted that phosphor-us did not appear to be a deleterious element in 

caustic environments. Thermal treatment at 700'C was found to improve the SCC 

resistance of alloy 600 in such environments. 

From the results of Coriou et al. (j) on the influence of nickel content and those 

by Berge and Donati(22) on the influence of chromium content, decreasing the nickel 

content and increasing chromium content tends to increase the IGSCC resistance. This 

implies alternative alloys to alloy 600, such as alloy 690. The following section details 

the effects of material composition on the IGSCC of alloy 600 and alloy 690, from the 

aspect of the grain-boundary local chemistry. 

2.6. Effect of Grain-Boundary Chemistry 

The discussion that follows here relates to chromium depletion at grain- 
boundaries, formation of chromium carbides and segregation of impurities to grain- 
boundaries. Investigations by Allen et al. (22) have shown that solution annealing 
temperatures (< 1100'C) for alloy 690 tend to be too low to take all the carbide into 

solution. These studies also showed that the depletion of chromium appeared to be 

greater in the solution annealed (1 150'C/1 hour) samples than in the solution annealed 
and subsequently aged (720OC/20 hours) samples. This phenomenon is discussed in 
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Chapter 9 later on, and is attributed to a replenishment of the chromium level around 

the carbides during such an ageing treatment. The formation of carbides has associated 

with it the depletion of chromium from the surrounding matrix. These two events are 
linked intrinsically, although here they will be split into two separate sections, one for 

chromium depletion and one for carbide formation, the criteria used to separate the 
different studies being the nature of the original research and the discussions and 

explanations given for the results found. 

2.6.1. The Effect of Chromium Depletion 

The role of chromium depletion in IGSCC of alloy 600 in hydroxide solutions 

was investigated by Crum(2-4,25) and by Lee et al. (26) using the slow strain rate test 
(SSRT). Tests in deaerated 10% NaOH at 288'C showed that thermal treatments of 
593'C for 4 hours or 704'C for 15 hours both significantly reduced the percentage of 
intergranular failure in samples containing from 0.02 to 0.05 wt% carbon. Since the 
former heat treatment would result in severe chromium depletion at all carbon levels, 

and the latter heat treatment would probably produce healing, the data suggest that 

chromium depletion does not play a role in the SCC process in this environment(26), 
Tests in 50 wt% (25M) NaOH at 1409C under a controlled potential with heat treatment 
time at 700'C also showed that chromium depletion does not appear to play a role in the 

observed SCC, since these heat treatments extended from 20 minutes to 100 hours, 

covering the full range of severe chromium depletion with narrow, deep zones 
(700'C/20 min) to nearly healed grain-boundaries (700OC/100 hours). Bandy et al-07) 
tested three heat treatments in 10% NaOH + 0.1%Na2CO3 at 300'C and found an 
inverse correlation between the crack growth rate in stressed C-rings and the severity 

of chromium depletion in alloy 600. 

Constant extension rate tests (CERT) on a carbon containing high-purity heat of 

alloy 600 in 25M NaOH at NOT showed that heat treatments that produce chromium 
depletion coupled with carbide precipitation resulted in the most severe susceptibility to 
IGSCC(2a). In fact, as a function of time at 700T, the highest degree of susceptibility 

occurs after only 0.1 hour, giving 8.0 wt% chromium at the grain-boundary, and 
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decreases monotonically with time(29). Since the grain-boundary chromium level is at 

a minimum at the shorter time and increases thereafter, the rate of chromium depletion 

in IGSCC in hydroxide solutions remains uncertain. 

The situation is quite different for IGSCC in acidic solutions. Intergranular 

cracking of alloy 600 in sodium tetrathionate and sodium thiosulphate showed a strong 

dependence on heat treatment and presumably, chromium depletion(20-31). Bandy and 

van Rooyen(3a) showed that those heat treatments that produced the largest values of 

weight loss in the ferric sulphate-sulphuric acid test or the largest charge transfer per 

unit area in the EPR test also showed the greatest susceptibility to IGSCC in these 

solutions. No attempt was made to obtain a quantitative evaluation of chromium 

depletion, but it was likely that the most severely attacked samples also had the lowest 

grain-boundary chromium levels. 

Lee et al. (26) also found that short heat treatments (< 3 hours) at 7000C 

produced the most severe intergranular cracking in alloy 600 in slow strain rate tests at 
40'C in 0.1 M Na2S203 solutions. Although direct evidence of chromium depletion or 

quantification of the extent of chromium depletion was lacking, it is likely that these 

short treatments produced the narrow, deep zones that are characteristic of the most 

severely attacked samples. To confirm this, Bandy and Sabatini(34) compared the IGA 

susceptibility of two samples heat treated to produce differing levels of chromium 
depletion and confinned the grain-boundary compositions by STEM-EDS. They found 

that the sample containing -6 wt% chromium at the grain-boundary produced a weight 
loss almost three times that of the 9 wt% chromium sample in the ferric sulphate- 

sulphuric acid test, confirming the effect of the chromium-depleted zone depth on IGA. 

A direct correlation has been established(& between percentage intergranular 

fracture and grain-boundary chromium content, with the percentage of IG fracture 

increasing monotonically with decreasing grain-boundary chromium concentration below 

about 8.3 wt%. Observation was made that IG cracks can be propagated through the 

sample in alternate immersion-stress tests where the sample is cycled through an 
immersion in 0.017M Na2S406 followed by loading in air. This observation led to the 

conclusion that intergranular cracking occurs by stress-assisted intergranular attack in 
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which the effect of stress is purely mechanical in nature and acts in conjunction with the 

IGA process to increase the rate of penetration of intergranular attack. Samples with 

5 wt% chromium at the grain-boundary were highly susceptible to attack, while those 

with 8 wt% chromium were somewhat less susceptible and samples containing 12 wt% 

chromium at the grain-boundary were immune to IGA. 

Page and McMinn(36) found that creviced samples of alloy 600 given a low- 

temperature sensitisation (LTS) treatment (440'C/24 hours) were susceptible to IGA in 

high-purity water containing I pprn H2SO4. while as-received samples were not. This 

supports the observations that chromium depletion is detrimental in oxidising media. 

The role of chromium depletion in IGSCC in pure water environments is less 

clearly defined. Briant et al. (37) were able to correlate the IGSCC susceptibility of 

alloy 600 in 288'C high-purity water containing 8 ppm of oiygen to the presence of 

grain-boundary chromium depletion. Page and McMinn(36) found that slow strain rate 
tests in 288C high-purity water containing 16 ppm oxygen on creviced samples of alloy 
600 caused cracking in samples given an LTS (440'C/24 hours) treatment but not in 

untreated samples. The LTS treated sample showed a greater weight loss than the 

untreated sample. 

Although it would appear that chromium depletion is detrimental in 02-containing 

water, such a correlation does not seem to apply in deaerated water where sensitisation 

appears to be beneficial rather than detrimental (31). CERT experiments in 345'C 

deaerated water conducted on controlled purity alloy 600 over a range of chromium 
depletion levels (5 to 15 wt% chromium) showed no correlation with IGSCC 

susceptibility in that all produced cracks on the surface that went between 25 and 55mm 

deep into the material(21). At 3600C, the result was much the same(32). 

Much less data exists linking chromium depletion to IGSCC in alloy 690. 

Page(AQ) tested alloy 690 in the as-received and LTS-treated (440'C/24 hours) conditions 
in slow strain rate tests at 288'C in 200ppb 0. and 8ppm 02 water in an uncreviced 

sample and at 288C in 16pprn 0. water in the creviced sample. In all cases, neither the 

as-received nor the LTS-treated samples showed any evidence of SCC. This immunity 
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to SCC in high-purity water has been observed by others(3&LI-46). In fact, to date, 

there exist no reports of SCC of alloy 690 in pure water in the laboratory tests. This 

includes deaerated water, oxygen contents of up to 16ppm, and hydrogen partial 

pressures of up to 0.24 Mpa. This data also includes a range of thermal treatments 

spanning the mill annealing, solution annealing, thermal treating, and sensitising 
treatments(! L4, A5). Hence, even though LTS treatments may have caused some degree 

of chromium depletion at the grain-boundary, the lack of any SCC precludes a 

correlation between the two parameters. The immunity observed in high-purity water 

also extends to chlorine-induced cracking(42). However, alloy 690 does exhibit a 

propensity for cracking in 2889C air saturated, high-purity water with I ppm H2SO4 (pH 

of 4.8)(36). Surface cracks were found in both the creviced and uncreviced conditions 
in slow strain rate tests conducted in this solution. An interesting point is that a high C 

sample (0.02 wt%) cracked while a low C sample (0.012 wt%) demonstrated immunity 

in the LTS (449'C/24 hours) condition. This again is supporting evidence for the 
increased propensity for IGSCC of chromium-depleted samples in oxidising media. 

Alloy 690 in the mill-annealed (MA) condition is, however, susceptible to caustic 

cracking in 10% NaOH at temperatures above 315'C(L2,43,47,4a). In this case, 
thermally treating alloy 690 at MOT for I to 15 hours significantly increased the 
immunity to IGSCC. However, the reason for the increased resistance to IGSCC is 

unclear. It is unlikely that a thermal treatment such as this would cause significant 
chromium depletion at the grain-boundaries. It would, however, alter the carbide 
distribution at the grain-boundaries. 

A significant observation was made by Donati et al. (A2) on the role of the 

chromium level in alloy 600. When special heats of this alloy were fabricated with 19% 

chromium rather than 15% chromium (nominal), the SCC resistance of this alloy 
increased in deaerated hydrogenated pure water at 350 - 360'C, or in hydrogenated 200 
bar steam at 400'C, but was unaffected in dilute caustic solution (10g/L NaOH) at 
350'C. The increase in chromium does not appreciably change the microstructure; in 

particular, the nature, size, and distribution of inter- and intragranular precipitates is 
basically unaltered, except for the occurrenceof M23C., which is not generally present 
in alloy 600. These results imply that the higher chromium content is responsible for 
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the increased resistance to IGSCC. However, it remains to be determined whether the 

benefit is due to chemistry changes in the grain-boundary, matrix, or some combination 

of these. Also, in alloy 600 oxygen appears to be necessary for chromium depletion to 

be a factor in IGSCC. 

The effects of chromium depletion on the IGSCC of alloys 600 and 690 has been 

observed by several other authors. Kai et al. (5D) performed modified Huey tests 

involving boiling in 40% HN03, and constant load/extension rate tests carried out in 

sodium thiosulphate solution. Results for alloy 600 indicated that the susceptibility to 

SCC is sensitive to the chromium depletion depth at the grain-boundaries, the minimum 
level to prevent SCC failure was found to be about 8 wt% chromium. No SCC was 

observed for alloy 690 tested under the same conditions, showing that alloy 690 has a 
far better resistance to IGA and SCC than alloy 600, particularly when sensitised and 

exposed to sulphur containing media, such as thiosulphate solutions. Hsu et al. (51) also 
investigated the SCC behaviour of alloy 600 in thiosulphate solution using constant load 

tests. It was found that sensitised alloy 600 was susceptible to IGSCC in thiosulphate 

solution only when the pH was lower than 3. The results also showed that the grain- 
boundary chromium concentration and the crack tip electrochemical potential controlled 

the anodic dissolution behaviour, and can thereby determine the SCC resistance of alloy 
600. Ahn et al. (52) performed modified double-loop electrochemical potentiokinetic 

reactivation (DLEPR) tests on alloy 600 casts, and compared results with IGSCC tests 
in deaerated 0.01M sodium tetrathionate solution. IGSCC occurred in samples of alloy 
600 aged for < 20 hours at 700'C, with IGSCC susceptibility increasing with decreasing 

ageing times down to 1 hour of treatment. IGSCC was found to be associated closely 

with the chromium-depletion profile across grain-boundaries. The deeper and narrower 
the chromium-depleted zone produced, the greater the IGSCC susceptibility. 

2.6.2. The Effect of Chromium Carbide Distribution 

Considerable interest has been focused on the role of the chromium-rich carbides 

as the activators of IGSCC by both chemical and mechanical mechanisms. One of the 

earliest experiments was carried out by Lee and Vermilyea on alloy 600 in the mill- 
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annealed, solution-annealed, and solution-annealed and sensitised conditions(51). 
Tension tests in helium at 370'C, revealed that grain-boundary regions in sensitised 

materials could not always accommodate deformation occurring near the boundary, 

resulting in the formation of cavities and premature failure. However, Airey found that 

the maximum improvement in IGSCC performance was in tubing thermally treated so 

as to produce a sernicontinuous grain-boundary precipitate with phosphorus segregated 

to grain-boundaries(54). 

Norring et al. (46) showed that the SCC initiation time of alloy 600 in 365'C 

water could be directly correlated with the degree of grain-boundary coverage by 

carbides. This was verified in subsequent work on 173 reverse U-bend (RUB) 

specimens from 36 different tubes(&. A stepwise regression analysis performed on 18 

different parameters with the crack initiation time as the dependent variable revealed the 

yield strength, CTM - CSOL(the carbon content above the solubility level), the chromium 

content and grain size as the most important parameters. The amount of carbon 

available for precipitation as a carbide, CTOT - CSOL, correlated inversely with crack 

initiation time. This is surprising at first glance, since it seems to run counter to the 

positive correlation between crack initiation time and grain-boundary carbide coverage. 

However, these were commercially produced tubes that probably all were subjected to 

the same short-term annealing treatment, and therefore, the amount of carbon available 

to form precipitates would be limited and would not be expected to vary much between 

heats. It is more likely that as the total alloy carbon level rises, so does the degree of 

carbon supersatu ration. Hence, CTOT - CSOL may in fact be more representative of the 

degree of supersaturation of carbon. 

A strong correlation was also found between crack initiation time and mill- 

annealing temperature, with the initiation time increasing by a factor of 10 following an 
increase in the mill-anneal temperature from 927C to 1024T. TEM analysis revealed 
that the sample that underwent the low-temperature anneal contained many matrix 

precipitates and well-spaced, large (0.1 to 0.5tim) grain-boundary carbides. The sample 

receiving the higher temperature anneal had an order of magnitude lower density of 

matrix carbides and smaller (0.01 to O. IjAm) and more well-spaced grain-boundary 

carbides. 
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Liu et al. (56) discovered that a correlation exists between the susceptibility to 

grain-boundary attack and the extent of chromium carbide precipitation at grain- 

boundaries. They observed that the most severe grain-boundary attack occurred in 

thermally treated alloy 600 samples (solution annealed and aged at 700'C/16 hours) in 

25M NaOH at 140'C, which is the same thermal treatment that has been consistently 

reported to show improved resistance to IGSCC in concentrated NaOH solutions 

between 140 and 300'C(57--W). The correlation between the susceptibility of alloy 600 

to IGA and the extent of chromium carbide precipitation could be explained by the 

preferential anodic dissolution of the carbides themselves. However, galvanic coupling 

studies have shown that at 140'C, Cr23C6 is cathodic to Ni-Cr-Fe alloys of varying 

chromium content (0 to 14%) when exposed to concentrated NaOH solutions(56). Two 

possible explanations exist for this behaviour. The first is that the dissolution test results 

are strictly valid under open-circuit conditions, while IGA occurs at potentials at least 

100 mV higher than the rest potential. Also, numerous identifications of the chromium 

carbides in alloy 600(59-62) have established that the form of the carbide is 

predominantly Cr7C3 rather than Cr, 3C6. Tsai et al. (63) observed in complementary 

experiments that Cr23C6can dissolve rapidly in high-temperature caustic solutions when 

it is electrically connected to a metal that permits water reduction. In fact, it was noted 

that the corrosion behaviour of Cr23C6resembled that of its metal constituent, chromium, 

rather than the non metal component, carbon. 

Bruernmer and Henager(64) have proposed a mechanical effect of the grain- 

boundary carbides on IGSCC. They suggested that the primary component affecting 

cracking is microdeformation resulting from intergranular carbide precipitate 
distribution. Grain-boundary carbides were found to be the principle dislocation sources 

in both mill annealed (MA) and thermally treated (TI) alloy 600 materials during in situ 

deformation. Dislocation motion was confined to planar arrays or pile-ups between 

initiation sites and grain-boundaries. Because the grain-boundary carbide density in the 

MA material is much lower than in the thermally treated material, each pile-up in the 

MA material must accommodate more microscopic slip to compensate for the same 

amount of macroscopic strain. The greater flow localisation in the MA material at low 

strains results in greater stress concentrations at the head of the pile-up. Hence, for a 

given amount of strain and fewer active dislocation sources per grain, the MA material 
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is expected to have higher localised grain boundary stresses. These microdeformation 

characteristics are thought to influence directly the intergranular crack-tip strain rate, 

oxide rupture rate, crack-tip dissolution or hydrogen adsorption, and stress corrosion. 

The thermal treatment of alloy 690 does not result in a sernicontinuous 

distribution of carbides on the grain-boundaries as in the thermally treated alloy 600, but 

rather a more widely-spaced, discrete carbide distribution. This is due in part to the 

lower solubility of carbon in alloy 690. Therefore, arguments supporting the idea of 

strain homogenization due to a high density of grain-boundary carbides as the 

mechanism for the superior SCC performance of thermally treated alloy 600 over MA 

material would not hold for thermally treated alloy 690(6j). 

Norring et al. (46) also showed that out of 67 RUB specimens of alloy 690 

exposed to the same conditions, none contained microcracks after 20,000 hours of 

exposure. This is consistent with observations by others(36, LI_4ý). However, in 

experiments on alloy 690 commercially produced from various sources with different 

thermal treatments, Crum et al. (_6ý) found that the continuity of the grain-boundary 

carbides correlated well with SCC susceptibility of C-ring samples in 350'C NaOH. In 

general, structures with continuous IG precipitation resisted cracking, while both 

semicontinuous and discontinuous structures cracked quickly, with the discontinuous 

structure showing the most severe cracking. The chromium content at the grain- 
boundaries was also measured and although it did not correlate perfectly with cracking, 

some measure of agreement did exist. 

Sarver et al. (L7) found that alloy 690 with a short term heat treatment (871'C/10 

minutes) was more resistant to caustic SCC than alloy 600 with a long term heat 

treatment (704'C/15 hours). A short term heat treatment of alloy 690 permits the 

precipitation of intergranular carbides without the accompanying sensitisation realised 
in alloy 600. 

Work done by De and Ghosal(ffl on the IGSCC of alloy 600 at 3151C in high 

purity water, containing 0.05ppm oxygen, 0.2ppm chloride and having a pH of 9.6 

(obtained by adding UOH or NHOH), gave interesting results. Thermally treated alloy 
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600 (24,48,72 and 100 hours aged at 600'C following water quench from I 100'C of 

mill annealed material) was found to have superior SCC resistance, in 1600 hour U-bend 

tests, compared to mill or solution annealed, cold worked (25 %), and cold worked plus 

stress-relieved (at 675C for 1 hour) material conditions. 'Illey noted that the subsequent 

stress-relieving treatment was found to have no effect on the SCC behaviour. Similar 

tests at 250'C failed to produce cracking in 1600 hours. The results indicated that grain- 

boundary carbides, and other precipitates, had a beneficial effect on the IGSCC 

resistance of alloy 600, particularly heat treatments resulting in a microstructure 

consisting of semi-continuous type precipitates at grain-boundaries. 

2.6.3. The Effect of the Segregation of Impurities to Grain-Boundaries 

Segregation of impurities to grain-boundaries in alloY 600 has been suspected as 

a possible contributor to IGSCC in high-purity water(! ). However, very little has been 

done to isolate the effect of specific grain-boundary segregants. Mention was made 

earlier on the effect of sulphides and phosphorus on IGSCC in alloy 600. In alloy 600 

Airey(5-4) found that the most SCC-resistant structure consisted of dense precipitation 

of chromium carbides on the grain-boundary accompanied by phosphorus segregation 
(for samples mill annealed and then heat treated at 704'C/10 hours). However, since 

the two always occurred together, it was not possible to isolate the effect of phosphorus 
from that of chromium carbide formation. 

Was and Rajan(65) examined the effect of phosphorus segregation, with and 

without chromium depletion, in controlled purity heat-treatments of alloy 600 and found 

that during CERT experiments in 0.017N Na2S406, the presence of 10 at % phosphorus 

at the grain-boundary did not affect the cracking behaviour, with samples in both cases 

failing in a ductile fashion. CERT experiments were also conducted in MOT water with 

lOOkPa hydrogen over pressure, on controlled-purity alloys containing or not containing 

phosphorus. Results showed that the presence of 5.5% phosphorus at the grain- 

boundary(ý2) significantly reduced the propensity for IG cracking as compared with that 

seen in the high-purity alloy(n). 
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Rajan et al. (2a) attempted to induce carbon grain-boundary segregation in alloy 

600 by heat treating at a low temperature for times that were short enough to preclude 

carbide precipitation. Although no direct evidence of carbon segregation exists, a heat 

treatment of 550'C/2 hours following a solution anneal (which was expected to produce 

grain-boundary carbon segregation) resulted in a significant reduction in observed IG 

cracking in 3600C water with 100 kPa hydrogen overpressure(3-2). Hence, carbon in 

solution appears to affect the IG cracking behaviour of alloy 600, as mentioned earlier. 

Upon addition of phosphorus or carbon to high-purity alloy 600 an increase in 

elongation under applied stress was observed(&. In comparison, experiments 

conducted in flowing argon gas, measurable IG cracking occurred with the % IG 

cracking increasing significantly at 4000C. The likely mechanism was intergranular 

creep-controlled fracture, by either grain-boundary or dislocation core diffusion. This 

is caused by the production and link-up of grain-boundary voids. The role of carbon 

and phosphorus would be to retard diffusion and thereby reduce the kinetics of the creep 

process(L5). The observation that carbon in solution reduces IG cracking is backed up 
by data from Bandy and van RooyanQQ), which showed that the activation energy and 
hence the crack initiation time increases with increasing carbon content in the material. 

Norring et al. (5ý) found that in alloy 600 tubes receiving a 927C anneal, carbon 

and boron, as measured by SIMS, were distributed both within the grains and at the 

grain-boundaries. However, in the tubes annealed at 1024T, which were also more 

resistant to IGSCC in 365C water, both were concentrated at the grain-boundaries with 
the carbon in discrete areas and the boron in a more continuous distribution. 

Other studies on alloy 600 showed intergranular cracking in a range of 

environments, including high-purity water and caustic solutions at 

-327'CQ_&La, j2, j1L). These failures occurred in both aerated and degassed water. 

Crevices were probably necessary in the aerated case(16); the degassed case seems less 

well understood. Intergranular corrosion was poorly correlated with SCC, but sulphur 

segregation to grain-boundaries did appear to exacerbate SCC(h). It was suggested that 

sulphur tends to be bound into carbides when sensitisation occurs(16), thus explaining 

the observation(U) that the least sensitised grain-boundaries crack most easily in 

deaerated water. In alkalising or acidic media the SCC of this alloy was accelerated by 
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the presence of lead. As with lead, small additions of molybdenum to alloy 600-type 

alloys appeared to be detrimental under SCC conditions(12), it being possible that an 
intermediate composition of several per cent molybdenum could give rise to minimum 
SCC resistance, or that synergistic effects are operating. 

Was et al. (L2) investigated the role of carbon, chromium and phosphorus on the 
intergranular cracking (IG) behaviour of alloy 600 in MOT argon and water using 

constant rate/load tests. Results showed that carbon in solution strongly suppresses IG 

cracking behaviour through an increased resistance to power-law creep, which promotes 
failure by the formation and linkup of grain-boundary voids. Although creep-induced 

grain-boundary fracture was dominant in both water and argon, there was a substantial 

environmental enhancement in water. In both environments, addition of phosphorus to 

alloy 600 improved the IG cracking resistance, but chromium depletion had no effect. 

Sung and Was(12) showed through constant extension rate tests, at 360'C in 

deaerated high purity water containing a hydrogen overpressure, that a high purity alloy 
600 alloy exhibited inherent IG cracking susceptibility in water. Also shown were the 
facts that prior cold work introduced by compression significantly increased IG cracking 

susceptibility, carbon in solution enhanced IG cracking resistance, phosphorus and boron 

segregation retarded IG cracking, and chromium depletion did not affect IG cracking. 
Tests were also performed in a 360 - 400'C argon atmosphere. Samples had been 

suitably treated to produce chromium depletion, grain-boundary impurity segregation, 

and inter- and intragranular precipitation of chromium carbides. 

Guttmann et al. (: Z4) recorded that the segregation of phosphorus did not appear 

to be the cause of IGSCC in alloy 600 in pure water and caustic environments. In 

boiling nitric acid solution, containing potassium dichromate, phosphorus segregation 

appeared to improve resistance to IGSCC, whereas silicon, which did not segregate 

appreciably but existed in precipitate form at the grain-boundaries, did not influence the 

sensitivity of alloy 600 to IGSCC. Newman et al. (L5) found that additions of boron, 

sulphur and phosphorus were detrimental, and that silicon and carbon had little impact 

on the rate of IGA in alloy 600. 
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From the results above, it appears that the role of segregated impurities is still 

unclear, although it is possible that they play an important role in the variability 

observed in the IGSCC resistance of alloy 600. 

2.7. Effect of Grain Size 

Blanchet et al. (ý) observed comparable IGSCC behaviour in coarse grain (200 

to 3001im) and fine grain (20 to 401Am) alloy 600 materials at 350'C in deaerated pure 

water. Coarse grain material was found to produce some small intragranular cracks as 

well. Foster and Taylor(7-6), on the other hand, found that fine-grained material was 

more resistant to IGSCC in high temperature (300 - 350T) deaerated water than the 

coarse-grained material. The data was not sufficient to draw any definite conclusions 

except, perhaps, that grain size may not be a primary variable for the IGSCC of alloy 
600, or its effect may be masked by or linked with other processing variables(IM. 

Grain-boundaries are often characterised using the Coincident Site Lattice (CSL) 

model. This results in the grain-boundary type being linked to the degree of 

misorientation between the two grains that form the boundary, via the number of lattice 

points at the boundary which are coincident with both grains. The grain-boundary type 
is usually identified by the reciprocal of the number density of these coincident lattice 

points, the Z values correspond to high numbers of coincident lattice points, and thus 

to grain-boundary positions having a low energy, since the grain-boundary becomes 

more organised, i. e. less random, in nature. Lin et al. (Ia) found that increasing the Z 

-. 29 coincident site lattice grain-boundary frequency in thermornechanically processed 

alloy 600 from 37 % to 71 % resulted in commensurate decreases in bulk intergranular 

corrosion susceptibility in both the solution annealed (1000'C/5 minutes) and sensitised 
(600'C/60 minutes) conditions. These findings were attributed to both the intrinsic 

corrosion resistance, and the resistance to solute segregation and precipitation exhibited 
by structurally-ordered law grain-boundaries. 
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2.8. Effect of Cold WOrk 

Foster and Taylor(7_ý) found that C-ring specimens from alloy 600 tubing (less 

than 5 per cent cold work) were more susceptible than U-bend samples (15 to 20 per 

cent cold work) made from longitudinal strips cut from the tubing of the same heat. 

Testing was done in high-purity, deaerated water at 300 and 3500C. These results 

indicate that a high level of cold work might be beneficial. Cowan and Gordon(122) 

noted the opposite effect- single U-bend samples which should contain significant cold 

work failed in less than 1400 hours in oxygenated (0.4ppmWwater, while samples 

tested in uniaxial tension showed no susceptibility after 8640 hours at stresses over yield. 

Payment and Graham(n) found that severe cold plastic deformation or fatigue damage 

prior to additional plastic deformation and high stress was harmful to the SCC of alloy 

600 in deaerated pure water at 330'C. 

Theus(BO) examined the effect of 0 to 35 % tensile prestraining, using boltloaded 

tensile specimens cut from tubing, in the mill-annealed and heat-treated (2 hours at 
600'C in a vacuum) conditions. Testing in high-purity water was done at 343'C. 

Results suggested that increasing prestrain resulted in increased failure time in constant 
load tests. Increasing prestrain increases yield stress, in the direction of the prestrain, 
due to strain-hardening. The applied load, and therefore the applied stress through the 

ring-and-bolt fixture, was the same for all the tests. These results are compatible with 

a film-rupture type IGSCC mechanism(L7). 

According to Bulischeck and van Rooyen(E), there is indication of a very definite 

effect of cold work in rendering material more susceptible to SCC in high temperature 

water. They investigated levels of cold-work from no cold work to 40 per cent cold 

worked material. The type of cold-work and its distribution will have a very different 

effect on the IGSCC performance of a material. Cold work is expected to influence the 

residual stress distribution, and subsequent deformation behaviour of the material. This 

makes the method of inducing the cold work, such as rolling or bending, important when 

studying IGSCCQ_7). 
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To conclude, it must be pointed out that this is not an exhaustive review of the 

published work on alloy 600 and alloy 690. It is clear from these results that the 

phenomenon of IGSCC in these alloys is far from understood, particularly with respect 

to grain-boundary microstructure and segregation. One observation constantly found 

is that alloy 690 has a greater resistance to IGSCC than alloy 600. 
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THEORY OF EQUILIBRIUM AND NON-EQUILIB 

Before discussing particular types of segregation, the nature of grain-boundaries 
has to be mentioned. Grain-boundaries consist of one or two atomic layers, about 10 

Angstroms wide, between grains where atoms occupy compromise positions instead of 

their correct lattice sites, and are regions of high disorder. This gives grain-boundaries 

a specific free energy, which tends to be higher compared with that of the perfect crystal 

lattice containing the same number of atoms. Grain-boundaries will always try to 

minimise their associated energies, to lower the energy of the system as a whole. They 

can generally be described as either low or high angle, the greater the angle between 

adjacent grain crystal orientations, the higher the associated energy. 

Grain-boundaries act as dislocation and vacancy sources, sinks and barriers, 

affecting the metal's yield, flow and creep properties. They can also act as nucleation 

sites for new grain growth, and precipitation sites for trace and impurity elements that 

segregate there, influencing the metal's strength and brittleness. Impurity elements 
diffuse to the grain-boundaries, under the effects of heat and/or stress, to minimise the 

total free energy of the bulk/interface system. Segregation of solute atoms preferentially 
to grain-boundaries can lead to reduced intergranular cohesion, which can lead to 
intergranular fracture. The boundary also interacts with other lattice defects, such as 
dislocations and vacancies, causing movement of these defects towards the interface. 

The diffusion of foreign atoms leads to a change in chemical composition of the interface 

with respect to the bulk. This phenomenon is termed interfacial segregation(U). 
Diffusion of solute to interfaces results in a profile of increasing concentration with 
decreasing distance from the boundary. There is also enhanced corrosion at the grain- 
boundaries due to, amongst other things, the segregation of impurities and migration of 
lattice defects to these boundaries. This property is important to this study. Hence, 
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grain-boundaries play an important role in the mechanical and corrosion behaviour of 

a material. 

To understand the properties of grain-boundaries, it is necessary to study both the 

relationship between the crystallographic structure and chemistry, and their 

properties(B2). The structure of a grain-boundary governs its chemical composition and, 

conversely, a change in chemical composition at the grain-boundary, from, say, solute 

segregation, may cause a transformation of its structure when compared with that of a 

pure material Consequently, the synergistic effect of grain-boundary structure 

and chemical composition, such as its energy(BI), cohesion(BE) and diffusion(K), 

governs a large variety of properties of polycrystalline materials, like corrosion(9-0,9-1), 

stress corrosion cracking(9-2) and hydrogen embrittlement(93-). Therefore, grain- 
boundary segregation is important for the properties of metallic materials. 

If the segregant atoms are much smaller than the matrix atoms, they will be able 
to move in the volume that exists between adjacent matrix atoms in the lattice. These 

impurities are called interstitial segregants and are deemed as being in interstitial solid 

solution. If the segregant atoms are of comparable size to the matrix atoms, they will 

move by replacing actual matrix atoms on correct lattice positions usually in response 
to movements of associated vacant sites. These segregants are termed substitutional 

segregants and are deemed as being in substitutional solid solution. Some segregating 

species will have a stronger interaction with the interface than others, lowering the free 

energy of the boundary by a greater extent. Strong segregants can 'push-out' weaker 

ones if there is competition for sites at the grain-boundaries. 

There is a variation in the levels of segregation found on different grain- 
boundaries in a material(9-4). One reason put forward to explain this is the variation in 

the chemical bonds that can be found at a grain-boundary. When a solute atom arrives 

at the grain-boundary, it will form chemical bonds with the metal atoms around 

it(95,96), the energy and strength of such bonds depending on their length and relative 

orientations. As these factors are varied, the energy gained by taking the segregant from 

the bulk and putting it in the boundary will vary. If the energy difference is not great, 

then the boundary will be a weak trap for the segregant and many atoms entering the 
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boundary will diffuse away. Therefore, the equilibrium concentration will be low. In 

contrast, if the energy difference is large the boundary will be a strong trap for the 

segregant. Most atoms entering the boundary will stay there and the concentration can 
become quite high. The variety of grain-boundary orientations found in any 

polycrystalline material would provide traps for segregating atoms having a variety of 

strengths, giving rise to the overall distributions of segregation levels seen in such a 

material(9-4). Variations in segregation levels found on different grain-boundaries of the 

same sample were observed during this course of work, using AES fracture sample 

analysis (the results of which are shown in Chapter Six later on). 

There are two types of segregation that occur during the heat-treatment of the 

material used during this study. The first heat-treatment was a high-temperature anneal 
(usually for I hour) at temperatures greater than 10000C. During cooling from the 

annealing temperature, non-equilibrium segregation of impurity and trace elements to 

the grain-boundaries occurs. After the material had been annealed, sometimes it was 

subject to further heat-treatment (usually for 16-20 hours) at temperatures between 700 

and 7500C. During this ageing treatment, there is segregation of impurity and trace 

elements to grain-boundaries. For a sufficiently long ageing treatment time, the 

segregation at the grain-boundaries reaches equilibrium conditions (see below). Such 

segregation is termed equilibrium. AES fracture sample analysis was used during this 

study to determine segregation levels on grain-boundaries after a particular heat- 

treatment. During the ageing treatment, carbides were formed at the grain-boundaries 
in the material, which were observed using metallography and TEM methods. 

The two types of segregation, equilibriumand non-equilibrium, are discussed 

below. 

This type of segregation occurs when there is sufficient time during heat- 

treatments for the solute species that is segregated to the grain-boundaries to redistribute 

to a minimum-energy configuration. The solute in the boundary can then be assumed 

to be in equilibrium with solute in the matrix. This equilibrium can be defined by the 

29 
UNIVERSITY Ty 

OL B0 R 
ýC- OF Sl L 

LIBRARY 



enrichment ratio of the solute at the grain-boundary, given by the grain-boundary solute 

concentration divided by the solute concentration in the matrix. This ratio is shown in 

Figure 3.1. (a), which gives a representation of the equilibrium segregation of solute at 

a grain-boundary. 

Most models of grain-boundary segregation follow McLean's approach, all 

observations so far being compatible with his predictions, even if there is very little 

direct evidence that shows that segregation kinetics do follow McLean's analysis exactly. 
In the next section, McLean's approach to grain-boundary segregation, together with 

segregation equations, is outlined. 

Both the classic thermodynamic treatment by Langmuir and the statistical 

mechanics approach first used by McLean(92) lead to relationships describing the 

interfacial composition as a function of the temperature and the bulk composition. 
Interfacial segregation of a solute I in a system with a matrix element M can be 

represented by the reversible chemical reaction 

M4,. I- (3.1) 

where the superscripto relates the respective term to the interface. From this, a general 

segregation equation can be derived(98): - 

X4N x 
exp RT xz xm 

(3.2) 

where X, ', Xm, XI, Xm are the molar fractions of solute I at the interface, the matrix 

element M at the interface, solute I in the bulk, and the matrix element M in the bulk 

respectively. AGI is the Gibbs free energy of adsorption at the interface, a negative 

value implying an interfacial solute enrichment, or segregation, whereas a positive value 
implies an interfacial solute depletion. This model supposes randomly distributed solute 

and solvent atoms among a fixed number of equivalent sites both in the bulk and the 
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interface, and a constant pair interaction energy between nearest neighbour atoms(9-2). 
This model also supposes that there is only one element segregating to the interface. The 

rate of chemical interactions between the bulk and interface is also assumed to be the 

same(IM). 

Assuming interfacial segregation in a binary system without interaction between 

solute and matrix, Equation (3.2) above is simplified to the Langmuir-McLean 

segregation equation(9-1, M) 

x, 
exp (3.3) 

xoe-Xle 1-XI RT 

In this approach, a limited amount of atom positions are available at an interface for 

solute segregation. This amount is represented by the mole fraction of the interface layer 

covered with the segregant at saturation, XO*. Historically, the Langmuir-McLean 

segregation equation was the first description of segregation behaviour at solid interfaces 

in terms of composition and temperature. It has been extensively used to characterise 

grain-boundary segregation, e. g. for phosphorus in a-iron(E)2, E)3). The McLean 

equation shows that the segregation rises as the solute content rises, or as the temperature 
falls, as expected. Due to the constraint of the fixed number of adsorption sites, the 

segregation eventually reaches the saturation value X04, which is generally about one 

monolayer. One monolayer contains a-' segregant atoms per unit area, where a' is the 

atomic volume of the segregant. To use this equation, the value of the free energy of 

segregation, AGI is required. McLean derived some acceptable values, and also some 

unacceptable ones. The segregation free energy AGI can be calculated by considering 
the maximum intergranular concentration of solute, using equation (3.3) above. If the 
bulk concentration (mole fraction) of solute is relatively small, i. e. much less than 1, 

then equation (3.3) becomes: 
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AGI=RT (X7/X0)1 
1- 

1 
4) (xl/x I (3.4) 

This equation permits AGI to be calculated readily, if all other variable values are 

known(7A). 

In practical situations the times at temperature are much less than that required 

for full segregation and therefore it is important to know the time dependence of the 

segregation. This dependence was first evaluated by McLean(92). When the solute 

concentration in the matrix, X,, is very small, i. e. XIýKl, the concentration at the 

boundary, XIO-, is given as follows, from Equation (3.3): - 

X, exp (- AG, / RT) 

1+X, exp (- A G, / RT) 
(3.5) 

X, *- is the maximum equilibrium segregation concentration at the boundary. This 

equation only considers the 'positional' entropy of the solute atoms. Strictly, the 

vibrational energy should also be taken into account. If there are large differences 

between the sizes of the solute and solvent (matrix) atoms, their segregation to grain- 
boundaries makes the local atomic packing denser, causing a decrease in the vibrational 

entropy of the boundary region. This manifests itself in Equation (3.5) as a constant, 

giving 

= 
ßX, exp (- A G, / RT) 

1- ßXlexp (- AG, / RT) 
(3.6) 

where p is a constant representing the vibrational entropy of the grain-boundary region. 

To incorporate time-dependence, McLean applied Fick's Second Law for diffusion in 

crystals with the flow of solute atoms out of the crystals being matched to the rate of 

accumulation at the boundary. Fick's Second Law is given by the equation 

bc 8 bc ( 
D 

) 

U 6x 6x 
(3.7) 
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where & is the rate of change of concentration at a given point, D is the diffusion 
bt 

coefficient, and hc is the concentration gradient in the x-direction. In conditions where 
ax 

D is constant, this equation becomes: 

bc 62c 

=D- (3.8) 
6X2 

These equations give the rate at which concentration will change at a given point as a 
function of time. By assuming a constant ratio between the grain-boundary 

concentration and that at the face of the grains, or the bulk, adjacent to the boundary, 

McLean derived a time-dependent segregation equation. Solute atoms are assumed to 

segregate to a grain-boundary from two infinite half-crystals of uniform solute content. 
Thus a finite time is required to reach equilibrium, and accumulate a monolayer of solute 

at the boundary. This time is controlled by the diffusivity of the solute in the matrix, 
Ds. 

When the material is quickly cooled from a quenching, or solution treatment, 

temperature Tj to Tj, with Tj > Tj, so that no mass transfer occurs in the sample during 

cooling and then held at temperature Tj, the equilibrium segregation kinetic during 

thermal treatment XIO(t), derived using Equation (3.6), is given by 

e 4)- 1/2 x; (t) - x; (1; ) 4Dt 2(Lýt) 
-m1- exp 22 erfc (3.9) 

X", -(Ti) - X, 1-(1ý. ) a sd eýa �de 

where XIO(t) is the concentration of the solute on the boundary after time t, d. is the 
thickness of the boundary, approx. lnm, and a. is given by 

Xý- 
as =I 

(Tj) 
(3.10) 

with 

e rfc (x) -1-e rflx) =1-2f e(_y 2 )dy 
ý -7u 

0 
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Equation (3.6) above, and subsequent derivations from it, assume p is a constant. This 

is only the case for dilute systems with low segregation levels, making this equation only 

valid up to saturation at the grain-boundaries. 

3.2.2. Guttmann's Model 

According to Guttmann(9-2), Equation (3.2) expresses interfacial segregation in 

a multicomponent system when considering mutual interactions of the involved atoms. 
These expressions actually describe the simplest type of segregation behaviour in a 

multicomponent system, i. e. segregation in a substitutional solid solution with site 

competition. This is the first Guttmann model (no. 1) and can be extended to other, more 

complicated cases. One model (no. 2) involves regular solutions of both substitutional 

and interstitial solutes without competition. Another model (no. 3) involves 

quasimolecular behaviour with competition, taking into account the formation of an 1., Iy 

compound, I and J being different solute atoms. Other models involve quasimolecular 

non-competitive behaviour in two distinct, substitutional and interstitial, sublattices also 

considering the formation of an Ijy compound (model no. 4), and the formation of a two- 

dimensional ternary compound (model no. 5). These models were derived by Guttmann 

and McLean(IQQ). The segregation equations corresponding to the above models (nos. 1- 

5) can be written as follows, assuming a dilute solid solution and neglecting Fowler 

interaction terms, 

LI4 
_AG, -- Xlexp 

RT 
(3.12) 

L mI> 

with 

AG, - AG, 0 - EQ, Ljý (3.13) 

where Lý and Q are generalised terms for interfacial concentration and solute interaction 

respectively. Figure 3.2 gives the meaning of these quantities for the five Guttmann 

models. 
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The equations above involve interactions between different solute atoms. An 

attractive interaction between different solute atoms I and J enhances their tendency to 

grain-boundary segregation. This behaviour is known as co-segregation, seen for P and 

Ni in a W(Ni, Fe) matrix(104). A repulsive interaction decreases the segregation of a 

weaker segregant to such an extent that its depletion can occur, as seen for Si in an Fe- 

Si-P alloy(JQa, j_Q6). In some cases no interaction between solute atoms exists, although 

the weaker segregant can still be removed from the grain-boundary by the stronger 

segregant. The reason for this behaviour is site competition at grain-boundaries, as seen 
for S and N in Fe(M). 

By using reasonable free energies of segregation and values of the alloy-impurity 

coupling, Guttmann's models can show why segregation and embrittlement can be much 
higher in low-alloy steels with nickel, and why de-embrittlement or desegregation occurs 

as the isothermal holding temperature is raised from 5000C to 650OC(IO). 

There have been many improvements to the models of equilibrium segregation 

over the years. A number of these improved models are given in a review by Hoffman 

and Lejýek(9_a). In the following section, non-equilibrium segregation is considered. 

3.3. Non-Equilibrium Segregation 

Most grain-boundary segregation theories assume an equilibrium segregation 
mechanism. However, observations of segregation in some alloys are not satisfactorily 

explained using this mechanism. Here another type of mechanism is considered, that of 

non-equilibrium segregation. After a steel is cooled quickly from higher temperature to 

a lower one, the excess saturation number of vacancies in the steel is very large. This 
is because at higher temperatures more vacancies are generated, which are retained when 
the material is cooled, thereby creating an excess of vacancies. These vacancies 

segregate to the grain-boundaries of the material. By jumping into vacancies, impurity 

atoms can diffuse to grain-boundaries from the grain-centres during the cooling process. 
That is, the mechanism of this segregation is connected with the dragging of solute 

species by a flux of vacancies moving towards the boundary. This segregation behaviour 
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does not reach equilibrium, and is described as non-equilibrium. Non-equilibrium 

segregation theory was established by Aust et al. (102) and Anthony(M). Basically, 

solute atoms are bound to vacancies which are diffusing down the vacancy concentration 

gradient towards the boundary. After a while, a quasi-equilibrium condition is 

established in which the solute-vacancy transport is balanced by the back diffusion of 

unbound solute away from the boundary. A representation of the non-equilibrium 

segregation of solute at a grain-boundary is given in Figure 3.1. (b). 

3.3.1. Theory of Non-Equilibrium Segregation 

The mechanism of non-equilibrium segregation relies on the formation of 

sufficient quantities of vacancy- impurity complexes. Impurity, vacancy and their 

recombined complex are in equilibrium with each other at a certain temperature. When 

a material is properly maintained at a solution-treatment temperature it will, when 

quickly cooled to a certain lower temperature, exhibit a loss of vacancies along grain- 
boundaries, i. e. at vacancy sinks, whereby it attains the equilibrium vacancy 

concentration at the low temperature. The decrease in the vacancy concentration causes 
the dissociation of the complexes into vacancies and impurity atoms. This in turn results 
in a decrease in the complex concentration near the grain-boundary. Meanwhile, in 

regions remote from the grain-boundary, where no other vacancy sinks are present, the 

concentrations of the vacancy and the complex are generally invariant. Consequently, 

a complex concentration gradient appears between the grain-boundary and the regions 
beyond it. The gradient of complex concentration drives the complexes to diffuse to the 

grain-boundary from regions remote from it. This diffusion leads to excess impurity 

atoms concentrating in the vicinity of the grain-boundary and results in non-equilibrium 

grain-boundary segregation. It is evident that the larger the excess saturation level of 

vacancies in the grain centres, the larger the segregation. 

Non-equilibrium grain-boundary segregation can be classified into segregation 

and desegregation(iU, M). When a sample is quickly cooled from a higher quenching 
temperature to a certain lower one and then held at this lower temperature, there is a 

critical hold time for which the non-equilibrium segregation level will be a maximum. 

36 



If the holding time of the sample is shorter than the critical time, the segregation of the 

complexes from the grain centres to the grain-boundary will be dominant and the process 

is called a segregation process; if the holding time is longer than the critical time, the 

process in which the diffusion of the impurity atoms from the boundary to the centres 

is dominant will also occur, called a desegregation process. 

When a sample is cooled quickly to a lower temperature, T, from a higher 

quenching one, T., and then maintained at this lower temperature, the maximum 

concentration of non-equilibrium grain-boundary segregation induced during holding at 
this lower temperature, Xý-(T), is given by the equation(JU) 

-E -E XIým(7). X 
Eb Eý Eb7 ý 

I exp (3.14) 
E; KTO KT 

where X, is the concentration of the impurity within the grain, Efv is the energy of 

vacancy formation, K the Boltzmann constant, and Eb the VaCancy-impurity atom binding 

energy, which is about 0.36eV for P in a y-Fe matrix(IJA). 

It is obvious that the maximum concentration Xj*mM only depends on the 
difference between T. and T, being independent of the rate of cooling from T,, to T and 
the holding time at T. When the sample is quickly cooled from a quenching, or 

solution-treatment, temperature Tj to temperature Ti, where Ti>Tj, so that no mass 
transfer occurs in the sample during cooling and subsequently held at temperature Tj, the 

non-equilibrium segregation kinetics, XIO(t), derived using Equation (3.14), are given 
by the equation(ill) 

X� m(Ti) 
exp 

4Dj 2(Dt)1/2 
-e rfc 

-d a 2d. 2 
J, n 

(3.15) 

where Dc is the difftision coefficient of complexes in the matrix, t is the holding time at 

temperature Tj, d. is the width of the concentrated layer of impurities, Xl*m(Tj) is the 

maximum segregation level at Ti, i. e. the grain-boundary segregant concentration at the 

holding time t=O at temperature Tj, and aj=Xým(Tj)/Xj. It is assumed here that D, is 
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given by the product of the frequency factor for vacancy diffusion and the exponential 
term containing the average value of vacancy movement energy and impurity diffusion 

activation energy in the matrix. Equation (3.15) describes non-equilibrium segregation 

when the segregation process of the complexes to the grain-boundary from the grain- 

centres is dominant. We can use this equation to predict non-equilibrium segregation 
levels at grain-boundaries. 

At a given temperature when the critical time, ý, mentioned above, is longer than 
the effective time of impurity diffusion corresponding to the cooling process, t,, the 

process in which the segregation is dominant occurs alone; whereas when t' is shorter 

than ý, the process in which desegregation is dominant also appears. This critical time, 

t., is given by the equation(IIA, 115) 

tc =B 
21n(D. ID) 

(3.16) 
4'(Dc7Di) 

where 8 is a numerical factor and B is the grain size. 

When the effective time is longer than the critical time at temperature Tj, the 

process in which desegregation is dominant will occur. The segregation level of 
impurities at grain-boundaries in this case, Xl*(t), is given by the equation(JU) 

e(t)=X [X, 4(t)-XII erf 
d. /2 

-eý 
-d. /2 

e112 x; 
[4D (t-t)i 1/2 

)f 
[4Di(t-t, )] 1/2 

(3.17) 

where t is the isothermal holding time at temperature Tj, tý=t, 
-(Tj), and Di is the diffusion 

coefficient of impurity atoms in the matrix. Equation (3.17) is only concerned with 
desegregation, making the condition t>t, necessary here. Equation (3.16) is only 

suitable for a high temperature range in which the maximum equilibrium segregation 

level is very small At lower t' emperatures, since the maximum 

equilibrium segregation level, X, O-, is larger, the process in which desegregation is 

dominant may be able to take place when the segregation concentration is larger than 
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Xj*-. Consequently during tempering of steels, the process in which desegregation is 

dominant cannot occur before the segregation level to grain-boundaries reaches the 

maximum equilibrium segregation value, Xi*-. The above treatment has been used to 

explain more complex segregation behaviour in materials(M). 

Another important segregation mechanism during this study was that of hydrogen 

(during the hydrogen-charging process) to grain-boundaries. This mechanism is 

mentioned briefly in the next section. 

Hydrogen can segregate to regions of high disorder, such as grain-boundaries, 
by diffusion through the lattice. However, it has been concluded that bulk diffusion 

alone was too slow to account for some of the observed cracking attributed to hydrogen 

embrittlement(l1a). To account for these observations, the mechanism of hydrogen 

movement with dislocations, in the form of Cottrell atmospheres, was proposed by 

Bastien and Azou(112--M). This movement can occur considerably faster than bulk 

diffusion(122), because the association of hydrogen with the dislocation causes directed 

rather than random movement of hydrogen, often toward dislocation sinks (such as 

grain-boundaries) in the material. In this way, hydrogen can be transported in the 

material to grain-boundaries and cause embrittlement. 
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Figure 3.1. (a) Representation of Equilibrium Segregation M) 
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Figure 3.2. Parameters for the Individual Guttmann Models of Grain-Boundary 
SegregatiOn in Multicomponent Alloys(22) 
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Table 3.1. Table of Selected Values of Trapping ParametQrs for Hydrogen-TIQ 
Interaction in a-fron. (9-7) 

Trap EB, kJ/mol NTI M-3 

Interstitial solutes (N, C) -3-15 lo25 

Si atom >20 lo27 

Ti atom 26 lo27 

Vacancy 46 <1 o23 

Y-vacancy 126 -1o23 

i Elastic stress field 20 lo19-lo26 

i Core (screw) 20-30 lo19-lo26 

i Core (mixed) 59 1o19-lo26 

', ýH2 (vapour/void) 29 - 
Grain boundary -59 1019-1023 

Free surface 70-95 lo2l 

AlN interface 65 10-lo25 

Fe3C interf ace 84 lo24-lo25 

TiC interface 96 lo24-lo25 
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CHAPTER FOUR 

NUTERIALS AND EXPERIMENTAL PROCEDURE 

1. Introduction 

As mentioned previously, the objective of this study was to characterise alloy 690 

in tenns of both its microstructure and grain-boundary chemistry, which resulted from 

a range of different heat-treatments. Determination of grain-boundary chemistry 
involved studying the segregation of different elements to the grain-boundaries and 

examining the precipitates found there. 

To enable such a characterisation to be made, a combination of analytical 

techniques has been used. To study the grain-boundary segregation of different 

elements, mainly AES was used. This technique was coupled with the UHV fracture of 

samples to expose grain-boundary facets for AES analysis. The precipitates in the 

material, both intergranular and intragranular, were investigated using TEM (employing 

diffraction patterns and EDX/EELS analysis). Chemical etching was used to examine 

the general microsctructure and, in particular, the grain-size of the material, resulting 
from various heat-treatments. A detailed examination of the surface of fractured 

samples, after AES analysis, was performed using the technique of SEM. Also 

performed were standard Huey and ferric sulphate/sulphuric acid corrosion tests, to 
determine the corrosion resistance of the different alloys used during this study. 

In order to separate the grain-boundary segregation process from the precipitation 

reactions, which is difficult, and to exacerbate the effect of individual species, such as 

phosphorus, boron, sulphur and carbon, on these two phenomena, a number of 

experimental alloys of the 690 material type were prepared, which are mentioned below. 

In this chapter, the experimental approach and conditions are described. 
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4.2. Materials 

Four different alloy 690 casts were used during this study. One alloy was doped 

with phosphorus, one was doped with sulphur and another was doped with boron. The 

final alloy was a base material, having low levels of sulphur, boron and phosphorus, 

which was used as a reference material to help understanding of the effects of the three 

segregants on grain-boundary chemistry and microstructure. The compositions of each 

of these four experimental alloys is given in Table 4. L, together with the Sizewell B 

commercial alloy specification (within which the compositions of the experimental alloys 
lie). The casts examined here weighed around 20kg each, and were produced in the 

form of bars, having a diameter of around 20mm. Each alloy melt was cast at around 
14300C. The cooling of the casts to room temperature took 20 hours in the evacuated 
furnace chamber, thereby allowing carbide to form in the material (both intergranularly 

and intragranularly). All of the alloys were melted and cast in a Balzer VSG 50 vacuum 
furnace. The alloy casts were then machined and heat-treated appropriately for each 
different investigation undertaken during this study. 

The heat-treatments of the four experimental alloys fractured under UHV 

conditions and examined by AES are given in Table 4.2. The high phosphorus material 

samples were used chiefly to study phosphorus segregation, the high boron samples were 

used to examine boron segregation, the high sulphur samples were used to study sulphur 

segregation and sulphide composition, and the base alloy was used to compare with 

results obtained from the other alloys. The range of high temperatures employed to 

anneal the samples, as compared to that used for the commercial material (as given in 

Chapter One), was necessary to allow the behaviour of boron, phosphorus and sulphur 
in alloy 690 to be thoroughly investigated. Some samples were air-cooled rather than 

water-quenched to observe differences in segregation levels and carbide formation 

during cooling. The AES fracture samples were also used to help determine carbon 

solubility, alongside other techniques, in each of the high sulphur, high phosphorus and 
base alloys. 

Table 4.3. gives the different heat-treatments applied to the alloys studied by 

TEM/STEM. These heat-treatments were chosen to aid determination of carbon 
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solubility (alongside other techniques), carbide morphology, grain-boundary distribution 

and composition, as well as the compositions of inclusions and non-carbide particles 
(both intergranular and intragranular) in these alloys. 

Table 4.4. details the various heat-treatments of the alloys that were chemically- 

etched. These particular treatments were chosen to help determine carbon solubility in 

the alloys examined here, as well as to provide a fairly wide annealing temperature 

range to study changes in grain-size. 

The heat-treatments used for the corrosion tests are given in Table 4.5., and were 

chosen to provide reasonably similar grain-sizes in all of the samples studied (as 

determined by chemical etching), to minimise the effect of grain-loss differences 

between samples, and to coincide with samples studied by TEM (to determine carbide 

morphology, distribution, etc. ). 

4.3. Experimental Techniques 

4.3.1. Auger Electron SpectroscQpy 

AES analysis was carried out using two different Auger spectrometers. These 

were JEOL JAMP-30 and PHI-595 Auger spectrometers, which both use LaB6cathodes 

as electron sources. The JEOL JAMP-30 is equipped with both a cylindrical mirror 

analyser (CMA) and a concentric hemispherical analyser (CHA), whereas the PHI-595 

only employs a CMA. The JEOL JAMP-30 was operated at an electron energy of 
10keV and the PHI-595 employed electron energies of ReV and ReV, the latter energy 
being used for high spatial resolution Auger analysis. Analysis was carried out using 

a beam current of - 80nA. Both Auger microscopes had Argon-ion guns. 

The two spectrometers also had fracture stages attached to them, and were 

capable of the impact, or tensile, fracture of samples in-situ under UHV conditions. 
AES analysis following UHV fracture of samples was an important technique used 
during this study. The type of samples studied using the technique of AES were mainly 
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UHV fracture samples, with analysis being performed on the freshly-exposed grain- 

boundary facets on the surface of newly-created fractures. UHV fracture in situ in an 

AES spectrometer, preferentially inside the main chamber of the instrument, avoids the 

problem of contamination of the fracture surface that occurs upon exposure to air. As 

a general rule, if every atom that hits the surface sticks to it, then at IO'Pa one 

monolayer will be deposited in one second, forming a contamination layer. If this were 

to continue, the fracture surface may become altered to such an extent that almost all of 

the information at the grain-boundaries is lost. Analysis of such a surface would then 

fail to reveal the original surface composition. To minimise contamination of the 

surface after the sample has been fractured, base pressures in the 10-'-IO'Pa range are 

used. During this study, fracture and AES analysis were performed with a background 

pressure of less than 10'Pa. 

A number of materials, including most austenitic stainless steels and nickel-based 

alloys (such as alloy 690), are ductile at low temperatures, making it extremely difficult 

to fracture them intergranularly. To overcome this, it is necessary to weaken the grain- 
boundaries. This was necessary here and was done using the method of hydrogen- 

charging, to embrittle the material. Many methods of hydrogen-charging are possible, 
including heating to a high temperature in a hydrogen atmosphere, electrolysis in molten 

salts at several hundred degrees centigrade or electrolysis in dilute acids at less than 
1000C. Since the main focus of these fracture experiments was to study the segregation 

of chemical elements within the alloy, it was extremely important to minimise the chance 

of grain-boundary modification during the embrittlement process. Therefore, the 

reaction temperatures were kept as low as possible, with the electrolysis in dilute acids 

method being employed during this study. 

Hydrogen-charging is affected by a number of factors, chiefly current density, 

temperature, time, solution pH, hydrogen poisons, and the metal surface 

state/chemistry. The charging conditions used during this study are detailed here. The 

charging solution consisted of 0.5N H, S04, made up from Analar reagent grade 

sulphuric acid and high-purity de-ionised water. The advantage of using sulphuric acid 
is that the solution pH remains appreciably constant - it is the water that is consumed, 

and not the acid, during electrolysis. A small amount, here 0.5g/litre, of NaAsO. 

46 



(sodium arsenite) was added to the charging solution, to act as a poison and thereby 

prevent hydrogen recombination. A charging current density of 70mA/cm' was applied 

to the solution, with the surface area of the sample being calculated from its technical 

specifications. High-purity platinum electrodes were used, with the sample being held 

by a platinum wire during charging. The acid charging solution was maintained at a 

temperature of 80'C during charging. This temperature was chosen, instead of room 

temperature, because the diffusion coefficient of hydrogen is much greater at 80'C than 

at room temperature. Therefore, less time would be required for hydrogen to diffuse 

to the grain-boundaries, thereby reducing the charging time required to achieve 

embrittlement of the boundaries. This is the reason elevated temperatures are used 
during cathodic hydrogen-charging in dilute acid solutions. The difference in hydrogen 

diffusion coefficients at room temperature and at 80'C are highlighted in values obtained 
for alloy 600, where D,, (room temperature) -4xlO-"cm'/s(125-) and D,, (800C) 

- 1.4x1O79cm2/s(j2_6), showing that D,, (80'C) - 35 D,, (room temperature). The above 

conditions were used for all of the samples hydrogen-charged during this work - only 

the charging times varied between samples, ranging from 6 to 14 days. The times used 
for the different samples studied here are given in Table 4.6. 

The above hydrogen-charging conditions ere adaptations of those used previously 
by other authors to hydrogen-charge alloy 690(. L27), with the actual values used, in 

particular charging times, being determined by trial and error to give conditions that 

gave a reasonable amount of intergranular fracture (> 10 grain-boundary facets on the 
fracture surface) for each particular heat-treatment of each material. 

All fracture samples were sealed under vacuum (< 10'Pa) in quartz tubes during 

annealing/ageing treatments, to minimise the oxidation of the sample surface. The oxide 
layer on the surface of the fracture specimens hampers the diffusion of hydrogen into 

them, so a fairly thick oxide layer would require a much longer charging time, and 

could hinder the diffusion of hydrogen to the extent that little embrittlement of the 

sample occurs during charging. Therefore, it is best to reduce the oxidation of the 

sample surface during heat-treatment to as thin an oxide layer as possible. Note that the 

fracture samples were machined into the correct specifications for each different fracture 

stage prior to being sealed in quartz. Before being immersed in the charging solution, 
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the samples were cleaned in acetone in an ultrasonic bath to remove grease and dirt 

(which would also hamper diffusion of hydrogen into the material), then rinsed in high- 

purity de-ionised water (to remove the acetone). 

After the samples had been hydrogen-charged, they were cleaned by washing 
first in acetone, and then in isopropanol, and dried. The samples were then placed in 

suitable holders and put into the appropriate Auger microscope, where they were placed 
in thejaws of a tensile fracture stage and fractured at room temperature. The samples 

examined here were fractured shortly after hydrogen-charging to prevent the hydrogen 

significantly diffusing away in the time between charging and fracture. Tensile fracture 

was used because slow-straining of the specimen allows hydrogen to diffuse to the region 

ahead of the crack-tip during propagation and prevent the occurrence of ductile 

deformation (and ductile fracture). Such pulling produces a significant proportion of 
intergranular fracture. At higher strain-rates, hydrogen has insufficient time to diffuse 

to the crack-tip, creating a ductile fracture surface. A typical tensile fracture stage is 

given in Figure 4.1. The strain-rate used for all tensile fractures performed during this 

study was 0.0014 mm/s. 

Once the sample had been placed in the tensile fracture stage inside the 

spectrometer and fractured, creating two halves that displayed grain-boundary facets, 

one half was then moved into the analysis position of the spectrometer. The other half 

of the fractured sample fell into a well underneath the fracture stage and could not be 

analysed. The exposed grain-boundary facets on the fracture-half in the analysis position 

were then analysed, yielding information about the elements present at the grain- 
boundaries in the sample. 

When analysing grain-boundary facets using the AES fracture method, a number 

of factors needed to be taken into account. One factor was the difference in total 

electron currents detected from grain-boundary facets that are oriented differently with 
the detector (CMA/CHA). These angular variations between different facets and the 
detector alter the signal-to-noise ratio of the detected. signal, with the ratio getting lower 

as the angular difference between the detector and the normal to the facet surface 
increases. 
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It has been noted that no significant variations in the peak height ratios between 

different elements in the Auger spectra, from facets at different orientations to the 

detector, occurred for angles up to 45' between the normal to the facet and the 

detector(M). This means that calculations of the compositions (in wt% or at%) of 
facets having normals within 45' angular variation with the detector, based on relative, 

normalised peak heights, would not be affected by these angular deviations. During this 

study, all of the grain-boundary facets analysed had normals that were approximately 
450 or less to the detector, making the effect of orientation between facets and detector 

on measured facet compositions negligible. Therefore, the variations in the 

compositions of the facets, and hence the levels of segregation at the grain-boundaries, 
determined during this study are genuine, and are not due to the different orientations 

of the facets analysed. In the JAMP-30 Auger spectrometer it was possible to tilt the 

sample, thereby allowing more facets to be analysed by lowering the angle of their 

normals with the detector to less than 45'. 

Another factor that needs to be taken into account when analysing grain-boundary 
facets by AES is the contamination of the fracture surface during analysis. As 

mentioned previously, the contamination on the fracture surface can build up to the 

extent that almost all of the information on the facets is lost, making analysis of the 
facets to determine the composition of the original grain-boundaries impossible. Under 

the UHV conditions (< 10-'Pa) used during AES analysis (and fracture), build-up of 

contamination to significant levels occurs over a relatively long period of time (several 

hours). Once the sample had been fractured, analysis was completed within 2-3 hours, 

after which the sample surface was considered to be too contaminated to provide 

accurate information on the original grain-boundary composition. 

A minimum of 10 grain-boundary facets were analysed per heat-treatment of 

each different alloy studied during this work, allowing a reasonable statistical average 

of the segregation level to be made at each different heat-treatment. Analysis of grain- 
boundary facets was performed using area scans on the individual facets, of suitable size 

as to miss any inclusions on the facets - the detection of which would alter the measured 

composition of the facet. AES point analysis was used to examine the particles on the 

exposed facets, to minimise the signal obtained from the facet area around the particles. 
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Some ion-beam etching of the exposed grain-boundary facets and particles on the 

facets was performed on the JAMP-30 Auger microscope. This was possible because 

this instrument had an ion-gun attached to it in an orientation suitable for etching facets 

on a fracture surface between analyses, whereas the PHI-595 did not. 

A series of ion-beam etching-and-analysis sequences were performed. The etch- 

rate applied was around 30A/minute. However, this etch-rate depended on the 

orientation of the facet to the ion-gun. The ion-gun etched a large number of facets 

simultaneously, so different facets, having different orientations to the ion-gun, were 

etched at different rates. Therefore, when looking at the results from the ion-beam 

etching studies, it was more meaningful to consider the variation of the composition 
found on a facet, or particle, with etching time, rather than depth, since the latter was 
known only roughly. The etching experiments were stopped when a sufficient total ion- 

beam etching time, and therefore depth, had passed for the analysis to be safely 

considered as coming from deep enough inside the particle to given an accurate 

composition of the particle, or from far away enough from the original grain-boundary 
facet surface to be outside the grain-boundary region, depending on which criterion was 

appropriate. 

AES is a semi-quantitative technique, meaning that data acquired from analysis 

of grain-boundary facets and particles can be converted to give the relative 

concentrations of the different elements found on the facets, or in the particles with 

reasonable accuracy. The procedure for doing this is given in the following section. 

4.3.1.1. Quantitative AES Analysis 

Generally, the use of elemental standards has the most widespread use for the 

conversion of relative Auger electron peak intensities into relative surface elemental 

compositions. Here the intensity of an Auger transition is related to an Auger transition 
from a reference standard examined under the same experimental conditions(M). 
PaImberg et al. (M) have published Auger spectra from most elements. The sensitivity 
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factors can be used in practice to convert experimental relative peak intensities into 

relative atomic concentrations by applying the equation: 

Ci = (li/Si)/Y, (Ii/Si) (4.1. ) 

where Ci is the relative concentration of element i, 11 is its corresponding peak intensity, 

and Si its sensitivity factor. The above method assumes the specimen has a 
homogeneous surface, which is frequently not the case. The values of relative 

concentrations (in terms of atomic, or weight, per cents) determined using Equation 4.1. 

are accurate to around ± 10 % of the values calculated. 

It is well known that the electron-optical transmission function of electron 

spectrometers is dependent on kinetic energy(j3l), which will affect the correction 
factors, or sensitivity factors, for elements differently, which needs to be taken into 

account when determining sensitivity factors on different spectrometers. 

For the work undertaken in this thesis, Equation 4.1. was used to quantify the 
AES results. To obtain accurate data, a proper calibration of the sensitivity of the Auger 

systems used here has been performed. The results of this calibration are given in Table 

4.7. Quantification was performed on the differentiated Auger spectra, using peak 
heights that had been normalised by dividing by the height of the peak of the main 

element present (in this case, nickel). 

For quantitative studies of segregation to grain-boundaries, which was an integral 

part of this investigation, there is a need to be certain that the Auger signal comes, fairly 

entirely, from the layer of segregation (i. e. the grain-boundary region). Electrons 

corresponding to the low kinetic energy Auger peaks, 50 to NOW, have lower escape 
depths, 1 to 2nm, than those at high kinetic energies, 700 to 10OOeV, where escape 
depths tend to be nearer 5nm. Most segregants have their main Auger transitions lying 

in the lower kinetic energy range, thereby having a signal coming from a depth of 1 to 
2nm. When studying segregation levels on exposed grain-boundary facets, this small 

sampling depth lies within the grain-boundary region. So, any signal from typical 

segregating elements can be attributed to their segregation to the grain-boundary. Even 
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for elements with the main Auger transitions at higher energies, such as carbon, nitrogen 

and titanium, the Auger electron escape depths are small enough to restrict their 

detection to the grain-boundary surface. The small depth of analysis for these elements 

allows quantitative work to be performed on grain-boundary facets, yielding segregation 
levels of different elements. To determine the levels of segregation of an element on the 

grain-boundaries in a particular material after a specific heat-treatment, the 

concentrations determined for the element on the grain-boundary facets were multiplied 
by a factor of two. This was done because fracturing the sample produces two halves, 

and it was assumed that an equal division in segregation, i. e. of segregated species, 
between the two facets formed from fracture along each of the original grain-boundaries 

occurred. Such a division has been confirmed, making this assumption valid(M). 

4.3.2. Transmission Electron Micros=y/Scanning, Transmission Electron Microscopy 

During this course of this study, two systems have been used. The one that was 

used for the vast proportion of the work was a Philips 430 TEM, equipped with a LINK 

AN10000 EDX system and a GATAN 607 serial EELS detector. The other system used 

was a VG FEG STEM HB501, which had a LINK ANIOOOO EDX detector attached to 

it, together with an IBM-compatible computer to process the data from the detector. 

The VG FEG STEM HB501 had a field-emission source and was operated at an 

accelerating voltage of 1OOkV, whereas the Philips 430 TEM had a tungsten filament 

source and was operated at an accelerating voltage of 250kV. Both systems had cold 
fingers fitted to them, to reduce contamination of the specimen during analysis. 

TEM was used to determine the composition and type of the various particles and 

the carbides in the alloy 690 materials examined during this study. To do this, 

diffraction pattern work was used, coupled with EDX analysis to determine the elements 

present in the particles. Some EELS analysis of the particle compositions was 

performed, where appropriate, to determine the presence of elements not readily 
detectable by EDX (such as nitrogen). TEM was also used to aid determination of 

carbon solubility in the alloy 690 materials examined during this study. STEM was 

52 



employed to obtain chromium depletion profiles across grain-boundaries in various, 

suitably heat-treated alloy 690 samples, to help interpret corrosion test results. 

The types of specimens examined in a conventional transmission electron 
instrument are usually either extraction replicas or thin foils(132-IL4). During the 

course of this study only thin foils were used for examination by TEM/STEM. 

Specimens were prepared using the popular method of electrothinning. This involved 

jetting an electrolyte onto a prepared 3mm diameter disc of the material to be studied 
that has been ground down to between 80 and 1501Arn thickness using conventional 

grinding techniques, such as abrasive papers. A voltage was applied between the 

sample and the jet of electrolyte, producing a current through the electrolyte and the 

sample. Suitable voltages and currents give rise to polishing of the sample, in 

preference to etching or pitting, as shown in Figure 4.2. The jet was centred on the 

middle of the sample, preferentially polishing and thinning it. A suitable flow-rate 

permitted the thinning to be gradual. Eventually, a small hole formed in the sample. 
At this point the sample was removed and cleaned thoroughly in methanol several times, 

and dried. With suitable polishing conditions, the area around the hole should be thin 

enough to be electron transparent when studied in a TEM. The conditions used during 

this study, to make TEM foils, were as follows: an electrolyte composed of 5% 

perchloric acid and 95% methanol; a voltage of 25V; a current between 75 and 85mA; 

an electrolyte operating temperature of -50'C; and a flow rate of 25cm, /s through the 

nozzle that produces the jet of electrolyte. Such conditions produced suitable foils for 

investigation. To obtain the roils, an automatic electrolytic thinning system, based on 
the above thinning methods, was used, incorporating a light detection system which 
indicated when penetration of the foil had occurred, and then stopped the thinning 

process. 

After the foils had been thinned, and cleaned and dried, they were placed in a 
double tilt holder with a beryllium cup and placed in the TEM/STEM machine and 

analysed. A thin foil was deemed good if it had an electron transparent region around 
the hole that was > 100itm wide and contained three or more grain-boundaries (not 

including twin boundaries). A minimum of five good foils, sometimes nearer ten, were 

studied for each heat-treatment of each different material. The grain-boundaries 
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examined by FEM STEM to produce grain-boundary profiles had to be parallel to the 

incident electron beam, to allow an accurate determination of the width of the 

segregation and/or depletion of elements at the boundaries. Therefore, a greater number 

of foils had to be made for FEG STEM investigation, as opposed to TEM analysis, so 

that there was a reasonable chance that there would be several grain-boundaries parallel 

to the electron beam to analyse per heat-treatment - to give a reasonable statistical spread 

to the results. The grain-boundary profiles wee taken across boundary regions in 

between carbides. When the thin foils were not in a microscope being examined, they 

were stored in an evacuated desiccator that contained anhydrous copper sulphate 

crystals, to minimise contamination of the foils (particularly from water vapour in the 

air). 

The advantage of FEG STEM for grain-boundary profiling is the small electron 

beam spotsize produced by the field-emission source, which is approximately 2nm, as 

compared to the spotsize created by other sources in other STEM machines. This 

spotsize allows a much smaller area of the sample to be analysed, thereby providing a 

more accurate measure of the minimum in the chromium depletion profile across a 

grain-boundary. The width of the chromium-depleted zone is also more accurately 

determined, and defined, using FEG STEM profiling of the grain-boundary. Both the 

minimum chromium level at the boundary and the width of the chromium-depletion zone 

are important when considering the degree of sensitisation of the grain-boundary in 

question. Therefore, using FEG STEM profiling, the degree of sensitisation of the 

grain-boundaries in a material can be determined with a greater accuracy than by using 

STEM profiling on machines without field-emission sources. 

When measuring levels of segregation at grain-boundaries using EDX on a 

STEM, or TEM, instrument, the broadening of the beam as it passes through the sample 

has to be considered. The effect of beam broadening affects the accuracy of the X-ray 

spectrum produced at a point on the sample. This is particularly the case when 

analysing grain-boundaries edge on in a TEM/STEM machine, since any X-rays detected 

from the matrix next to the boundary will be coupled with those from the grain- 

boundary, thereby making quantification of spectra obtained to yield segregation levels 

difficult. The grain-boundaries need to be oriented edge on (parallel to the electron 
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beam) for STEM/TEM analysis to accurately determine the width of the segregation 

and/or depletion of elements at the boundaries. Any other orientation of the grain- 

boundary with respect to the incident beam would result in a greater detected width of 

segregation/depletion, thereby invalidating the results obtained. A model of analysing 

grain-boundary segregation is illustrated in Figure 4.3. (135). The segregated element 

is assumed to be concentrated to a layer with thickness 8 at the grain-boundary (element 

segregation to grain-boundaries is generally very localised at the boundary). 

The interaction volume of the incident electron beam with the specimen depends 

on parameters like accelerating voltage, incident probe size, atomic number, density and 

specimen thickness (136). In modem machines the X-ray spatial resolution is only really 
limited by beam broadening in the sample. The electron beam interaction volume can 
be assumed to be a cylinder, as shown in Figure 4.3., having a diameter D=b+d. 

This cylinder is assumed to contain 90% of the scattered electrons, and therefore 90% 

of the X-ray events, as shown in Figure 4.4. The specimen thickness is t. If C. is the 

measured concentration on the grain-boundary of an element, Cr'13 is the concentration 

of this element in the grain-boundary layer with thickness 6, and DMTX is the bulk 

concentration of the element, then mass balance in the interaction volume requires 

thatUR) 

C. (7c. D'. t)/4 = COB(D. t. 6. ) = CMTXI(n. D'. t. )/4 - (D. t. 8)] 

This equation has, however, two unknown variables: the segregated layer thickness 8, 

which has to be assumed, and the diameter of the interaction volume D which can be 

calculated if the incident beam size and the specimen thickness are known. The value 

of 8 can be assumed, often taken as 1nm, allowing the value of CGB to be found for an 

element, since D can be determined using the equation for the beam-broadening 

parameter containing 90% of the X-ray events, which is given as 

b=6.25.10'. Z/E. (p/A)' . 
e12 

nm (4.3. ) 
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Since D=b+d, knowing the value of the incident beam size, d, allows D to be found. 

In this way, the actual grain-boundary concentration can be determined, taking into 

account the important factor of beam broadening. 

The quantification of EDX spectra obtained from points along a STEM profile, 

or from a point on the grain-boundary, is required if the concentrations of different 

elements are needed, to show variations in atomic per cent along the profile, or levels 

of segregation at the grain-boundary. The method of quantification is outlined in the 

next section. 

4.3.2.1. Quantitative EDX Analysis 

In the techniques of TEM/STEM, specimens used are sufficiently thin to allow 

electron transmission. Under these conditions few of the electrons are backscattered 

and, indeed, they lose only a small proportion of their energy within the specimen. 
Considerations based on these assumptions led to the proposal that quantitative analysis 

should be undertaken based upon the intensity ratio of two elements in the foil measured 

simultaneously and related directly to the mass concentration ratio. This is the Cliff- 

Lorimer method(138), whereby the ratio of two characteristic X-ray intensities, 'A/119, 

are related to the corresponding weight fraction ratio, XA'XB, by 

XA 1 XB= KAB 'Al 1B 

with 
KAB 

= KA / KB 

(4.4. ) 

(4.5. ) 

where KAB, KA and KB are constants at a given accelerating voltage which are 
independent of both specimen thickness and composition. A normalisation procedure, 
ZX13 = 1, is used to convert the weight fractions into weight ratios. Further equations 

similar to the above account for the intensity ratio of any other elements giving rise to 

detected peaks, so that the approach can be extended to multi-component systems. To 

determine KAB, KAand KB values for metals, iron alloy standards are used (141), which 

are relatively easy to obtain. In this treatment, the thin specimen criterion neglects the 
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effects of X-ray absorption and fluorescence, although this is not always possible. In 

alloys, the proportionality constants KAB, KAand KBare often evaluated by measuring 

the matrix composition far from any interface and by comparing the obtained valued to 

the known bulk composition of the material. The total error assigned to the 

concentrations of different elements determined using the above quantification method, 
from the analysis undertaken during this study, was ±5%. 

4.3.3. Corrosion Testine 

In this section mention will be made of the standard tests used to investigate the 

corrosion properties of alloy 690. The tests are described in greater detail in the 

American Society for Testing and Materials (ASTM) Annual Book of 

Standards(139, L4-0). Three separate tests were performed and are mentioned below, 

along with the experimental methods used. 

(i) Nitric Acid. or Huey. Test(139-) 

This test was performed to detect susceptibility to intergranular attack of alloy 
690. It is generally used to determine the susceptibility to IGA associated with the 

precipitation of chromium carbides in austenitic stainless steels. It is quite a simple test 

of IGA resistance, which is why it was used here. In this test, samples were boiled in 

nitric acid solution, having the composition 108ml of distilled water per litre of 

concentrated reagent grade nitric acid. The samples were boiled for five consecutive 

periods of 48 hours, being weighed before each period and at the end of the experiment. 
A fresh solution was used for each 48 hour period. The weight losses were recorded 

and compared for the different samples. 

The presence or absence of intergranular attack in this test is not necessarily a 

measure of the performance of the material in other corrosive environments; in 

particular, it does not provide a basis for predicting resistance to forms of corrosion 

other than intergranular, such as general corrosion, pitting, or SCC. Boiling of the 
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samples was performed in 1 litre Erlenmeyer flasks equipped with a cold-finger type 

condenser. Each sample was placed in a flask and remained immersed in the solution 
throughout the experiment. Specimens were supported loosely in glass spiral cages 
during testing, such that the acid solution was in contact with all sides of the sample at 

all times. A hot-plate was used to heat up the solution and keep it boiling. During 

heating of the solution, cold water was passed through the condenser. The samples were 

weighed on an analytical balance that was capable of weighing to the nearest 0.0001g 

accurately. Prior to weighing after each test period, the samples were rinsed with water 

and brushed with a toothbrush whilst under running water, to remove any adhering 

corrosion products. The samples were then cleaned in acetone in an ultrasonic bath. 

The samples were then dried and weighed. 

The samples had 10mm x 10mm x 5mm dimensions, to within 0.05mm accuracy. 
After heat-treating, the samples were polished, on all surfaces, on 120 grit paper, to 

remove the oxide layer formed during heat-treatment and provide a standard finish to 

the surfaces. 

(ii) Ferric Sulphate - Sull2huric Acid Test(M) 

This test was also performed to detect the susceptibility to intergranular attack 

similar to the Huey test, except that it is often used on unstabilised austenitic stainless 

steels not containing molybdenum, instead of the Huey test. In this test, samples were 
boiled in a solution of ferric sulphate and sulphuric acid, of composition 400ml distilled 

water, 236ml of reagent grade sulphuric acid and 25g of reagent grade ferric sulphate. 
The samples were boiled for a period of 120 hours, the samples being weighed both 

before and after the test. 

As for the Huey test, 1 litre Erlenmeyer flasks were used to boil the samples. 
Here they were equipped with four-bulb Allihn condensers which were about 330mm 

long. The specimens were again supported in the test solution in glass spiral cages. The 

same heating and weighing methods were used as given above for the Huey tests. After 

the test period was over, the specimens were removed and rinsed in water and then 
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acetone, and dried before being weighed. The samples had dimensions of 20mm x 
20mm. x 10mm, to within 0.05mm accuracy. After heat-treating, the samples were 

polished in an identical fashion to the Huey test specimens. 

(iii) Modified Ferric S lphate - Sulphuric Acid Test(JAQ) 

This test was identical to test (ii) above, except that the boiling period was 24 

hours rather than 120 hours. This test is normally performed on samples that are 

attacked too severely by the standard ferric sulphate - sulphuric acid test. 

All these tests were standard corrosion tests, and were complemented here by 

observation of the corroded samples by light microscopy, to reveal the extent and depth 

of attack by the solutions. To do this, a section was cut through each of the samples and 

these freshly-exposed surfaces were polished down to a 11im. finish, using abrasive 

papers and diamond paste/polishing mats. 

The above corrosion tests were performed to investigate any effects on IGA 

corrosion rate of phosphorus and sulphur levels in alloy 690 - in particular phosphorus 

segregated to grain-boundaries, and sulphide particles in the bulk and on grain- 
boundaries. This was done by examining annealed-only and annealed and aged samples 

of the high phosphorus, high sulphur and base alloy materials, the latter being used as 

a reference standard. The heat-treatments used during this study were mentioned 

earlier. The ferric sulphate-sulphuric acid test was performed hopefully to yield an 
increase in the level of corrosion observed in the Huey test samples. The modified 
ferric sulphate-sulphuric acid test was used to produce a smaller amount of corrosion 
than the severe amount given by the unmodified test. 

4.3.4. Chemical Etchin 

Ilis was used to study carbon solubility and grain-size in alloy 690. Chemically 

etching specimens preferentially removes material, depending upon the orientation 
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and/or the composition of the specific phases, to reveal microstructural features. Two 

different etches were used in this study: - 

(i) Oxalic Acid Etch 

This test was performed to reveal general microstructure, by preferentially 

etching/dissolving the grain-boundaries of specimens. This is an electrochemical etch, 

conducted in an electrolytic cell. The sample to be studied was immersed in an oxalic 

acid solution, comprising lOg of reagent grade oxalic acid in 90ml of distilled water. 
The sample was put in contact with a platinum cathode, and a platinum anode was 
immersed into the etching solution. A voltage of 4V was applied across the electrodes 
for 20 seconds. These conditions ensured that etching, not polishing or pitting, 

occurred. The specimens were then observed by optical microscopy. 

The samples themselves were rectangular, being 10mm wide, 15mm long and 

5mm deep. One of the 10mm x 15mm surfaces was polished to a 1jum finish, by 

mounting it in conductive resin (containing carbon) and using the abrasive papers and 
diamond paste/polish mat techniques. The polished surface was the one etched, with the 

platinum cathode being in contact with the resin/sample interface. Carbon-impregnated 

resin was used because it was found not to etch in preference to the sample, unlike other 

resins tried during the course of work. After etching, the samples were cleaned 
thoroughly in methanol, to remove all traces of etching solution. The samples were then 
dried and examined under an optical microscope. Images were taken from the 

microscope either in the form of photographs, using a 35mm camera attached to it, or 

mainly as computer image files, using a CCTV camera attached to it and a computer 

with a suitable interface card and running appropriate image-grabbing software. 

(ii) Nital/Phosphoric Acid Etch 

This is a dual etch, used to reveal the extent of carbide formation on grain- 

boundaries. Again, this is an electrochemical etch, similar to the one above. The 
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sample to be studied was first etched in a solution of nital, comprising 5% concentrated 

reagent grade nitric acid and 95 % reagent grade methanol. For this etch, a voltage of 
4V was applied for 25 seconds. The sample was then etched in a solution consisting 

of 80% concentrated reagent grade phosphoric acid and 20% distilled water, under an 

applied voltage of 4V for 40 seconds. These conditions ensured that etching of the 

sample occurred, by differential dissolution at the grain-boundaries. The specimens 

were then studied under an optical microscope after cleaning in methanol. The samples 

used here were identical in polishing and cleaning treatment and size as those etched in 

oxalic acid. The optical microscope used during this work was an Olympus BE-UMP. 

Chemical etching and subsequent optical microscopy was used to study grain 

growth and carbon solubility in this work, alongside other techniques. Both of the 

above etches were used to measure grain-growth in both carbide-free and carbide- 

containing samples. About 50 grains were measured per heat-treatment, to produce a 

reasonably accurate average grain-size. Measurement of grain-size was made using a 

calibrated graticule on the lens of the optical microscope. Determination of the 
distribution of grain-sizes on an etched sample was done by measuring the sizes of the 

grains encountered by the cross-hairs of the lens when travelling along a straight line 

from one side of the sample to the other, i. e. a linear intercept measurement method. 
A number of such lines were made across the sample, such that a large proportion of the 

grains visible on the etched surface had their sizes measured. The presence of carbides 

at the grain-boundaries in etched samples was determined by examining all of the 
boundaries at high magnification - in most cases, SEM was used as well as optical 

microscopy to allow a greater magnification and resolution at the boundaries, and 
therefore a greater chance of discovering any carbides present (especially small amounts 

of carbide). The results from these studies are given in Chapter Seven. 

61 



Fogure 4.1. A tensile fracture staM(IAI) 
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Table 4.2. The AES fracture specimens studied during this course of work 

Alloy Type Annealed Aged 

High Phosphorus 1150'C/1 hour and water-quenched - 
High Phosphorus 1250'C/1 hour and water-quenched - 
High Phosphorus 1280'C/I hour and water-quenched - 
High Phosphorus 1300'C/1 hour and water-quenched - 
High Phosphorus 1300OC/1 hour and air-cooled - 
High Phosphorus 1325*C/I hour and water-quenched 

High Phosphorus 1150OC/1 hour and water-quenched 720'C/20 hours and 
water-quenched 

High Phosphorus 1250OC/1 hour and water-quenched 704'C/16 hours and 
water-quenched 

High Phosphorus 1300OC/1 hour and water-quenched 716'C/I hour and water 
quenched 

High Sulphur 1 100'C/I hour and water-quenched 

High Sulphur 1150'C/1 hour and water-quenched 

High Sulphur 1250'C/1 hour and water-quenched 

High Sulphur 1300OC/I hour and water-quenched 

High Sulphur 1300'C/1 hour and air-cooled 

High Sulphur 1250OC/1 hour and water-quenched 725C/16 hours and 
water quenched 

Base Alloy 1150'C/I hour and water-quenched - 
Base Alloy 1250OC/1 hour and water-quenched - 
Base Alloy 1300'C/1 hour and water-quenched - 
Base Alloy 1300"C/I hour and air-cooled - 
High Boron 1200OC/1 hour and water-quenched - 
High Boron 1200'C/I hour and water-quenched 720'C/20 hours and 

water-quenched 
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Table 4.3. A list of all the TEM samples studied during this course of work 

Alloy Type Annealed Aged 

High Phosphorus 1150'C/1 hour and water-quenched 

High Phosphorus 1150'C/I hour and water-quenched 720'C/20 hours and 
water-quenched 

High Phosphorus 1200'C/1 hour and water-quenched - 
High Phosphorus 1250'C/I hour and water-quenched - 
High Phosphorus 1280OC/I hour and water-quenched - 
High Phosphorus 1290'C/1 hour and water-quenched - 
High Phosphorus 1295'C/1 hour and water-quenched 

High Phosphorus 1300'C/1 hour and water-quenched 

High Phosphorus 1300'C/I hour and water-quenched 716'C/1 hour and 
water-quenched 

High Sulphur 1150OC/1 hour and water -quenched 
High Sulphur 1150'C/1 hour and water-quenched 720'C/20 hours and 

water-quenched 

High Sulphur 1180'C/I hour and water-quenched - 
High Sulphur 1190'C/I hour and water-quenched - 
High Sulphur 1200'C/I hour and water-quenched - 
High Sulphur 1205'C/1 hour and water-quenched - 
High Sulphur 1250'C/1 hour and water-quenched - 
High Sulphur 1300'C/1 hour and water-quenched - 
High Sulphur 1300'C/I hour and water-quenched 716'C/1 hour and 

water-quenched 

Base Alloy 1150'C/I hour and water-quenched 

Base Alloy 1150'C/1 hour and water-quenched 720'C/20 hours and 
water-quenched 

Base Alloy 1180'C/I hour and water-quenched 

Base Alloy 1190*C/1 hour and water-quenched 

cont'd 
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Table 4.3. cont'd. 

Alloy Type Annealed Aged 

Base Alloy 1200'C/1 hour and water-quenched - 

Base Alloy 1205'C/1 hour and water-quenched - 

Base Alloy 1210'C/I hour and water-quenched - 

Base Alloy 1250'C/1 hour and water-quenched - 

Base Alloy 1300"C/I hour and water-quenched - 

Base Alloy 1300'C/1 hour and water-quenched 716'C/1 hour and 
water-quenched 

High Boron 1200OC/1 hour and water-quenched 

High Boron 1200'C/1 hour and water-quenched 720OC/20 hours and 
water-quenched 
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Table 4.4. 
--Chemical 

ly-etched specimens studied during this course of work 

Alloy Type Annealed 

High Phosphorus 1050'C/1 hour and water-quenched 

High Phosphorus 11 OO'C/ I hour and water-quenched 

High Phosphorus 1150OC/I hour and water-quenched 

High Phosphorus 1200'C/I hour and water-quenched 

High Phosphorus 1250'C/I hour and water-quenched 

High Phosphorus 1300'C/1 hour and water-quenched 

High Phosphorus 1325'C/I hour and water-quenched 

High Sulphur 1050'C/1 hour and water-quenched 

High Sulphur 1 100'C/1 hour and water-quenched 

High Sulphur 1150'C/1 hour and water-quenched 

High Sulphur 1200'C/I hour and water-quenched 

High Sulphur 1205'C/I hour and water-quenched 

High Sulphur 1250'C/I hour and water-quenched 

High Sulphur 1300'C/I hour and water-quenched 

High Boron 1150'C/1 hour and water-quenched 

High Boron 1200'C/1 hour and water-quenched 

High Boron 1250'C/1 hour and water-quenched 

High Boron 1300OC/1 hour and water-quenched 

Base Alloy 1050OC/I hour and water-quenched 

Base Alloy 1 100'C/1 hour and water-quenched 

Base Alloy 1150'C/I hour and water-quenched 

Base Alloy 1200'C/1 hour and water-quenched 

Base Alloy 1210'C/1 hour and water-quenched 

Base Alloy 1250'C/1 hour and water-quenched 

Base Alloy 1300'C/I hour and water-quenched 
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Table 4.5. Heat-treatments used for corrosion test experiments 

Alloy Type Annealed Aged 

High Phosphorus 1150'C/1 hour and water-quenched 

High Phosphorus 1150'C/I hour and water-quenched 720'C/20 hours and 
water-quenched 

High Sulphur 1150'C/1 hour and water-quenched 

High Sulphur 1150'C/I hour and water-quenched 720'C/20 hours and 
water-quenched 

Base Alloy 1150'Cl hour and water-quenched 

Base Alloy 1150'C/1 hour and water-quenched 720'C/20 hours and 

I water-quenched 

Table 4.6. Sample immersion times during hydrogen-ch *- 

Sample Type Charging Time days 

High Phosphorus (annealed-only) 7 

High Phosphorus (annealed and aged) 6 

High Sulphur (annealed-only) 8 

High Sulphur (annealed and aged) 7 

High Boron (annealed-only) 11 

High Boron (annealed and aged) 9 

Base Alloy (annealed-only) 14 
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Table 4.7. AES Relative Sensitivity Factors used during this work 

JAMP-30 PHI-595 
Elements 3keV 3keV 5keV 10keV 

Iron/(705eV) 0.32 0.21 0.22 0.16 

Chromium/(520eV) 0.59 0.32 0.3 0.29 

Nickel/(850eV) 0.48 0.27 0.27 0.22 

Titanium/(418eV) 0.42 0.46 0.34 0.24 

Aluminium/1396eV) 0.12 0.045 0.070 0.070 

Copper/(920eV) 0.46 0.21 0.23 0.21 

Cobalt/(775eV) 0.47 0.28 0.23 0.19 

Manganese/(542eV) 0.27 0.22 0.24 0.22 

Silicon/(92eV) 0.51 0.36 0.29 0.16 

Carbon/(270eV) 0.17 0.18 0.14 0.08 

Phosphorus/(120eV) 0.87 0.53 0.46 0.3 

Sulphur/(152eV) 1.19 0.85 0.75 0.55 

Boron/(179eV) 0.3 0.15 0.11 0.055 

Nitrogen/(395eV) 0.38 0.34 0.2 0.17 

Oxygen/(503eV) 0.1 0.26 0.22 0.17 

Magnesium/(l 186eV) 0.15 0.095 0.14 0.13 
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RESULT S 

CHAPTER FIVE 

HYDROGEN-CHARGING AND FRACTURE ANALYSIS 

1. Introduction 

As mentioned in the previous chapter, alloy 690 is a ductile material, and 

therefore needs to be embrittled by hydrogen to aid fracture along grain-boundaries at 

room temperature, during slow straining. 

However, the alloys studied here, although having a similar base composition (as 

shown in Chapter Four), exhibited different embrittlement behaviour. This could be 

accounted for by variations of the surface chemistry between samples of different alloy 

type, i. e. the interaction of the surface layer with the electrolyte under specific 

hydrogen-charging conditions (such as solution pH, temperature and applied current 
density). In order to study the effect of hydrogen on the alloys examined during this 

work, the hydrogen-charging conditions used to embrittle each of these alloys were kept 

similar to each other (as given in Chapter Four). - 

This chapter summarises the results obtained from the high phosphorus, high 

sulphur, high boron and base alloy materials from studies of the effect of hydrogen and 

the resulting fractures obtained after their embrittlement. Details of fracture surfaces 

and the texture of grain-boundary facets were examined using SEM. 

The alloys were examined with different heat-treatment conditions, i. e. as- 

annealed and aged following annealing at temperature, as detailed in Table 4.2. In the 

case of stainless steel, intergranular fracture has been achieved by impact loading in 

materials having a high grain-boundary coverage with carbide precipitates(L42). To 

ascertain that this could be done with the 690 alloys used here, the fracture of these 

71 



alloys was attempted by applying the impact loading method following cooling with 
liquid nitrogen. The results of this experiment are given in the next section. The 

following sections highlight the results obtained by using the slow-straining method to 

fracture the alloy 690 materials examined during this study. 

5.2. Results 

5.2.1. A Comparison of Impact and Tensile Fracture in Alloy 690 

Three different high phosphorus alloy samples were fractured - one by slow- 

straining and the other two by impact loading. All three samples were subjected to the 

same heat-treatment -a 1150'C/I hour anneal and water-quenching, followed by a 
further treatment at 720OC/20 hours and water-quenching. The sample for slow- 

straining and one of the impact loading samples were hydrogen-charged under identical 

conditions (as given in Chapter Four previously).. The other impact loading sample 

remained uncharged. The percentage intergranular fracture obtained from each sample 
is given in Table 5.1. SEM images of the texture of grain-boundary facets in these 

samples are given in Figures 5.1. - 5.3. Figure 5.4. shows SEM images of the three 

different fracture surfaces. 

5.2.2. Fracture Analysis 

Fracture analysis of samples with various heat-treatment conditions was 

performed, following AES analysis of the exposed grain-boundary facets (see Chapter 

Six). The fracture surfaces produced from the slow-straining of hydrogen-p recharged 

samples were examined with SEM. The percentage of intergranular fracture obtained 

as a function of the total fracture surface area was determined for each particular anneal 

and alloy studied. Figure 5.5. give the results for each heat-treatment as a function of 

annealing temperature. Ta 
* 
ble 5.2. gives the percentage intergranular fracture obtained 

for the two high boron material treatments examined, allowing a comparison to be made 
between samples with and without carbide on the grain-boundaries. Table 5.3. details 
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the percentage intergranular fracture obtained from the remainder of the samples 

fractured during this study. 

5.2.3. Appearance of Grain-boundary Facets 

Figures 5.6. (a) - 5.6. (g) give the different grain-boundary textures observed in 

the as-annealed and water-quenched fracture samples of the high phosphorus, high 

sulphur, high boron and base alloys. Figures 5.6. (a) - 5.6. (e) show the range of 

textures observed in the high sulphur, high phosphorus and base alloy samples, whereas 
Figures 5.6. (f) and 5.6. (g) show facet textures in the high boron samples. Figures 

5.7. (a) and 5.7. (b) show the texture of the facets of the high boron samples annealed at 
1200'C/1 hour and water-quenched, followed by a heat-treatment at 720OC/20 hours and 

water-quenched. These textures can be compared with those in Figures 5.1. and 5.2., 

which give facet textures in the high phosphorus material, annealed and then aged. 

5.2.4. Hydride Formation 

It was thought possible that hydrides could form in alloy 690 during hydrogen- 

charging, since this was one of the suggested mechanisms of hydrogen 

embrittlement(I-43-), so this avenue was investigated using the technique of XRD. The 

instrument used in this study was a Siemens D500 X-ray diffractometer with an attached 

IBM-compatible computer and pre-loaded Siemens software, operating at a 40kV source 

energy and 30mA current. The source consisted of copper producing unfiltered Cu K- 

X-rays. A curved graphite crystal monochromator removed unwanted radiation before 

it reached the scintillation detector. The step width used was 0.002 degrees. 

The samples used were two high phosphorus, two high sulphur and two base 

alloys. All six samples were heat-treated at 1250'C/1 hour and water-quenched. One 

sample from each of the three different alloys was hydrogen-charged for 9 days, under 

the conditions given in Chapter Four, leaving the remainder uncharged. The samples 

were cylindrical and were 5mm long and 10mm in diameter. The two flat faces of the 
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samples were polished down to a Iftm, finish, using abrasive papers followed by 

polishing with diamond paste on a mat. 

After hydrogen-charging, all six specimens were taken to Berkeley Technology 

Centre, where they were cleaned in methanol, fixed to sample holders with plasticine 

and then placed in the XRD machine and analysed. The hydrogen-charged samples were 

analysed first, to minimise leakage of hydrogen and decomposition of any hydride(s) 

formed during the analysis time. The time between charging and analysis was about 2 

hours on average, for the three hydrogen-charged samples. 

A number of these XRD experiments were performed, scanning almost the entire 

angular range of the diffractometer in 151 intervals. This was done to limit the time of 

analysis to a reasonable length, such that any hydrides formed would still be existing 
during the analysis, and so would be detected. 

Figures 5.8. (a) - 5.8. (o give XRD results from the six samples, in the 400 - 550 

range, which was the only range yielding information of interest. Other authors have 

observed the presence of hydrides in the nickel-base alloy C-276(L44). The locations 

of the hydride reflections in alloy C-276 did not correspond with those of NiH (as found 

in nickel(1-44), and was thought to possibly be an alloy hydride. This hydride was face- 

centred cubic and had a lattice constant which was about 3% larger than the matrix 

parameter (about 3.66A as compared to about 3.55A). The hydride was seen to be 

unstable at room temperature and disappeared after about 20 hours. 

The XRD results from the hydrogen-charged alloy 690 samples given in Figures 

5.8. (a) - 5.8. (c) were compared with the results by Fiore et al. (14-4), with the expected 

hydride peak positions being marked on the XRD spectra in these figures. Since the 

three samples were analysed about two hours after hydrogen-charging (on average), the 

hydride peaks would have decreased in intensity from their value straight after 

hydrogen-charging, by analogy with the results of Fiore et al. (14-4-), which showed that 

the hydride peaks decreased in intensity with increasing time between hydrogen-charging 

and XRD analysis. The high phosphorus hydrogen-charged sample was analysed first 

(about 1 hour after charging), followed by the high sulphur hydrogen-charged sample 
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(about 2 hours after charging), and then the base alloy hydrogen-charged sample (about 

3 hours after charging). This means that the hydride peak intensities would be higher 

in the high phosphorus sample, as opposed to those in the high sulphur sample. The 

high sulphur sample would, in turn, have higher hydride peak intensities than those in 

the base alloy sample. Estimates of the hydride peak heights (and therefore intensities) 

expected here were made by comparing the peak heights obtained by Fiore et al. (L4-4). 

For times between hydrogen charging and XRD analysis of 50 minutes and 3 hours 

respectively and extrapolating between them (to obtain expected peak heights for I hour, 

2 hour and 3 hour time intervals). These different peak heights are represented by the 

height of the lines in Figures 5.8. (a) - 5.8. (c) at the expected hydride peak positions. 

It can be seen from these figures that no hydride peaks were detected by XRD. 

Therefore, there was no clear indication of the presence of a hydride species in the 

hydrogen-charged samples. Some shifting of the y-matrix peaks, by around 0.2 to 0.4 

degrees, and broadening of higher-angle peaks was noted, when comparing between 

XRD spectra from hydrogen-charged and non-hydrogen-charged samples of the same 

alloy type (i. e. between Figures 5.8. (a) - 5.8. (c) and Figures 5.8. (d) - 5.8. (f)). These 

differences were attributed to dilation of the matrix due to dissolved hydrogen in the 

samples(L4-4-). 

It must be noted that the calcite peaks came from the plasticine used to secure the 

samples to the specimen holders. The NiAs (nickeline) peaks were due to arsenic, 

which was used (in the form NaAS02) as a hydrogen recombination poison in the 

hydrogen-charging solution, forming chemical bonds with nickel on the sample surface 

during hydrogen-charging. That such poisons can form fairly strong chemical bonds 

with the surface atoms of metal samples during hydrogen-charging was discussed by 

Jerkiewicz et al. (L45). It is possible that hydrides did form in the hydrogen-charged 

samples examined here, but, similar to those seen by Fiore et al. (L44), they could have 

been unstable at room temperature and decomposed, before XRD analysis was possible. 

Such hydrides would have to have decomposed within about an hour after hydrogen- 

charging for their detection by XRD to be prevented, making these hydrides less stable 

than those formed in alloy C-276(. L44). 
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5.3. Discussion 

Hydrogen-charging followed by tensile fracture was found to be the most 

appropriate method for fracturing alloy 690 intergranularly. The effect of hydrogen 

embrittlement was evident when comparing the two impact fracture specimens - in the 
hydrogen-charged one there is enough hydrogen at grain-boundaries near the notch to 

cause some embrittlement and yield some intergranular failure. There is increased 

decohesion around carbides at the grain-boundaries, due to the accumulation of hydrogen 

in these regions. 

Tensile fracture of the hydrogen-charged samples caused greater intergranular 

failure, mainly because the slow straining of the samples allows the hydrogen to diffuse 

to the region just ahead of the crack-tip during crack propagation, allowing the cohesive 
forces between different grains to be weakened. Impact fracture is a rapid process, so 

any embrittlement due to hydrogen will arise from that residing in the vicinity of the 

grain-boundary, since little, if any, diffusion occurs during crack propagation. 

The embrittling nature of hydrogen is also seen when comparing the three 
fracture surfaces - the tensile-fractured sample and the hydrogen-charged impact sample 
have a more faceted, less ductile appearance, having more intergranular fracture and 

cleavage, than the non-hydrogen-charged impact sample. The tensile fractured sample 

surface exhibits some cracking where hydrogen has caused the decohesion of adjacent 

grains. Such cracking is indicative of the path of the crack splitting to form microcracks 

as offshoots from the main crack. The main crack is that one which eventually causes 
failure of the material. It is noted that the hydrogen-charged and slowly-strained grain- 
boundary facet textures were generally smoother/less rough than those of the hydrogen- 

charged, impact-fractured sample. This is probably due to the increased decohesion 

between adjacent grains in the tensile-fractured sample, as compared with the impact- 

fractured, hydrogen-charged specimen, a consequence of greater hydrogen diffusion 

towards the area ahead of the crack-tip. Hydrogen has more time to diffuse to the 

crack-tip in the tensile sample, than in the impact specimen. During this study carbides 

were seen on all of the grain-boundary facets, making a mechanism whereby some 

grain-boundaries were free of carbides less likely. The actual path of the fracture, 
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whether to one side of the carbides only or weaving in between them, would not affect 

the texture differences between the tensile and impact-fractured hydrogen-charged 

specimens - the tensile sample could still have a smoother texture than the impact 

sample. This means that the fracture path in the tensile-fractured sample was probably 

nearer the carbides than that in the impact-fractured sample on average. A consequence 

of reduced cohesion in the tensile-fractured sample, as compared to the impact-fractured 

one, as mentioned above, is that the fracture path would be nearer to the grain- 
boundaries, Le. the carbides, in this sample, as opposed to the fracture path in the 

impact-fractured sample. 

SEM images of a fracture surfaces produced by slow-straining hydrogen-charged 

samples show an annular ring where hydrogen has caused brittle failure of the material 
(either intergranular fracture or cleavage) surrounding a central ductile region (see the 

example shown in Figure 5.9. ). A rough estimate of the effective diffusivity (1), f) of 
hydrogen can be made for the different heat-treatments of the various alloys used during 

this study, using the following approximation(. L46): - 

D,, ff - IT t 
(5.1. ) 

which gives the diffusion rate across a cylindrical cross-section. Here, d is the thickness 

of the cross-section, and t is the time taken for diffusion of hydrogen across distance d 

to occur. In the case of the fracture samples examined during this work, values of d can 

be estimated by the distance across the annular rings observed on the fracture surfaces, 

extending from the notch to the ductile region. The hydrogen-charging time and 

conditions used for each fracture sample examined here were given in Chapter Four. 

The assumption here is that the annular ring of brittle fracture was caused entirely by 

hydrogen. The charging time is given by t in the above equation. Knowing d and t, it 

is easy to calculate D. Figure 5.10. plots the values of D, ff (for hydrogen) calculated 

for each anneal, for the alloys used, showing the spread of difftisivity values estimated 

in these alloys. Since these are rough calculations, the accuracy of the results is such 

that the diffusivities calculated are only valid for the order of magnitude quoted. For 

comparison, Table 5.4. gives values of the diffusivity of hydrogen in various nickel-base 

alloys, as calculated by other authors. Table 5.5. gives the diffusivity values of 
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hydrogen for the two different treatments of the high boron material, allowing a 

comparison to be made between material with and without heavy carbide precipitation 

on the grain-boundaries. The average diffusivities in the high phosphorus, high sulphur 

and base alloy annealed-only materials, as determined from Figure 5.10., are 3.80 x 10- 

14 ml/s, 2.80 x 10-14 m'/s and 3.66 x 10-'4m'/s respectively. It can be seen that the 

values of effective hydrogen diffusivity estimated here agree with those given in Table 

5A, at least in order of magnitude. 

A number of different textures were observed on the exposed grain-boundary 

facets on the as-annealed fracture samples examined during this study. The rougher 

textures were found on facets that were at less favourable orientations to the direction 

of strain. Similar textures were seen in the high phosphorus, high sulphur and base 

alloy as-annealed samples. The range of annealing temperatures used during this study 

was such that in a number of samples some carbide still remained on the grain- 

boundaries after annealing, whereby the annealing temperature was not high enough to 

dissolve all of the carbide in the material (as shown in Chapter Seven later on). No 

differences were observed between facet textures in as-annealed samples with and 

without carbide remaining on the grain-boundaries after annealing. 

However, the grain-boundary textures in the annealed plus aged samples were 

much rougher than those in the as-annealed samples. This difference in texture was 

probably due to the difference in carbide coverage on the grain-boundaries between the 

annealed and aged and annealed-only samples. There is a much greater coverage of 

carbides on the grain-boundaries in the annealed and aged samples as opposed to that 

seen in the as-annealed samples (that still have carbides on the grain-boundaries after 

annealing), as shown in Chapter Seven later on. As a crack travels along a grain- 
boundary containing carbides, it weaves a path around the individual carbide 

precipitates, going between each one, creating rough surfaces on the exposed grain- 
boundary facets. As the coverage of carbides on the grain-boundaries increases, so the 

resulting facet textures become even rougher, since the crack has to weave in and out 

around a larger number (and greater density) of carbides as it moves across the 

boundary. The reverse is true for grain-boundaries with a low coverage of carbides, to 

the point whereby a very low coverage of carbides on the grain-boundaries may produce 
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no noticeable change in texture on the grain-boundary facets after fracture. In this way, 

the facet textures seen in the annealed and aged materials (having high grain-boundary 

carbide coverage) were much rougher than those in the as-annealed materials (having 

low grain-boundary carbide coverage). 

The grain-boundary textures seen in the high boron as-annealed sample were seen 

to be much rougher than those seen in the as-annealed samples of the other alloys 

examined during this study. This is possibly due to an increased cohesion of the grain- 
boundaries, caused by the presence of segregated boron in this sample (see Chapter Six 

later on). Also contributing to the rough facet texture seen in this sample would be the 

presence of small particles at the grain-boundaries (as shown in Chapter Seven), which 

would increase the roughness by a similar process as for that mentioned for carbides 

above. The textures of the facets in the annealed and aged high boron sample were 

much rougher than those seen on facets in other aged materials studied. The very rough 

textures seen on the grain-boundary facets in the annealed and aged high boron sample 

were possibly a result of the increase in cohesion at the carbide matrix interfaces (and 

the grain-boundaries), due to the presence of segregated boron (see Chapter Six), 

combined with the roughness produced due to the high coverage of carbides on the 

grain-boundaries in this material (see Chapter Seven) by the process mentioned above. 
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Table 5.1. Comparison of fracture methods of alloy 690. showing % intergranular 
fracture. performed on the high phosphorus material 

Method of fracture Impact Impact Tensile 

Hydrogen-charged No Yes Yes 

% Intergranular 
fracture 

0.00 4.31 ± 0.97 24.20 ± 2.14 

Table 5.2. Percentage intergranular fracture calculated for the two different high 
boron material treatments analysed here 

Treatment % intergranular fracture 

Annealed at 1200'C/1 hour and water- 
quenched 

58.94 4.62 

Annealed at 1200'C/1 hour and water- 
quenched, followed by further heat- 
treatment at 720OC/20 hours and water- 

75.87 5.49 

quenched 
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Table 5.3. Percentam intergranular ftacture obtained for the remainder of the sampita 
ftactured during this study 

Alloy Type Treatment 
% Intergranular 

Fracture 

High Phosphorus Annealed at 1280'C/1 hour and water- 29.63 2.14 
quenched 

High Phosphorus Annealed at 1250OC/1 hour and water- 
quenched, then aged at 704'C/16 hours 36.49 2.88 
and water-quenched 

High Phosphorus Annealed at 1300'C/1 hour and water- 
quenched, then aged at 716'C/1 hour 44.07 3.41 
and water quenched 

High Phosphorus Annealed at 1300'C/1 hour and air- 40.79 2.95 
cooled 

High Sulphur Annealed at 1250'C/1 hour and water- 
quenched, then aged at 725'C/16 hours 59.42 4.97 
and water-quenched 

High Sulphur Annealed at 1300'C/I hour and air- 42.19 3.05 
cooled 

Base Alloy Annealed at 1300'C/I hour and air- 31.43 2.27 
cooled 
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Table 5.4. Typical Values of Effective Diffusion Coefficients at 80OC(126) 

Alloy Designation Effective Diffusion Coefficient 
(m'/s) 

Nickel (lattice diffusion coefficient) 6.3 x 
10-13 

Alloy 600, solution annealed 1.4 x 10-13 

Alloy X-750, solution annealed 6.9 x 
10-14 

Alloy X-750, direct aged, 20 h 1.3 x 10" 

Alloy X-750, double aged 1.0 x 10" 

Alloy 718, solution annealed 3.8 x 
10-14 

Alloy 718, direct aged, 20 h 1.6 x 10" 

Alloy 718, double aged 2.1 x 
10-14 

Table 5.5. Values of diffusivity of hydrogen. D. estimated for the two different high 
boron material treatments studied here 

Treatment Estimated Effective Diffusivity, 
DII, (m'/s) 

Annealed at 1200'C/1 hour and water- 3.69 x 10" ± (0.9 x 10-11) 
quenched 

Annealed at 1200'C/I hour and water- 
quenched, followed 

' 
by further heat- 

8.26 x 10-14 ± (1.33 x 10-14) 

treatment C/20 at 720 hours and water- 
quenched 
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CHAPTER SIX 

GRAIN-BOUNDARY SEGREGATION 

6.1. Introduction 

One of the major aims of this study was to determine the segregation levels of 

impurity elements at the grain-boundary of the 690 alloys investigated following various 

heat-treatment schedules. As mentioned previously in Chapter Four, the samples used 

during this study were hydrogen-charged and then fractured by slow-straining in situ in 

an AES microscope, at a strain-rate of 0.0014mm/s. The grain-boundary facets on one 

half of the fracture surface were analysed to determine their composition and, 

subsequently, the segregation levels of different elements in the various heats of the 

alloys examined (see Table 4.2. ). 

When measuring segregation levels at grain-boundaries, there is a need to 

consider the effect of grain-boundary microstructure. Different grain-boundary 

orientations and microstructure produce a variation in segregation from grain-boundary 

to grain-boundary, as mentioned in Chapter Three, with a high-angle grain-boundary 
having a greater number of segregation sites than a low-angle one. There is also a need 

to consider the orientation of exposed grain-boundary facets with respect to the Auger 

electron analyser. This effect was mentioned previously in Chapter Four, where it was 

stated that, for the grain-boundary facets examined. during this work, the difference in 

orientation of the facets towards the analyser did not affect the quantification of the data 

obtained, to determine the segregation levels of different elements. It is also important 

to determine whether carbide is present on the grain-boundary facets or not when 

measuring segregation levels, since greater segregation occurs around carbides as 

opposed to carbide-free grain-boundaries. A statistical meaning has to be given to the 

results obtained by measuring a maximum number of grain-boundary facets. 
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6.2. Results 

6.2.1. PhoSphorus Segregation 

The typical fracture produced by slow-straining of the samples examined 

consisted of a central ductile region surrounded by a ring of intergranular fracture. A 

typical fracture surface was given in Figure 5.9. earlier. It was shown in Chapter Five 

that the percentage intergranular fracture obtained from the fracture of the alloys 

examined during this work varied with heat-treatment. It was shown in Figure 5.5. that 

the percentage intergranular fracture increased with increasing annealing temperature 

up to a point, beyond which the percentage intergranular fracture decreased as the 

annealing temperature was raised. It was also seen that the percentage intergranular 

fracture obtained in annealed and aged material was greater than that from as-annealed 

material (both being annealed at the same temperature and for the same time). This is 

highlighted in Tables 5.2. and 5.3., when compared to Figure 5.5. 

The range of annealing temperatures used to examine phosphorus segregation, 
in the phosphorus-doped material, went from 1150'C to 1325'C. Figures 6.1. (a) and 

6.1. (b) give typical spectra from grain-boundary facets on the 1150'C/1 hour annealed 

and 13250C/I hour annealed samples respectively. The elements chromium, iron, 

nickel, titanium, phosphorus, boron and carbon are present in these spectra. Sulphur 

is also present in the spectrum from the 1325'C/I hour annealed sample. These 

elements are typical of those detected on grain-boundary facets in the high phosphorus 

alloy samples examined during this study. Carbon detected on the grain-boundary facets 

in the 1150OC/1 hour annealed sample was in the form of carbide, which is shown in the 

spectrum of Figure 6.1. (a), where the carbon peak displays a typical carbide shape. 
What was interesting was the presence of carbon on the grain-boundaries even in the 

high phosphorus material annealed at 1325'C/1 hour - at this annealing temperature, all 

of the carbides in the material were expected to be dissolved (see Chapter Seven). 

The exploitation of the spectra acquired from the high phosphorus and base alloys 

during this study concentrates on the levels of phosphorus, carbon and chromium found 
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at the grain-boundaries. The concentration of these elements was determined using 
Equation 4.1. given in Chapter Four. 

Figures 6.2. (a) - 6.2. (i) illustrate the results of segregation studies on the high 

phosphorus samples detailed above, showing the levels of phosphorus and carbon on the 

different grain-boundaries in the form of histograms. The high phosphorus and base 

alloy samples studied here were given in Table 4.2. earlier. A minimum of 10 grain- 
boundary facets were analysed by AES on each sample, with segregation levels being 

taken as twice those found on the exposed grain-boundary facets (since two halves were 
formed from the fracture of the sample, splitting each grain-boundary into two facets). 

Figures 6.3. (a) - (i) show the chromium levels at the corresponding grain-boundaries of 
Figures 6.2. (a) - (i). For comparison, Figures 6A(a) - (d) show phosphorus and carbon 
levels from the four base alloy specimens mentioned in Table 4.2. and Figures 6.5. (a) - 
(d) illustrate the corresponding chromium levels at these boundaries. The average values 

of phosphorus, carbon and chromium for each of the high phosphorus and base alloy 

annealed and water-quenched samples are shown in Table 6. L, while Table 6.2. gives 
the average values of phosphorus, chromium and carbon levels in the high phosphorus 

samples after various treatments to facilitate the comparison of phosphorus segregation 
levels in annealed and aged samples with the corresponding as-annealed ones. 

Sputter etching of grain-boundary facets with argon ions on the high phosphorus 

alloy sample (subjected to 1300'C/1 hour + 716'C/1 hour, water-quenched) was carried 

out. Figure 6.6. gives typical levels of phosphorus, carbon and chromium before and 

after 90 seconds etching down through a typical facet. The phosphorus level was higher 

before etching, whereas the corresponding carbide level was lower. The chromium level 

increased after etching. The drop in phosphorus level indicated that phosphorus 

segregated around the carbides. Increases were noticed in the level of segregated 

phosphorus at the grain-boundaries in the air-cooled samples as opposed to the 

corresponding water-quenched samples. The average phosphorus level on the grain- 
boundaries of the high phosphorus material 1300'C/l hour annealed and air-cooled 

samples was found to be 3.31±0.71wt%, which can be compared with that of the water- 

quenched samples, 2.30±0.89wt%. 
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Calculations of the segregation free energy for phosphorus in alloy 690 were 

made using the results obtained from the high phosphorus material, subjected to 

1150'C/1 hour and 720'C/20 hours heat-treatment (both water-quenched), and the high 

phosphorus material, subjected to 1250'C/I hour and 704'C/16 hours heat-treatment 

(both water-quenched), having phosphorus segregation levels of 17.5 ± 5.05at% and 

22.5 ± 6.75at% respectively. Equation 3.4. was-used to calculate the values of the 

segregation free energy of phosphorus, AGP :- 

AGP=RTIn 
(xp" 

p 
1- (Xp*/Xpoý 

The values of temperature, T, phosphorus content in the matrix, XP, maximum 

phosphorus content at the grain-boundary at saturation, X; O, and the phosphorus content 

at the grain-boundary at equilibrium (at temperature T), XPO, are given below. This 

equation refers to equilibrium segregation conditions and the case where there is no 
interaction of the segregant with other elements. Equilibrium segregation conditions are 

assumed to have been reached during the ageing treatments, since the treatment times 

were fairly long (16 hours and 20 hours respectively) and so phosphorus would have had 

plenty of time to reach a steady, minimum energy level at the boundaries. There were 
two separate values of T, 993K (720'C) and 977K (704*C), as mentioned above for the 

two ageing treatments. The values of XpO that correspond to these values of T are the 

phosphorus segregation levels mentioned above (namely 17.5±5.05at% at 720T and 
22.5 ±6.75at% at 704'Q. It was assumed that the maximum value of the phosphorus 

content at the grain-boundary at saturation, Xp'ý, was close to 0.5 of a monolayer, by 

analogy with the case of iron-base alloys. It was also assumed that all of the phosphorus 

was in solution above 700T, making the phosphorus content in the matrix, XP, equal 
to the nominal content of the high phosphorus material, which was 0.034at% (340ppm). 

Using the values given above for the different parameters in Equation 6.1., values of 
A G, were calculated for both ageing temperatures. The value of A GP found for the high 

phosphorus material, subjected to 1150001 hour and 720'C/20 hours heat-treatment 

(both water-quenched), was 60.6 (±3.8)kJ/mol. This value was an average over all of 

the facets analysed (standard deviation is also quoted). The value of AGP found for the 
high phosphorus material, subjected to 1250'C/1 hour and 704OC/16 hours heat- 
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treatment (both water-quenched) was 63.2 (±4.6)kJ/mol (again an average value over 

all facets studied). 

6.2.2. Sulphur Segregation 

The high sulphur samples studied here are detailed in Table 4.2. Sulphur was 
found to be incorporated in grain-boundary particles, such as chromium sulphides (see 

Chapter Eight ). A surface layer of sulphur segregated around titanium nitride particles 

was also discovered by etching the grain-boundary facets containing these particles for 

45 seconds. The levels observed before and after etching the titanium nitride particles, 

are given in Figure 6.7. (a), in the form of a line-plot. This shows that the level of 

sulphur dropped markedly. Figure 6.7. (b) also shows the corresponding changes in 

chromium and titanium levels at the grain-boundary hosting the particles, before and 

after the 45 seconds of sputter etching. The sample studied was the high sulphur alloy, 

annealed at 1300'C/1 hour and water-quenched. Sulphur was also seen to segregate 

around titanium nitride particles in the other alloys examined (given in Table 4.2. ). A 

spectrum obtained from a particle in the high phosphorus material is given in Figure 

6.8. (a). Figure 6.8. (b) gives an AES spectrum from the grain-boundary facet near the 

particle, and a comparison of these spectra shows sulphur segregation around the 

particle. Sulphur was also associated with titanium nitride particles in the as-received 

high sulphur material, as shown by comparing Figures 6.9. (a) and 6.9. (b), which give 

spectra from a titanium nitride particle and the region adjacent to it respectively. No 

free, segregated sulphur was observed on the grain-boundary facets in the high sulphur 

material (or on those in the other alloys studied here), or around the carbides in the aged 

high sulphur sample. 

2.3. Boron Segregatio 

Figures 6.10. (a) and 6.10. (b) give the results of grain-boundary analysis of the 

boron-doped alloy heats detailed in Table 4.2. earlier. These results are also presented 
in the form of histograms. The average boron and carbon levels in both of the high 
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boron treatments studied (1200'C/1 hour, and 1200'C/1 hour and 720'C/20 hours heat- 

treatments, all water-quenched) are listed in Table 6.3. Figures 6.10. (c) and 6.10. (d) 

give the grain-boundary chromium levels in these samples. No carbides were detected 

on the grain-boundary facets of the as-annealed samples. The results of etching grain- 

boundaries in the sample subjected to 1200001 hour and 720OC/20 hours heat-treatment 

(both water-quenched) are shown in Table 6.4. AES spectra before and after etching 

atypical facet are given in Figures 6.1 L(a) and 6.1 L(b), showing that the presence of 

carbide was revealed after the etch, and the small change in the peak intensity for boron. 

These etching results indicate that boron has segregated at the grain-boundaries 

and the carbide matrix interfaces, since there was a drop in the level of boron observed 

when sputter-etching the grain-boundary facets to reveal the carbides. The results also 

indicate that boron is incorporated into the carbides, since the level of boron did not 

drop to zero after etching. Further sputter-etching of the carbides on the grain-boundary 
facets showed that boron remained at a similar level after 180 seconds of etching (see 

Figure 6.12. ), which provides an even stronger indication of the incorporation of boron 

into the grain-boundary carbides in this alloy. 

Boron was also detected on the grain-boundary facets of the other alloys studied 

(given in Table 4.2. ), although not at such high levels. The level of boron detected on 

the grain-boundaries of the high phosphorus, high sulphur and base alloy materials, each 

annealed at 1300'C/1 hour, was seen to increase if the samples had been air-cooled 

rather than water-quenched. This data is shown in Table 6.5. 

6.2.4. Carbon on Grain-Boundaries 

Carbon was detected on the grain-boundaries of all of the analysed samples, even 
in those where the carbides had been completely dissolved. The heat-treatments given 

to these samples are listed in Table 6.6. The level of carbon on the grain-boundaries 

was found to vary slightly from sample to sample for a particular set of heats considered 

separately, regardless of the annealing temperature. However, the amount of carbon on 

the grain-boundary facets was found to be different when comparing between the three 
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alloys studied. In fact, the grain-boundaries in the high sulphur and base alloy heats 

were found to contain higher carbon than the high phosphorus ones. The average 

concentration of carbon in each case is given in Table 6.7. This difference is illustrated 

specifically for the 1300'C/1 hour annealed and water-quenched samples, in Table 6.8. 

These results indicate that there is a competition for sites at the grain-boundaries 

between carbon and phosphorus, with greater levels of phosphorus in the high 

phosphorus alloy causing phosphorus to occupy places that would otherwise be filled by 

carbon atoms at the grain-boundaries. 

6.2.5. Titanium Segregation 

The presence of titanium was systematically observed at a roughly constant level 

in all the AES spectra recorded from grain-boundaries of the different alloys studied. 
All of the samples detailed in Table 4.2. earlier were used to determine titanium levels. 

A typical spectrum is shown in Figure 6.7. (b). The average level of titanium at the 

grain-boundary was found to be 4.09 ± 0.57wt%, as compared with 0.29 - 0.33wt% 

in the bulk. 

6.3. Discussion 

The histograms relating to the annealed and aged samples show for the 

phosphorus-doped alloy that the carbon, usually carbide, level detected on grain- 
boundaries tended to parallel the amount of phosphorus present. The carbon levels 

increased when phosphorus levels on the same boundaries increased. Similar patterns 

were seen for a decrease in phosphorus levels - the corresponding carbon/carbide levels 

also fell. These observations indicate that the measured phosphorus segregation is 

higher in the presence of grain-boundary carbides. This could be seen when comparing 

the phosphorus levels in annealed-only high phosphorus samples with those in the 

annealed and aged samples. In fact, it was shown by sputter-etching that phosphorus 

was segregating around carbides. Some phosphorus association with carbides was seen 
in the high phosphorus samples with pre-existing carbides on the grain-boundaries (for 
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example, 1150101 hour annealed sample). This is illustrated in the histograms of 

Figures 6.2-W, 6.2. (c) and 6.2. (e). Similar effects were seen in the base alloy material 

with pre-existing carbides on the boundaries, as shown in Figure 6.4. (a). By contrast, 

the chromium levels observed at grain-boundaries did not follow a similar trend. The 

reason for this is that the chromium signal was generally attenuated by the presence of 

a layer of segregated phosphorus covering the carbides. Another reason is the size of 

the incident electron beam. This has to be focused on a carbide particle (at least in part) 
for a distinctive carbide shape of the carbon peak to be seen in the AES spectra. The 

spot might also overlap on areas that have no carbide on them, such that some of the 

resultant signal would come from carbide-free areas on the grain-boundary and some 

would come from the carbides on the facets. Not knowing the extent of this overlap 

means that changes in chromium concentration with carbide level would be difficult to 

observe, due to the signal from carbide-free areas obscuring that from the carbides. 
However, etching experiments attenuated with AES analysis indicate that the effect of 

phosphorus coverage is predominant. 

The amount of phosphorus segregation at grain-boundaries with high carbide 

coverage was observed to reach a saturation level once sufficient time had elapsed at the 

particular ageing temperature used (720'C or 704'C here). This time was thought to be 

greater than I hour, since the average level of phosphorus found at grain-boundaries in 

the 716'C/I hour aged sample was less than the averages determined in the 704OC/16 

hours and 720'C/20 hours aged samples (see Table 6.2. ). That this situation should 

arise may be attributed to a finite number of sites available for the phosphorus at the 

grain-boundaries. During ageing, phosphorus diffuses to the grain-boundaries. The 

time taken for saturation depends on the phosphorus diffusivity in this alloy. A time 

greater than 1 hour was needed to achieve saturation in this alloy, since that allowed 

sufficient time for phosphorus to diffuse to the grain-boundaries and take up (and fill) 

minimum energy positions there (and achieve equilibrium). A saturation effect was also 

seen in annealed and aged alloy 600 material by Younes(L4ý). 

One of the main effects observed during this segregation study was the presence 

of phosphorus on the grain-boundaries at about the same level, for each annealing 

temperature of the high phosphorus alloy. This fact is highlighted in Table 6.1. and 
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contrasts with results obtained by Younes(IM) for phosphorus segregation in alloy 600. 

He found that the level of phosphorus at the grain-boundaries decreased with increasing 

annealing temperature. This decrease in phosphorus with increasing annealing 

temperature was also observed here in the base alloy material, as shown in Table 6.1. 

These differences may be attributed to grain-growth rates and the effect of the difftisivity 

of phosphorus in alloy 690. Phosphorus was observed to segregate to the grain- 

boundaries during cooling from high temperatures. In the phosphorus-doped alloy, the 

observed constant phosphorus level could not be considered to be due simply to non- 

equilibrium segregation of phosphorus at the grain-boundaries during cooling. 

The presence of phosphorus at grain-boundaries during water-quenching cannot 

be said to produce the aforementioned constant phosphorus levels. This is simply 

because the cooling rate during water-quenching is rapid, and usually cooling is only 

several seconds long. This time is not long enough for over 2wt% of phosphorus to 

segregate to the grain-boundaries. The non-equilibrium segregation of phosphorus was 

observed in the 1300'C/I hour annealed and air-cooled high phosphorus samples, which 

were shown to have a higher grain-boundary phosphorus level than the corresponding 

water-quenched samples. The difference in the phosphorus levels between the air-cooled 

and water-quenched gamples was found to be about lwt%. This extra lwt% phosphorus 

had to come solely from the effect of cooling rate. 

Ile differences in the observed segregation behaviour of phosphorus between the 

high phosphorus and base alloys can be attributed to the equilibrium solubility of 

phosphorus in alloy 690. In general, increasing the temperature of a material (such as 
by annealing) increases the solubility of phosphorus in the material, as shown for alloy 
600 by Guttmann et al. (74). In the base alloy it is possible that the annealing 

temperatures applied to the samples were high enough such that the solubility of 

phosphorus in alloy 690 at these temperatures was greater than the phosphorus content 

in the base alloy, which is <50ppm (by weight). Therefore, phosphorus would be 

expected to homogenise throughout the base alloy at the annealing temperatures used 

during this study. The segregation of phosphorus in the base alloy would therefore 

follow the accepted thermodynamic theories, that is, the amount of phosphorus 

segregated to the grain-boundaries would decrease with increasing temperature, as 
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observed here experimentally. However, in the phosphorus-doped alloy the solubility 

of phosphorus (in alloy 690) at the annealing temperatures used during this study could 

possibly be less than the phosphorus content in this alloy, which is 190ppm (by weight). 

No data on the solubility of phosphorus in alloy 690 was available in the open literature. 

However, as the level of chromium in nickel and iron-based austenites increases, the 

solubility of phosphorus decreases, as shown by Guttmann et al. (24), which in turn leads 

to a greater segregation of phosphorus to grain-boundaries during cooling. Therefore, 

the solubility of phosphorus in alloy 690, having a relatively high chromium content of 

around 30wt%, could be quite low, possibly much less than that of alloy 600 and other 

nickel-base alloys having lower chromium levels. Increasing the annealing temperature 

would tend to dissolve more phosphorus and homogenise it more throughout the alloy. 

In the case of the high phosphorus material, if the solubility of phosphorus (in alloy 690) 

at the annealing temperatures used was lower than the phosphorus content of the alloy, 

not all of the phosphorus would dissolve during annealing. A phosphorus concentration 

gradient could exist within a few tens of Angstroms from the grain-boundaries. Upon 

cooling from the annealing temperature, phosphorus could segregate to the grain- 

boundaries from the neighbouring areas, within the cooling time. This non-equilibrium 

segregation of phosphorus during cooling would account for the presence of phosphorus 

always being detected on the grain-boundaries in the high phosphorus alloy, unlike the 

base alloy, even after an annealing temperature of 1325"C was employed. In alloy 600, 

Airey(L47) observed that phosphorus was not able to be removed from grain-boundaries 

even at annealing temperatures as high as 1200'C. That is, phosphorus remained 

segregated at the grain-boundaries. He was not able to give any definite conclusions as 

to the behaviour of phosphorus in alloy 600, but it is possible that it is similar to that 

observed in alloy 690 during this study. 

The values of AG, calculated earlier are very close to each other, the standard 
deviation of each value encompassing the other. The average value of AGP calculated 
from the AGP values given earlier is 61.9 (±1.3)kJ/mol, and can possibly be considered 

as a constant value that is applicable to the segregation of phosphorus at both heat- 

treatments examined here (720'C and 704'C). This would mean that the segregation of 

phosphorus in alloy 690 (specifically for the two heat-treatments examined) follows a 
McLean-type behaviour. The segregation free energy in alloy 690 can be given as 
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(56.8-) 67.8kJ/mol, taking into account the standard deviations applicable for each heat- 

treatment. The segregation free energy in alloy 600, as determined by Guttmann et al., 

is given as 56 - 65kJ/mol, which is appreciably larger than that in a-iron (5OkJ/mol) 

and low alloy steels (55 - 600/mol), but comparable to that in high chromium steels (as 

high as 620/mol)(144). It was postulated that the similarities between the high chromium 

steels and alloy 600 AG, values were due to the interactive co-segregation of chromium 

and phosphorus in these materials, making the segregation of phosphorus much larger 

than in unalloyed nickel (however, this was not proven)(14-). This also explained why 

the a-iron and low alloy steel AGP values were less than those of alloy 600. Since there 

is more chromium in alloy 690 than in alloy 600 (28 - 31wt%, as opposed to about 15 - 
16wt%), it is possible that the co-segregation of chromium and phosphorus is greater in 

the former (aided by greater chromium segregation coupled with a strong chromium- 

phosphorus interaction at the boundaries). This could explain the greater segregation 

free energy of phosphorus in alloy 690 as opposed to that in alloy 600, by analogy with 

the proposal of Guttman et al., since a greater co-segregation effect between chromium 

and phosphorus in alloy 690 would yield a larger segregation of phosphorus in alloy 690 

than in alloy 600. 

However, it was not possible to obtain definite evidence for the co-segregation 

of chromium with phosphorus in alloy 690 here to substantiate the above hypothesis, due 

to the presence of intergranular chromium-rich carbides on the boundaries of most of 

the high phosphorus samples studied here, which made analysis of chromium segregated 

to the grain-boundaries (but not in carbides) difficult. 

The results of our studies of sulphur segregation showed that no free sulphur was 

found on the grain-boundaries in any of the heats studied. Sulphur was tied up mainly 

with sulphide (CrS) particles. Free sulphur segregated around the titanium nitride and 

was strongly associated with them. A similar observation was made in alloy 600 by 

Caceres et al. (143). The tying-up of sulphur with these particles is important, since free 

sulphur on grain-boundaries in a material can be very detrimental to its behaviour, 

particularly with respect to its corrosion resistance. However, formation of CrS in this 

type of alloy was unexpected. A more detailed study of these inclusions is presented in 

Chapter Eight. 
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The level of boron detected in the annealed and aged material was found to be 

less than that in the annealed-only material. This was possibly due to the carbide 

formation involving boron substitution for carbon to form borocarbides in the aged 

material. Boron substitution could remove boron from the sampling depth of the AES 

analysis, so, although more boron could be present in the boundary region, it would be 

tied up with borocarbides. Boron was always observed on the grain-boundary facets 

alongside carbon. Caceras et al. (M) noted in studies on alloy 600 that significant 

boron segregation occurred only when carbon was present also. However, carbon was 

always seen on the grain-boundary facets of all of the alloy 690 samples after all of the 

carbides had dissolved, even when no boron was observed on them. This made it hard 

to determine if carbon and boron behaved similarly in alloy 690 here as in alloy 

600(. L42), since carbon was always present. In the annealed and aged high boron 

material it is clearly seen in Figure 6.8. (b) that boron and carbon are associated with 

each other. Here the carbon level refers to carbide on the boundaries. This is similar 

to the results seen for phosphorus in an earlier section. Also similar to the phosphorus 

segregation results are the changes in chromium levels in both the high boron annealed- 

only, and annealed and aged samples, which show no noticeable trends of 
increasing/decreasing with boron or carbon levels either. 

Titanium was always found on the grain-boundaries of the alloy 690 materials 

studied here, in contrast to the observations made with alloy 600(L46). This level was 
found to be constant for all of the facets analysed. It has also been observed that 

phosphorus, carbon and titanium interact strongly with grain-boundaries in alloy 690. 

This contrasts with the behaviour of alloy 600(1.4ý). It is possible that titanium 

segregates at grain-boundaries and/or could be incorporated during the growth of 

chromium-rich carbides, making clear identification of titanium behaviour difficult. 

This particular behaviour merits further investigation. 
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Figure 6.1. (a) AES spectrum from a grain-boundary facet in the high phosphorus 
sample annealed at 1150'C/1 hour (and water-quenched) 

Figure 6.1. (b) AES spectrum from a grain-boundary facet in the high phosphorus 
sample annealed at 1325'C/I hour (and water-quenchedl 
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Figure 6.9. (al An AES spectrum from a titanium nitride particle in th d hip-h 
sull2hur material. 

Figure 6.9. (b) An AES spectrum from the grain-boundary region near the titanium 
nitride particle in the as-received high sulphur material. 
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Figure 6.11. (a) AES spectrum from a facet in high boron material l2rior to etcbing 

FigLire 6.11. (b) AES spectrum from same facet in high boron material after etching. 
revealing carbide peak 
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Table 6.1. Average values of phosphorus. carbon and chromium for high phosphorus 
and base alloy annealed and water-guenched only samples (standard 
deviations are also given here) 

Anneal Average Average Average 
Alloy Temperature Phosphorus Carbon Chromium 

/11C /Wt % /Wt % /Wt % 

High 
Phosphorus 

11500C 2.20 ± 0.57 2.57 0.69 28.95 2.87 

High 
Phosphorus 

1250'C 2.29 ± 0.92 2.39 1.06 29.16 3.67 

High 
Phosphorus 

1280"C 2.29 ± 0.97 1.92 0.68 31.61 5.22 

High 
Phosphorus 

1300'C 2.30 ± 0.89 2.27 0.49 27.88 2.15 

High 
Phosphorus 

1325'C 2.35 ± 0.78 2.19 0.79 28.40 1.85 

Base Alloy 1150'C 0.64 ± 0.16 5.57 0.99 31.21 1.34 

Base Alloy 1250"C 0 3.30 ± 0.48 27.72 ± 1.13 

Base Alloy 1300'C 0 3.36 ± 0.49 28.17 ± 2.05 

Table 6.2. Average values of phosphorus. carbon and chromium for high phosphorus 
annealed and aged samples (standard deviations are alsO given herd 

Treatment 
Average Average Average 

Phosphorus/wt % Carbon/wt % Chromium/wt % 

11500CIl hour and water- 
quenched, then 720'C/20 9.01 1.53 4.87 1.52 38.29 7 27 hours aged and water- . 
quenched 

1250"C/1 hour and water- 
quenched, then 704'C/16 9.75 1.74 4.12 1.31 33.14 5 84 
hours aged and water- . 
quenched 

1300'C/1 hour and water- 
quenched, then 716'C/I 7.61 2.53 3.90 1.70 33.91 5 24 
hour aged and water- . 
quenched 

I 
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Table 6.3. Boron segregation in the high boron annealed only. and annealed and 
aged sampml 

Level of Boron at the 
grain-boundaries 

(on average) 

Level of carbon at the 
grain-boundaries 

(on average) 

High Boron alloy, annealed at 
1200'C/I hour and water- 3.81 ± 0.48 wt % 2.83 ± 0.28 
quenched 

High Boron alloy, annealed at 
1200'C/1 hour and water- 
quenched, followed by further 2.70 ± 0.47 wt % 2.61 ± 0.64 
heat-treatment at 720OC/20 
hours and water-quenched 

I 
II 

arbon levels on three typical grain-boundary facets before and 
after sputter-etching for 60 seconds. -in the hi2h boron annealed and a "e 
material 

Etching 
Boron level/wt % 
on boundary No: - 

Carbon level/wt % 
on boundary No: - 

time/s 
2 3 1 2 3 

F-0 -ý 
2.07 1.47 1.38 1.44 1.27 1.38 

1 1.43 0.95 0.82 2.24 2.43 2.16 
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Table 6.5. Boron segregation levels in the high phosphorus, high sulphur and base 
alloys all annealed at 1300'C/I hour and either water-quenched o 
air-cooled (standard deviations are also shown-) 

Sample Levels of Boron segregation (on average) 

High Phosphorus alloy - water-quenched 0.93 ± 0.13 wt % 

High Phosphoru's alloy - air-cooled 1.45 ± 0.23 wt % 

High Sulphur alloy - water-quenched 0.90 ± 0.24 wt % 

High Sulphur alloy - air-cooled 1.80 ± 0.26 wt % 

Base Alloy - water-quenched 0.91 ± 0.25 wt % 

Base Alloy - air cooled 1.68 ± 0.26 wt % 

Table 6.6. Samples with no carbides on their grain-boundaries 

Alloy Type Annealing 

High Sulphur 1300'C/1 hour and water-quenched 

High Sulphur 1250'C/1 hour and water-quenched 

Base Alloy 1300'C/1 hour and water-quenched 

Base Alloy 1250'C/1 hour and water-quenched 

High Phosphorus 1325'C/1 hour and water-quenched 

High Phosphorus 1300OC/1 hour and water-quenched 

High Boron 1200'C/I hour and water-quenched 
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Table 6.7. Average carbon levels in the alloys studied here. having heat-treatments 
as given in Table 6.6. (standard deviations are also eiven) 

Alloy Average carbon level on grain-boundaries/wt 

High Phosphorus 2.23 ± 0.64 

High Sulphur 3.51 ± 0.48 

Base Alloy 3.33 ± 0.49 

Table 6.8. 
- 
Average carbon levels for the 13WC/I hour and water-quenched treatments 

(standard deviations are also i! iygnl 

Alloy Average carbon level on grain-boundaries/wt 

High Phosphorus 2.27 ± 0.49 

High Sulphur 3.54 ± 0.51 

Base Alloy 3.36 ± 0.49 
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CHAPTER SEVEN 

CARBON SOLUBILITY AND PRECIPITATION 

OF CARBIDES IN ALLOY 690 

1. Introduction 

Grain-boundary chemistry in the type of alloys studied here encompasses 

segregated species, second phase particles and matrix elements. The formation of 

carbides in alloy 690 was investigated to complement the segregation studies. 

Intergranular and intragranular carbide precipitates were seen in a number of heats 

before high temperature annealing, whereby this temperature was not high enough to 

solutionise carbon, and those formed during the ageing treatment following high 

temperature annealing. The distribution of the carbides was observed by using TEM. 

To complement this technique, optical microscopy and scanning electron microscopy 

were perfonned on metallographically prepared samples, together with chemical etching 

to reveal grain-boundary carbides. Diffraction patterns were used to identify the phases 

being examined. 

During this study, the influence of various dopants (phosphorus, sulphur, boron), 

on the carbide precipitation process and grain-boundary carbide distribution was studied. 

The results in this chapter are presented in several sections. The first section details 

results from studies of carbon solubility in all four alloy 690 casts examined here. The 

following section relates to an investigation of grain-growth with temperature. The next 

section details TEM results involving studies of carbide composition, morphology and 

distribution, and the effects of doping elements on these latter two properties. The 

following two sections give results from studies of the intragranular carbides formed in 

the alloys and the formation of carbides during air-cooling, respectively. These results 

are discussed in the final section of this chapter. 
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7.2. Results 

7.2.1. Carbon SolubiLily 

The samples studied were annealed at various temperatures as shown in the list 

of AES, TEM and chemically -etched specimens given in Table 7.1. To ensure that the 

annealing (and ageing) temperatures used during this study were accurately known, the 

furnace used to heat-treat the samples was regularly calibrated throughout the main part 

of its temperature range. This was done by checking readings from the furnace 

temperature controller with those from a thermocouple inserted into the furnace, often 

with samples to be heat-treated. The temperature readings from the furnace were found 

to be within ±2'C of the measured value. This provided an error in the annealing 

temperatures used (1050'C - 1325'C) of about ±0.2%, and in the ageing temperatures 

used (704'C - 720'C) the error was around ±0.3%. 

The first alloy studied was the phosphorus-doped material. The heat treatment 

temperatures ranged from 1150'C to 13251C. Carbide precipitates were observed to 

dissolve completely at 1300'C. The subsequent high annealing temperature, 1325'C, 

was applied to ensure a fully solutionised carbon in the material. The alloy doped with 

sulphur was annealed at temperatures from 1050'C to 13000C. The carbides in this 

material were found to dissolve at 1205'C. The base alloy was annealed at temperatures 

between 11500C and 1300'C. The carbide was found to dissolve at 12100C. A limited 

investigation of the solubility of carbon in the boron-doped alloy was also made, with 

samples annealed at temperatures ranging from 1150'C to 13000C. However, only 

chemical-etching was performed, yielding a temperature range within which the carbides 
in this material were found to dissolve of 11500C - 12000C. As the annealing 

temperatures at which the carbide dissolved in each of these materials were approached, 

the samples examined for carbide content were annealed at closer temperatures to each 

other, down to a YC gap in annealing temperatures just prior to the solution temperature 

of carbon in each alloy. 
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Determination of the carbon solubility limit was carried out using mainly TEM. 

AES study of fracture surfaces on various samples heat-treated for 1 hour at different 

annealing temperatures, within the ranges specified above, complemented TEM 

experiments. These two techniques combined were found to be more reliable than 

conventional chemical etching. The chemically-etched specimens were examined with 

SEM mainly, since it was difficult to reveal clearly the carbide distribution at grain- 

boundaries using light microscopy. As an example, an SEM image taken from an etched 

sample is given in Figure 7.1., as compared with the corresponding optical image in 

Figure 7.2. taken from the base alloy material, annealed at 1050'C/1 hour and water- 

quenched. 

The results obtained for the dissolution of carbides in the four alloys studied are 

shown in Figure 7.3. They are compared with published data(150, M) for alloys of 

type 690. 

7.2.2. Grain-Growth versus Annealing Temperature 

The pinning effect of carbide precipitates, intergranular and/or intragranular, was 

also investigated during the study of carbide dissolution. This yielded sets of data which 

allowed the grain-growth of teach of the alloys 690 studied to be followed as a function 

of annealing temperature. The results of the study are detailed hereafter. Chemical 

etching, followed by light microscopy, was used to determine average grain size for the 

different heat-treatments of the alloys. The chemically-etched specimens studied were 
identical to those used for carbon solubility investigations. The series of figures 7.4. (a)- 

7A(d) allows a comparison to be made of the grain-size observed with the high 

phosphorus, high sulphur, high boron and the base alloys at the same annealing 

temperatures. The results of grain-growth measurements versus annealing temperature 

are shown in Figure 7.5. These were obtained by a linear intercept measurement 

method (as mentioned in Chapter Four), which permitted the calculation of average 

grain-size to be made at each different annealing t&mperature. 
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7.2.3. TEM Results 

7.2.3.1. Carbide Identification Distribution 

The heats studied here were as follows: base alloy, annealed at 1150OC/1 hour 

and water-quenched, followed by further heat-treatment at 720'C/20 hours and water- 

quenched, with similar treatments being made for the high phosphorus and high sulphur 

alloys; base alloy, annealed at 1300'C/1 hour and water-quenched, followed by further 

heat-treatment at 716'C/1 hour and water-quenched - again identical treatments were 

made for the high sulphur and high phosphorus alloys. The latter set of heat-treatments 

were performed to study the morphology of the carbides in these three alloys. The high 

temperature used to anneal these latter specimens was necessary to dissolve all of the 

pre-existing carbide in the high phosphorus alloy - similar treatments were required for 

the other alloys so that they could be easily compared with the high phosphorus samples. 
The high boron sample was annealed at 1200OC/1 hour and water-quenched, followed 

by further heat-treatment at 720'C/20 hours and water-quenched. As well as carbide 
forming in alloy 690 under the above treatments, it also exists below the annealing 

temperature that dissolves all of the carbide (for a particular alloy). As well as these 

samples, those TEM foils used to study carbon solubility were also examined (given in 

Table 7.1. ). 

The carbide distribution along a typical grain-boundary in the high boron 

material that was annealed and aged (at conditions given above), having no carbides on 
its grain-boundaries after annealing is given in Figure 7.6. (a). The carbide morphology 

seen in this figure compares with that observed by other authors, e. g. Kai et al. (152), 

for the temperature (7200C) and time (20 hours) of the anneal used for the sample of 
Figure 7.6. (a). The carbide distribution in materials that had been aged, but with pre- 

existing grain-boundary carbides is shown in Figure 7.6. (b). More carbide coverage of 

the grain-boundaries was noticed. Analysis of the grain-boundary carbides by TEM 

EDX showed that they were of the typeM23C6, where M=Cr,, Fe, Ni, and had a face- 

centred cubic crystal structure, confirmed by diffraction patterns (Figure 7.7. ). This 

carbide form is typical of that seen in alloy 690 by other researchers(152). The grain- 
boundary carbides were found to grow epitaxially with one of the ad acent grains. The Ii 
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diffraction pattern in Figure 7.7. (a) suggests the relationship between theM, 3C6carbide 

and the y-matrix as: 
< 11() > M23C6 // < 110 >y-matrix 

The carbides found on grain-boundaries in the alloy 690 material examined during this 

work generally exhibited a cube-on-cube orientation relationship with one of the adjacent 

grains. The selected area diffraction pattern (SADP) shown in Figure 7.7. (c) has been 

obtained from the boron-doped alloy. The extra reflection spots which could be noticed 

by comparing this pattern with that shown in Figure 7.7. (a) could be attributed to the 

presence of boron in the carbide crystal. 

In all of the examined samples, the carbide precipitates at the grain-boundaries 

and in the grain interiors were found to be of theM23C6 type. NoM7C3 type was found. 

As mentioned earlier, these carbides are chromium-rich. A typical EDX spectrum taken 

from a carbide particle is shown in Figure 7.8. (a), and can be compared to an EDX 

spectrum taken from the matrix of one of the grains near the particle (Figure 7.8. (b)). 

The presence of carbon in the carbide was verified using EELS (see Figure 7.8(c)). The 

EDX spectrum from the carbide shows that it also contains nickel and iron. The carbide 

particle corresponding to the EDX spectrum was sticking out from the grain-boundary 

into the central perforation hole of the thin foil. This meant that the EDX spectrum 

came solely from the carbide precipitate, and there was no contribution from matrix 

overlap. Quantification of the EDX spectrum from the carbide (Figure 7.8. (a)) using 

the method outlined in Chapter Four (section 4.3.2.1. ) was possible, yielding a carbide 

composition of 84.4±0.8wt% chromium, 12.6±0.6wt% nickel and 3.0±0.2wt% iron. 

The EDX analysis of the carbide precipitate gave results which were typical of the 

general composition of carbides observed in this material - i. e. very high levels of 

chromium (> 80wt%), together with some nickel and iron being present, which is in 

agreement with the results of Kai et al. (j5-2). 

In the boron-doped alloy, boron can substitute carbon in the carbides forming 

borocarbides, of general formulaM23(C, B)6. Boron substitution was confirmed by the 

EELS analysis of grain-boundary carbides (in a sample 1200OC/1 hour annealed and 

720OC/20 hours aged). The EELS spectrum of Figure 7.9. shows clearly the K edge for 
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boron and peaks for carbon and chromium. Note that no boron was detected in the 

EELS analysis of carbides observed in the phosphorus-doped, sulphur-doped and base 

alloys during this study. 

7.2.3.2. Effect of Doping Elements on Carbide Distribution and Morphology 

An investigation of the effects of different elements on the morphology of the 

carbides was also undertaken here. This was done using material that had been aged for 

only one hour, after an anneal at 1300'C for 1 hour which dissolved all of the carbides 

already in the material. The Figures 7.10. (a) and 7.10. (b) show the typical carbide 

morphology found in the high sulphur and base alloy, 1 hour aged, samples studied. 
Again, this morphology agrees with those seen, for 716'C/I hour annealing treatments, 

by other researchers(152). Discrete, "blocky", angular morphologies were found in 

most of the aged samples studied. Therefore, the sulphur level in the material was not 

seen to alter the carbide morphology in alloy 690, possibly due to the fact that sulphur 

was not seen segregated around the carbides, but was tied-up with inclusions (as seen 
in Chapter Eight). 

'Me only different carbide morphologies from those seen by other authors(152) 

were found on the grain-boundaries in the high phosphorus 1300'C/1 hour annealed and 
716'DC/1 hour aged samples. Again, the carbides in this material were discrete. The 

morphologies observed are given in Figures 7.10. (c) - (g). They are less "blocky" and 

angular in appearance than those of the carbides formed in the other alloys, and 

generally more rounded. The fact that the morphology of the carbides in the high 

phosphorus alloy was not the same as that seen in the other alloys or by Kai et al. (152) 

could be due to the presence of a relatively high phosphorus level in this alloy. It is 

possible that phosphorus exerts an effect on the growth of carbides in alloy 690. Due 

to its higher tendency to segregate at the grain-boundary carbide-matrix interface (see 

Chapter Six, section 6.3. ), the resulting effect of phosphorus could be associated with 

a change in the surface energy of that interface. Consequently, the, growth of the 

carbide particles would proceed along preferential crystallographic planes of the carbide- 

matrix interfacial boundary. This causes a change in the morphology of the carbides 
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when compared to that of carbides formed at grain-boundaries that have no segregated 

phosphorus present (as in the sulphur-doped and base alloys). 

Differences in the distribution of carbides on grain-boundaries in the sulphur- 

doped and base alloys aged for one hour at 716'C (Figures 7.10. (a) and 7.10. (b)), as 

compared with the high phosphorus material were noticeable (Figure 7.10. (c) and 

7.10. (d)). The distribution of carbides in the phosphorus-doped material was less than 

that in the other alloys. The differences in grain-boundary carbide distribution could 

also be due to the presence of a relatively high phosphorus level in the phosphorus-doped 

material, as opposed to that in the other alloys examined. The effect of phosphorus on 

carbide distribution could be linked to its effect on grain-boundary carbide morphology 

(mentioned above). Phosphorus has been seen to affect grain-boundary carbide 

morphology and distribution in type 316H stainless steel (174). 

It was noted that no carbide nucleation on the twin-boundaries was seen in the 

phosphorus-doped, sulphur-doped and base alloy samples aged for one hour at 716T. 

Also, prior to ageing, no carbides were observed on the grain-boundaries with the TEM 

(Figure 7.11 - (0) - 

Figures 7.1 L(a) and 7.1 L(b) are TEM micrographs taken from the phosphorus- 
doped alloy, which had been annealed at 1150'C/I hour and at annealed at 1250OC/I 

hour respectively. The carbides in the 1250'C annealed material were much smaller 

than those seen in the 1150'C annealed material. The carbides in the former were, on 

average, three times smaller than those in the latter. The grain-boundaries containing 

pre-existing carbides can be compared with Figures 7.6. (a) and (b). In the aged 

materials the coverage of grain-boundaries with carbides is much more extensive. In 

the high sulphur and base alloy materials (annealed at 1300OC/I hour and then heat- 

treated at 716'C/1 hour, both water-quenched) some dendriticM, 3C6 carbides were 
formed, and are shown in Figures 7.12. and 7.13. They were found to grow epitaxially. 

Dendritic carbides were also observed on the chemically-etched high sulphur alloy(j5a). 
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7.2.4. Intrallranular Carbides 

In addition to grain-boundary carbides, intragranular carbide precipitates were 

found in the materials examined. These carbides often form on dislocations within the 

grains, and around intragranular inclusions, due to the high dislocation density around 

such particles. In the alloys examined here, the intragranular carbides were found to be 

of identical composition to those on the grain-boundaries, i. e. they were of the form 

M23C6. Details of all of the samples used to investigate the presence and composition 

of intragranular carbide are given in Table 7.1. TEM images of typical intragranular 

carbide, in the high sulphur, high phosphorus, base alloy and high boron materials, are 

given in Figures 7.14. (a) and 7.14. (b). The carbide is growing in several different 

directions, and is rod-shaped. Figure 7.14. (c) shows the "spidery-looking" intragranular 

carbides in the relatively thick area of the TEM foil. The lath-like shape of these 

intragranular carbides is shown starkly in Figure 7.14. (d), which details a fairly long 

carbide that actually sticks out into the central hole in the TEM foil. These rod or lath 

type carbides were found to be epitaxial, having trace directions parallel to the (220), 

(002), (111) and (11T) planes of the matrix. From diffraction patterns (Figure 7.15. ), 

the relationship between the carbide and the y-matrix can be given as: 

'ýý loo ýýo M23C6 11 "ýý 100 ýýo y-matrix 

The intragranular carbides found in the different alloy 690 materials studied during this 

work generally had a cube-on-cube orientation relationship with the grains in which they 

were situated. In all cases, identical further heat-treatments (i. e. 720'C/20 hours and 

water-quenched) were used. Figure 7.16. shows the intragranular carbide nucleating 

around an intragranular titanium nitride particle. Note the high density of dislocations 

around the particle, acting as nuclei for carbide growth. Figures 7.17. and 7.18. give 

typical EDX spectra from an intragranular carbide and the bulk of the grain away from 

the carbide precipitate, showing the enrichment of chromium in the particle (although 

there is some signal from the matrix included in the spectrum from the carbide in Figure 

7.17. ). 
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7.2.5. Carbide Formation upon-Air-Coolin 

AES study of fracture surfaces of samples from the high sulphur, high 

phosphorus and base alloy materials which were annealed at 1300'C/1 hour and air- 

cooled indicated the formation of carbides on some grain-boundaries. The time taken 

upon air-cooling these samples from 1300'C to room temperature was about 5 minutes, 

whereas that for water-quenching was a few seconds. Examples of AES spectra of 

grain-boundary facets containing carbides are given in Figures 7.19., 7.20., and 7.21., 

for each of the three alloys respectively. The percentage of grain-boundary facets 

containing carbide deposits in the above samples, is listed in Table 7.2. The textures of 

the grain-boundary facets observed in these samples are shown in Figures 7.22. and 

7.23. 

7.3. Discussion 

The methods used here to determine the carbon solubility were based on the 

TEM examination of grain-boundaries, in addition to AES analysis of exposed grain- 

boundary facets, and chemical etching followed by Optical and electron microscopy. It 

was found that these techniques coupled together were more accurate at determining 

when all the carbides have been dissolved in the material than by using chemical etching 

and optical microscopy alone, as used most frequently by other researchers. TEM 

imaging affords a much higher magnification, so even very small carbides can be 

observed and identified using diffraction patterns. However, to be sure that carbide 

was, or was not, present a fair number of TEM foils were examined. AES analysis is 

very sensitive to the presence of carbon on the exposed facets. To be sure of the 

presence of, or lack of, carbides, at least 10 grain-boundaries per heat-treatment were 

analysed. The presence of carbides was identified by a careful examination of the 

structure of the carbon peak. SEM imaging of the chemically-etched samples afforded 

a greater resolution and magnification than optical microscopy, allowing much smaller 

carbides on the grain-boundaries to be seen. To this end, the back-scattered electron 

detector was used to give a good contrast between the grain-boundary carbides and the 

surrounding material. To find intergranular carbides using SEM, a large number of the 
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grain-boundaries of each etched sample were examined. These techniques together 

provided a very accurate means of determining carbon solubility, eliminating the 

discrepancies that exist between the results obtained by other authors, Sarver et al. (JU) 

and Nagano et al. (15-1). It must be noted that Nagano et al. and Sarver et al. relied on 

using optical microscopy alone to determine the solubility of carbon in alloy 690. 

During this study, the most noticeable effects were seen in the high phosphorus 

material, which gave a number of differences when compared to the other alloy types 

investigated. It was shown that the solubility of carbon in the high sulphur and base 

alloys agreed with the results given by Sarver et al. (M), within experimental error. 

However, the carbides in the high phosphorus material dissolved at a much higher 

temperature. The carbides detected in the high phosphorus material that were still 

present after the predicted dissolution temperature(150) were found on the grain- 

boundaries. It must be noted that alloy 690 samples used by Sarver et al. did not contain 

phosphorus in their nominal composition. As shown in Chapter Six previously, the level 

of phosphorus at the grain-boundaries in the high phosphorus material is much higher 

than that in the base alloy. For instance, for samples annealed at 1150'C/1 hour and 

water-quenched, the level of phosphorus at the grain-boundaries in the high phosphorus 

material was found to be 2.20 (± 0.57) weight per cent on average, whereas that in the 

base alloy was determined as 0.64 (± 0.16) weight per cent on average. It was also 

shown that the level of phosphorus on boundaries containing carbides was generally 

higher than on grain-boundaries free of carbides. It was also found that phosphorus 

segregation around the grain-boundary carbides affects the morphology of these 

precipitates, and therefore a longer time at temperature would be required to make all 

of the carbon go into solution. Since there is a smaller amount of phosphorus in the 

base alloy and high sulphur materials, the effect of this element would be much less, 

since less phosphorus would be available to segregate to the grain-boundaries and around 

the carbides. In fact, since no noticeable difference in the solubility of carbon was 

found in these two alloys, when compared to that predicted by Sarver et al. (M), it 

could be possible that there is a threshold level of phosphorus content in alloy 690 that 

has to be reached before enough phosphorus segregates to the grain-boundaries and 

around the carbides to have a noticeable effect on carbon solubility. 
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The effect of phosphorus on the dissolution of (grain-boundary) carbide 

precipitates in alloy 690 was reflected by the difference in carbide morphology between 

that formed in the high phosphorus material, after a1 hour ageing treatment, and that 

in the high sulphur and base alloy materials. Such an effect was noticed by Younes et 

al. in 316 stainless steel (L4_2,15-4) and by Younes in alloy 600(14-6), and by Grabke in 

Ni-20Cr alloy(155). 

The grain-growth during annealing was found to depend on the amount of 

carbide in the material. Carbide in the material would exert a pinning effect, such that 

they would restrict grain-growth during annealing. This pinning effect is particularly 

exerted on the grain-boundaries, due to the preferential precipitation of carbides at these 

interfaces, and consequently retards their diffusion during anneal ing(1516,15-7). As 

shown in this work, the carbides in the materials studied were usually discrete and 
"blocky" in shape, and generally semi-continuous. Prior to the dissolution of all of the 

pre-existing carbides in the three alloys examined, carbide pinning and obstruction of 

the grain-boundaries would slow the grain-growth d uring annealing, thereby creating a 
final grain-size after annealing smaller than that which would be found in a carbide-free 

material. 

The grain-growth curves shown in Figure 7.5. indicate a change in slope around 

the annealing temperature that was found to dissolve all of the carbides. Prior to this 

temperature, the slope of the graph was fairly gradual. However, the grain-size was still 

increasing with annealing temperature because the carbides were slowly dissolving, a 

process that increased with temperature, causing their pinning effect to be diminished. 

Thus, it was slightly easier for the grain-boundaries to break free from the carbides. 

After the annealing temperature which dissolved all of the carbides in the material, 

nothing substantial was present in the material to hinder grain-growth appreciably, so 

the grains grew quite rapidly, only depending on the diffusion of the grain-boundary 

at temperature with time. Therefore, the slope of the grain-growth curves will increase 

after all of the carbides have dissolved. 

It was also noticed that the carbides formed on some grain-boundaries after 

annealing (at 1300OC/I hour) when the samples were air-cooled. This was probably due 
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to a longer exposure time in the carbide precipitation temperature range 5001C - NOT 
during air-cooling than for the case of water-quenching, allowing some small carbides 
to precipitate on high-angle boundaries. The high sulphur and base alloy samples had 

more grain-boundary carbides than the phosphorus-doped alloy because they had, on 
average, more carbon on the boundaries after annealing. This was shown by the AES 

results presented in the previous chapter. 
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Figure 7.4. (a) Light microscope image of a cliciiiically-etchcd high Phosphorus alloy 
sample annealed at 1300"C/l hour and watcr-qucnclied (x 80 

inag. ) (grain size. 146-1870111) 

FigLare 7.4. (b) Light microscope image of a cheinically-etched high sulphur alloysalill)lc 
annealed at 1300"C/I hour and water-quenclied (x 40 mag. ) (g am rL- 
size 322-364jun) 
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Figyre 7.4. (c) Light microscope il-naV_e of a chemically etched Iligh boroll alloy saillpIc 
annealed at 1300"C/I hour and water-quenched (x-, 

-60 mag. ) 
(grain-size 54-393. jArn) 

Figure 7.4. (d) Light inicroscope image of a chemically etched base alloy s"n le 
annealed at 130OT/I hour and water-quenched (x 40 niag. ) 
(grain-size 301-342IAiii) 
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Figure 7.6-(a) Typical carbide on the grain-boundaries of aged sampIcs that had 
no carbides on their boundaries after annealing (x 9700 mag. ). Note that 
the TEM foil had split along the boundary, making it appear wider than 
it really was. The sample shown here was the high boron inaterial 
annealed at 1200OC/I hour and aged at 720'C/20 hours. 

Figtire 7.6. (b) Typical carbide on the grain-boundaries of aged samples that had pre- 
existing carbides on their boundaries after annealing. (x 6100 mag. ). The 

sample shown here was the high phosphorus material annealed at 
1150'CII hour and aged at 720'C/20 hours. 
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Figure 7.7. (a) Selected area diffraction patternof M23C6and 
y-matrix on < 110> axis 

(x 950 camera length) 
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Figyre 7.7. (b) Selected area diffraction pattern of y-matrix on < 110 > axis 
(x 950 camera leagthl 
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Figure 7.7. (c) M. 13C6 on< 110> axis in the high boron alloy (annealed at 1200'C/1 
hour and aged at 720OC/20 hours) (x 700 camera length). Note the extra 
reflection spots. 
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Figtire 7.10. (a) Elongated, rectangular grain-boundary carbide (x 40000 inag. ). This 
image was taken from the high sulphur alloy (annealed at 1300"C/1 hour 
and aged at 716'C/I hour) and shows carbide morphology and 
distribution. 

:7_ 

Figure 7.10. (b) Blocky, rectangular grain-boundary carbide (x 40000 luag. ). This 
image was taken from the base alloy (annealed at 1300'C/ I hour and aged 
at 716OC/I hour) and shows carbide morphology and distributio 

iAfl1o4, A$is 4 
Li 

Figu -e 7.10. (c) Image of grain-boundary carbide morphology in the high phosphorus 
alloy (annealed at 1300'C/I hour and aged at 716'C/I hour). also showing 
carbide distribution (x 40000 mag. ). 
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Figure 7.10. (d) Image of carbide morphology on a high-angle grain-boundary in the 
high phosphorus 1300'C/I hour and 716OC/I hour aged samples (x 21000 
mag. ). The carbides are on the right of the image. Notc the titanium 
nitride particle near the centre of the image. 

a 
* 

up of the carbide morphology on the grain-boundary given in 
Figur 7.16. (c) (x 82000 mag. 1 
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Figure 7.10. (f) Image of carbide morphology in the high phosphorus 1300')C/1 hour 
and 716')C/1 hour aged samples, on a fairly low angle graiii-boutidary 
(x 82000 mag. ) 

Figgre 7.10. (g) Image of carbide morphology in the high phosphorus 1300'C/I hour 
and 716'C/I hour aged samples. on a very low angle grain-boundariy 
(x 108000 mag) 
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Figure 7.11. (a) TEM image of pre-existing carbides in the Iligh pliospliorLIS 1150" 
1 hour annealed samples (x 6100 mag. ). 

Figu -e 7.1 L(b) TEM image of the pre-existing carbides on tile grain-boundaries in tile 
high phosphorus 1250OC/I hour annealed samples (x 2 1000 mag. ) 

/ 

'lb 

Figgre 7.11. (c) TEM image of a grain-boundary after all pre-existing carbides had been 
dissolved, in high phosphorus material, annealed at 1300'C/I hour and 
water-quenched 

n-bounclary 
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Figure 7.12. Image of dendritic (cellular) carbide formation (x 9700 mag. ) in thebasc 
alloy (annealed at 1300')C/ 1 hour and aged at 716"('/ 1 hou 0. 

Figgre 7.13. Close-up of dendritic (cellular) carbide (x 40000 mag. ) in the high sulphur 
alloy (annealed at 1300OC/I hour and aged at 716'C/I hour). 
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Figure 7.14. (b) Typical intragranular carbide (x 14000 1 
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Figure 7.14. (c) TEM image of the lath-like, "spidery" intragran_ular carbides ill the 
materials investigated here (x 9700 inag. ) 

v 

;w F'Ql 

Figure 7.14. (d) High inagnification image of the lath-like intragranular carbide 
observed in all aged alloy 690 specimens (x 5 1000 Lj-Lag. j 
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Figure 7.15. TEM diffraction patternof M23-C6 and :ý -matrix on < 100 > axis (x 950 
camera length). 
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Figure 7.16. TEM image of intragranular carbide nucleating around a titanium nitride 
particle (x 14000 mag. ). Note the dislocations around the particle. 
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Figure 7.20. AES spectrum from a grain-boundary facet containine carbides in the 
slill2hur-doped material after air-cooling from 13000C.. - 

Figure 7.21. AES spectrum from a grain-boundary facet containing carbides in the base 
alloy material after air-cooling from 1300T. 
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Table 7.1. AES, TEM and chemically-etched sampleS examined dudnv- this study 

Alloy Type Annealed Aged AES TEM Chemically- 
etched 

High Phosphorus 1050'C/I hour 

1-figh Phosphorus II OO'C/ I hour 

Mgh Phosphorus 1150'C/I hour 

1-figh Phosphorus 1150'C/I hour 720OC/20 hours 

Mgh Phosphorus 1200'C/I hour 

ffigh Phosphorus 1250'C/I hour 

I-Egh Phosphorus 1250'C/I hour 704OC/16 hours 

Rgh Phosphorus 1280'C/I hour - 
High Phosphorus 1290OC/I hour - 
High Phosphorus 1295OC/I hour - 
High Phosphorus 1300'C/I hour - 
I-Egh Phosphorus 1300'C/I hour 716OC/I hour 

I-Egh Phosphorus 1325OC/I hour 

High Sulphur 1050'C/I hour 

High Sulphur II OO'C/I hour 

High Sulphur 1150'C/I hour 

High Sulphur 1150OC/I hour 720'C/20 hour 

1-figh Sulphur 1180OC/I hour - 
ffigh Sulphur 1190'C/I hour - 
High Sulphur 1200'C/I hour - 
I-Egh Sulphur 1205'C/I hour - 
High Sulphur 1250'C/I hour 

Mgh Sulphur 1250OC/I hour 725'C/16 hours 

High Sulphur 1300OC/I hour 

Mgh Sulphur 1300OC/I hour 716'C/I hour 

cont'd 
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Table 7.1. cont'd. 

Alloy Type Annealed Aged AES TEM Chemically- 
etched 

Base Alloy 1050'C/I hour 

Base Alloy II OO'C/I hour 

Base Alloy 1150'C/I hour 

Base Alloy 1150'C/I hour 720'C/20 hours 

Base Alloy 1180'C/I hour - 

Base Alloy 1190'C/I hour - 

Base Alloy 1200'C/I hour - 

Base Alloy 1205'C/I hour - 

Base Alloy 1210'C/I hour - 

Base Alloy 1250'C/I hour - 

Base Alloy 1300'C/I hour - 

Base Alloy 1300'C/I hour 716'C/I hour 

IFEgh Boron 1150'C/I hour 

High Boron 1200'C/I hour 

9gh Boron 1200'C/I hour 720"C/20 hours 

I-Egh Boron 
- 

1250'C/I hour 

nj Ifigh. Boro 1300'C/I hour 
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Table 7.2. Percentage of grain-boundaEy facets containing-sarbides in the phosphorus- 
doped- sulphur-doped and base alloys (air-cooled from BOOT). 

Sample % of facets with some carbide on them 

High Phosphorus 12.50% 

High Sulphur 23.00% 

Base Alloy 20.00% 
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CHAPTER EIGHT 

CEL&RACTERISATION OF INCLUSIONS 

8.1. Introduction 

Apart from the carbide precipitates that form during heat-treatment and cooling 

of alloy 690, other particles were found, both in the bulk of the grains and at the grain- 

boundaries. These particles were observed, or alluded to, during segregation studies by 

Auger electron spectroscopy (Chapter Six). In order to characterise these second 

phases, TEM and AES were employed to determine their composition and crystal 

structure. The specimens examined are listed in Table 8.1. Basically three types of 

particles were found in the various alloys studied. Their identification and chemical 

analysis are described in the present chapter. 

&2, R 
-RUUII. a 

8.2.1. Titanium Nitride Particles 

The first type of inclusion which has been found systematically in all of the 690 

alloys considered in this work is titanium nitride. These particles are formed randomly 

from the melt, being found both intergranularly and transgranularly in the material, and 

were first seen on the fracture surfaces of AES samples examined during segregation 

studies. They generally had a cubic shape, unless they were broken during the fracture 

process - although they still retained an angular appearance, which is characteristic of 

the titanium nitride particles, making them easily distinguishable from the other particle 

types encountered during this study. An SEM image of titanium nitride inclusions which 

were found on a fracture surface of an alloy 690 specimen is given in Figure 8.1., 

highlighting the different shapes of these particles. These inclusions form in a variety 

of sizes, ranging from about 0.5 micron to about 8 microns across. Evidence for the 
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existence of these particles came from AES analysis of grain-boundary facets performed 

during segregation studies. A typical AES spectrum recorded from such an inclusion 

is shown in Figure 8.2. (a). Figure 8.2. (b) gives an AES spectrum from the grain- 

boundary adjacent to the TiN particle. Table 8.2. gives the quantitative results of the 

spectrum from the TiN particle, and the corresponding grain-boundary spectrum, 

showing high amounts of titanium, nitrogen and sulphur. The analysis shows that 

titanium and nitrogen are the main components. Figure 8.3. gives an SEM image of a 

titanium nitride particle, which again has the recognisable angular shape. The bright 

contrast in this micrograph originates from a layer of sulphur covering the titanium 

nitride particle. 

To complement the AES results and provide a more detailed analysis, TEM was 

also used to determine their crystal structure and composition accurately. Figure 8.4. 

is an electron micrograph of a titanium nitride particle at a grain-boundary in a TEM 

foil. rfbe corresponding EDX spectrum from this particle (Figure 8.5. ), shows a large 

titanium peak. It was not possible to ascertain the presence of nitrogen in the inclusions 

by EDX, since the detector used was not windowless. Note that no sulphur was detected 

by EDX. This is possibly due to the removal of the sulphur layer during the 

electrochemical thinning process applied for the preparation of thin foils. This, 

however, confirms the AES results (Chapter Six) showing that sulphur is not 
incorporated into the nitride inclusion. 

To determine nitrogen content, EELS was used in combination with TEM. The 

EELS spectrum shows a typical nitrogen edge (Figure 8.6. ). Note that no carbon was 
detected in the particle by EELS analysis. The crystallography of the TiN particles was 

revealed by diffraction patterns taken from them. One such pattern is shown in Figure 

8.7. This exhibits a face-centred cubic NaCl crystal structure, having a lattice parameter 

of a=4.21A, to within 0.5% accuracy, which agrees with results by Caceres in alloy 

600(M), a=4.20A, and those values reported by Steeds and Mansfield for TiN(M), 

a=4.244A. This was the only pattern obtained from the TiN particles, and did not 

contain enough information to determine the orientation relationship between the particle 

and the matrix. 
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8.2.2. Chromium-rich Sull2hides 

During the analysis of grain-boundary facets with AES it was observed that 

chromium-rich sulphides form in the sulphur-doped alloy 690 material. These particles 
have a more rounded shape than the titanium nitride inclusions, having sizes ranging 
from 0.5 to 5 microns. Chromium-rich sulphides were found both intergranularly and 

transgranularly in the material. A typical AES spectrum from these sulphides is given 
in Figure 8.8., in comparison with one taken from the nearby grain-boundary region 
(Figure 8.10. ). The quantitative data obtained from both spectra show clearly the 

chromium enrichment of the particle(Table 8.3. ). These spectra also indicate that 

titanium is associated with the analysed particle, either incorporated within the sulphide 

or as a segregant. A secondary electron image of such a particle is given in Figure 

8.10. The typical coverage of the grain-boundary facets with chromium-rich sulphides 
in the high sulphur material is shown in the SEM image in Figure 8.1 L(a), taken from 

the 1250'C/1 hour annealed and 725'C/16 hours aged sample. The distribution of 

sulphide particles across the facets shown in Figure 8.11. (a) is highlighted by the 

sulphur map of Figure 8.11. (b). The particles on the facets were shown to be 

chromium-rich sulphides by AES spot analysis. 

TEM/EDX examination was undertaken to determine the crystal structure and 

composition of the sulphide particles. Electron images of a grain-boundary sulphide 

observed in a TEM specimen are shown in Figure 8.12. In this case, the sulphide 

particle is strongly pinning the grain-boundary. The EDX spectrum taken from this 

particle is given in Figure 8.13. It shows that it is chromium rich and contains sulphur. 

Again, there is evidence in this spectrum of titanium associated with the CrS particle. 

The EDX spectrum also suggests that nickel could also be associated with the sulphide 

inclusion, an observation backed up by the AES spectrum of Figure 8.20., which was 

taken from the middle of a particle that had been apparently damaged by the electron 

beam. This gives a general formula for the chromium-rich sulphides of (Cr, Ti, Ni)S. 

However, the association of nickel with the particle is not certain, and an exact 

determination of the nickel content was not possible, although it can be estimated as less 

than 10% of the inclusion, with the remainder being chromium and titanium. The 

corresponding diffraction patterns show that the sulphide has a hexagonal NiAs crystal 
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structure, having lattice parameters a=3.45A and c=5.83A, to within 0.5% accuracy. 

It was not possible to determine the orientation relationship between the CrS particles 

and the adjacent grains from the diffraction patterns in Figures 8.14. (a) and (b). Very 

little overlap of the matrix onto the particles occurred on those examined here, since 

thinning of the specimen removed most of it. This hampered the determination of the 

orientation relationship because more matrix overlap was necessary to produce 

noticeable matrix reflections. Any simple relationship involving the axes given here 

would have been spotted during analysis. A relationship could possibly be more readily 
distinguished if the particle was on an axis different to those given here (< 10710 > and 

< 1110 >), although these two axes were the only ones capable of being reached, due 

to the limitations of the analysis undertaken in terms of sample tilt and initial particle 

orientation. 

Two other phases were occasionally seen to be attached to the chromium 

sulphides (Figure 8.12. (b)). One of these phases was identified as aluminiurn rich, 

possibly aluminiurn oxide, and the other is rich with titanium. Aluminium. has been 

added in the alloy to tie up oxygen. These particles would form from the melt, and still 

be present in the alloy on cooling. An EDX spectrum from the aluminium-rich phase, 

given in Figure 8.15., shows that no sulphur is present in this phase, whereas an EDX 

spectrum from the titanium-rich phase shows that sulphur could be present in this phase, 

given in Figure 8.16. This titanium-rich phase was distinct from the titanium associated 

with the CrS particle. However, no further analysis was possible, since these particles 

were very small and easily overlapped with the main CrS particle, obscuring data to be 

drawn from diffraction patterns of these phases. Aluminium. has also been detected, 

occasionally, in AES spectra taken from these CrS particles, as shown in Figure 8.17., 

which is possibly due to the aluminium. oxide particles near the sulphides. 

Chromium-rich sulphides were also seen during the analysis of as-received high 

sulphur material, as given in the AES spectrum of Figure 8.18. together with a spectrum 

taken from the area near the particle. Table 8.4. gives the chromium/nickel peak height 

ratios for the spectra from CrS particle and the nearby area, in this as-received material, 

showing a higher chromium level in the particle. There was, however, some signal 
from the area adjacent to the particle, which partially obscured that from the particle, 

210 



altering the chromium level observed. No carbon/carbide was detected by AES on the 

sulphides found in the as-received material so that chromium enrichment shown here 

could be attributed to the sulphide particles only, and not to the presence of chromium- 

rich carbides. Figure 8.19. shows an SEM image of a CrS particle found in the as- 

received material. No evidence of this type of sulphide was provided in either the TEM 

or the AES specimens of the base alloy, high boron or high phosphorus materials. 
However, traces of manganese were detected by performing high spatial resolution AES 

analysis of the sulphide particles. Upon analysis, an apparent damage induced by the 

electron beam was noticed and such a damaging effect intensified with time. 
Consequently, the spectra recorded from the inclusion showed the presence of 

manganese (Figures 8.20 and 8.21. ). The effect of the electron beam when focused on 

the particle could cause a sublimation of sulphur from the sulphide, thereby permitting 

an enhanced detection of its metal constituents which are present at a very low level, 

such as manganese and titanium. This effect is a function of exposure time of the 
inclusion to the electron beam. The general formula of these inclusions can now be 

written as (Cr, Ti, Ni, Mn)S. A spectrum taken from the grain-boundary near the 

particle is given in Figure 8.22., for comparison. Table 8.5. gives quantification for 

the two spectra from the particle and the one from the grain-boundary. Nickel is also 

seen in Figure 8.20. without the presence of an iron peak, which would be expected if 

there were a contribution to the spectrum from the surrounding matrix/facet. This 

indicates that nickel was possibly incorporated into the sulphide, although this was not 
determined conclusively. It is also noticeable from these spectra that magnesium was 

present as a minor constituent. It is possible that the magnesium signal originates from 

an oxide, probably MgO. The magnesium oxide particles form from the melt (as for 

aluminium oxide) upon cooling and would act as nucleation sites for formation of 

particles such as chromium-rich sulphides. This would explain how magnesium was 
detected inside the sulphide particles. Magnesium oxide particles have been observed 
in sulphide particles in alloy 600(146). 

Analysis of CrS particles by TEM was difficult, since depletion of chromium 
from the area around the particle (due to particle formation) caused preferential thinning 

of this area during thin foil preparation. Consequently, many particles fell out of the 
foils during thinning -a fact observed when studying foils, as they leave large holes 
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behind, which were round in shape. Hence, those particles analysed by TEM were still 

held in place, yielding some signal, although small, being detected from the matrix in 

spectra obtained from these particles. The depletion around the CrS particles can be 

seen from EDX spectra taken from that region, an example of which is given in Figure 

8.23. (a) when compared to corresponding spectra taken from the bulk of the grain, as 

in Figure 8.21(b). However, the depletion is shown more clearly by comparing the 

chromium-to-nickel peak height ratios for both of these spectra. The corresponding 

chromium-to-nickel peak height ratios for both of these EDX spectra, showing the 

chromium depletion around the CrS particle, are given in Table 8.6. Quantification of 

the spectrum of Figure 8.21(a), using the method outlined in Chapter Four (section 

4.3.2.1. ), gives a chromium level of 20.8wt% next to the sulphide particle, as opposed 

to 29.5wt% in the bulk of the grain. The size of the spot incident on the foil was not 

the smallest achievable, but was a compromise between the size of the analysis region 

and the EDX signal obtained from this region - the spot size used giving an acceptable 

X-ray count-rate. The level of chromium next to the particle was probably less than that 

measured here because the signal obtained from this region was an average over the 

entire interaction volume of the incident beam (see Chapter Four earlier), which is 

related to the spot size of the electron beam on the specimen. The spot size used here 

probably included a fair proportion of the chromium depletion profile next to the 

particle, and would give an average signal that showed a much higher level of chromium 

next to the particle than if a smaller spot size had been used to analyse this region. 
Therefore, on a TEM/STEM machine that is capable of analysing much smaller areas 

on a sample, the level of chromium detected next to the sulphide particle would have 

been much lower than that seen here. That is, the chromium depletion would have been 

seen as being more severe than it was from the analysis made above. 

Some sputter-etching and combined high spatial AES studies were done on a high 

sulphur TEM foil (1150'C/I hour anneal and water-quenched), to investigate the 

composition of the CrS particles. The foil was sputter-etched to reveal particles, prior 

to their analysis. Figure 8.24. (a) gives the results of this etching and AES analysis on 

a typical CrS particle, detailing the changes in the chromium, sulphur, manganese and 

titanium, showing that there is some manganese in the particle, but no titanium. The 

studies undertaken on the CrS particles showed that manganese is present in some, but 
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not all of them. Also, titanium was found to be in most of the sulphide particles. 
Nickel was still present after sputter-etching the sulphides, which could possibly indicate 

that it is incorporated into the sulphides (although there could be some signal 

contribution from the surrounding matrix). Sometimes titanium, manganese, and 

possibly nickel, were found present in the particle, and sometimes, but rarely, only 

chromium was found present. This was shown by etching the particles in a TEM foil, 

mentioned previously, whereby a few of the particles were seen to contain only 

chromium and no noticeable manganese or titanium. This is typically shown in the plot 

of the etching data given in Figure 8.24. (b). This gave the sulphides in these samples 

the general formula (Cr, Ni, Mn, Ti)S, although the nickel content was not certain. In 

terms of solubility, CrS particles were found to be present even in the 1300'C/I hour 

and water-quenched high sulphur material, so they must dissolve at a higher temperature 

than this. 

As mentioned previously, titanium nitride particles form randomly in the 

material, and were found both intergranularly and intragranularly. Observation showed 
that the density of grain-boundary chromium-rich sulphides was greater in the sulphur- 
doped material. Chromium-rich sulphides were also found intragranularly in the 

sulphur-doped material. No other second phases were found within the grains or at the 

grain-boundaries. TEM images of intragranular particles, showing both TiN and CrS, 

are given in Figure 8.25. Note that there is a distortion of the lattice around these 

particles, so that they can be accommodated, arising in the form of bands of different 

contrast around them. 

e Particles 

The third type of precipitate which was found to form was a chromium-rich 

boride. The presence of chromium-rich borides in the high boron material was 

confirmed by work done by Younes et al. (hQ) for an annealing temperature of 
11000CII hour (and water-quenched). However, only AES analysis was performed, and 
both boride and carbide precipitates existed on many of the analysed boundaries. 
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The existence of these particles was further alluded to during the present work 

from the successive etching and AES analysis of grain-boundary facets in the high boron 

material, annealed at 1200'C/1 hour and water-quenched. Such etching showed that for 

two out of the eleven facets analysed the boron level did not decrease during etching as 

much as that in the remainder of the facets analysed, possibly indicating the presence of 

boron-rich particles on these boundaries. Figure 8.26. shows the changes in boron 

levels in typical facets examined here. Particles were observed on the grain-boundaries 

of high boron alloy 690 TEM samples annealed at 1200'C/I hour followed by water- 

quenching. These particles were fairly abundant along a number of grain-boundaries. 

The coverage of the boundaries by boride particles was -30%. The chromium-rich 

borides were seen on one in four of the grain-boundaries analysed by TEM, agreeing 

with the earlier AES analysis. The TEM micrographs of typical grain-boundaries, 

showing these particles, are given in Figure 8.27; Figure 8.28. is a close-up on the 

particles, which comprise three separate crystals, the central crystal being of a different 

orientation to the two others on either side of it. These two other crystals, which are 

"wing-shaped" in the figure, had the same orientation. Other particles examined 

consisted solely of the central crystal, and were thus smaller than the particle shown. 

The "wing-shaped" crystals were epitaxial to the grain they were growing in, and 

appeared to have crystallised after the central crystal. 

The boride particles were also observed within the grains themselves, although 

not in the same abundance as those seen on grain-boundaries. A typical intergranular 

boride is shown in the TEM micrograph in Figure 8.29. An EDX spectrum taken from 

a boride particle, given in Figure 8.30., shows that it is chromium-rich, when compared 

to a spectrum taken from one of the adjacent grains, shown in Figure 8.31. (a). The 

boron content of the boride particle is confirmed in the EELS spectrum of Figure 

8.31. (b). Note that no carbon was detected in the particle, showing that carbon had not 

substituted boron significantly. The particle size ranged from 80nm to 0.68 microns, 

and so EDX spectra from the particles also gave a considerable bulk signal contribution 

as well. Diffraction patterns taken from these particles showed them to be of the form 

M2B, having an orthorhombic crystal structure, and lattice parameters a= 14.63A and 

b=7.35A, within 0.5% accuracy - thereby showing the particles to be borides. These 

diffraction patterns are shown in Figures 8.32. (a) and (b). Here the metal M= Cr, 
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giving particles of the form Cr. B. Chromium boride particles are known to be heavily 

faulted and twinned(j5-2). It was not possible to determine the orientation relationship 

between the Cr2B particles and the adjacent grains from the patterns obtained from the 

particles on [001] and [111] axes (given in Figures 8.32. (a) and (b)). This was because 

the axes the y-matrix was on in these patterns were probably not major ones, and there 

was not enough information in the patterns to identify them. A fairly simple orientation 

relationship would have been recognised during analysis (the matrix reflections could 

then have been used as an extra calibration of the spot patterns from the borides). This 

means that the orientation relationship between the Cr2B particles and the adjacent grains 

was probably not a simple one involving either, or both, of the axes given here. The 

relationship would possibly be more obvious if the Cr2B particle was on another axis - 
however, the constraints of the analysis, in terms of particle size (and orientation) and 

the available sample tilt, meant that only the [0011 and [1111 axes were able to be 

reached. 

Cr2B particles were also detected in the annealed and further heat-treated high 

boron samples (720OC/1 hour and water-quenched), in between the carbides. The ratio 

of Cr2B to carbide coverage on the boundaries is about 2%: 98 %. Such low coverage 

of Cr2B p articles means that the grain-boundary facet etching data given in Chapter 

Seven earlier, showing a stable boron level after etching of the grain-boundaries, most 

probably indicated boron substitution of the carbon in the carbides, to form boro- 

carbides, rather than the presence of Cr2B particles, since 10 grain-boundaries were 

analysed and all gave very similar etching results. An image of Cr2B particles amongst 

carbides is given in Figure 8.33. The Cr2B particles are seen in the middle to middle 
left of the image in Figure 8.33., with the carbides being on the left and right-hand sides 

of this image. The Cr2B particles formed in both heat-treatments were heavily faulted, 

and so easily distinguishable from other particles and carbides in this material. Some 

chromium depletion around the Cr2B particles in the annealed-only material was 

observed. Figure 8.34 gives an EDX spectrum taken from a point near the CrB 

particle, which can be compared to the bulk spectrum in Figure 8.31. The depletion of 

chromium around the Cr2B particles is shown in Table 8.7., which gives the Cr/Ni peak 

height ratios for the EDX spectra in Figures 8.34 and 8.31. Quantification of the EDX 

spectrum of Figure 8.34., using the method outlined in Chapter Four (section 4.3.2.1. ), 
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gives a chromium level of 24.3wt% next to the boride particle, as opposed to 29.5wt% 

in the bulk of the grain. 

8.3. Disc 

During this study, three types of second phase particle were identified. These 

were titanium nitride (seen in all alloys), chromium-rich sulphides (seen in the sulphur- 

doped alloy) and chromium-rich borides (seen in the boron-doped alloy). The titanium 

nitride particles can be considered as being generally beneficial to the material. They 

have a good lattice match with the matrix, are randomly formed throughout the alloy, 

and tie up free sulphur which forms a shell around them. The formation of titanium 

nitride in the 690 alloys examined during this study is quite similar to that observed in 

alloy 60OW-6). 

The sulphides observed during this study were found to be predominantly 

chromium-rich, with smaller amounts of manganese, nickel and/or titanium. These 

particles had the formula CrS, or more generally (Cr, Mn, Ni, Ti) S, and still existed 
in samples that had been annealed at 1300'C. The formation of these particles probably 

occurs on cooling from the melt, when the alloys themselves solidify, therefore the 

melting temperature of the sulphide particles can be assumed to be close to the melting 

temperature of the alloy. This means that these sulphides are very stable and could not 
be easily dissolved during high temperature annealing. The formation of such sulphides 
is considerably different from those formed in alloy 600 material which was cast under 

similar conditions to the alloy 690 material used here. In the former they are generally 

manganese-rich sulphides of the form MnS, or, more correctly, (Mn, M)S, where M 

refers to small amounts of other metals (such as titanium and chromium)(146). 
Manganese is added to these materials chiefly to "tie-up" sulphur. Lea and Seah(. L61) 

gave evidence for the effectiveness of manganese in tying up sulphur, by showing that 

surface segregation of sulphur in iron could be eliminated by the addition of 400ppm of 

manganese. 
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Since the sulphides here were found to be predominantly chromium-rich, it 

appears that chromium is tying up the sulphur much more readily than manganese in this 

alloy. It does seem that manganese in alloy 690 is tied up with some of the sulphides. 

However, these sulphides have mainly formed by removing chromium from the matrix 

around them, creating CrS particles and thereby depleting their surrounding volume of 

chromium. These chromium-rich sulphides were also seen in the as-received high 

sulphur material. Therefore, these chromium sulphides form from the melt. This 

formation of inclusions happens because the solubility of sulphur at room temperature 
is generally very low in most alloys, e. g. in stainless steels it is less than 0.01 weight 

per cent. (162). This means that, on cooling, the sulphur rapidly forms sulphides, which 

are usually present at room temperature. However, the solubility of sulphur in alloys 
690 and 600 is not known. The fact that no sulphides were seen in the base alloy, high 

phosphorus and high boron samples is possibly indicative of the level of sulphur in these 

alloys (between 0.001 and 0.0014 weight per cent) being within the solubility limit of 
sulphur for alloy 690. Conversely, the existence of sulphide particles in the high 

sulphur samples shows that the level of sulphur here (0.0064 weight per cent) is higher 

than the solubility limit. These sulphides could form by removing chromium, and 
sometimes manganese, nickel and/or titanium from the surrounding volume when the 

material was cooled from the melt. The amount of chromium, manganese, nickel and 
titanium in these sulphides would depend upon the exact amounts present in the volume 
around the particle when it is nucleated. All four of these elements are sulphide- 
formers, and would readily form inclusions on cooling. This would account for the 
variation observed in sulphide particle composition during this study. 

Kiessling(M) determined that for Mr-2.3]Vlo-US stainless steel with the same 
titanium and manganese levels as those in the high sulphur alloy 690 material (0.31 and 
0.24 weight per cent respectively) used here, the composition of the sulphides was of 
the form Cr-Ti-S. Similar behaviour may be possible in the high sulphur material 
examined in this study, which would agree with the compositions of most of the 

chromium-rich sulphides formed in this alloy containing titanium, as determined during 

this work. 
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The sulphide particles were found to be between 0.5 and 5 microns in size. 

Particle mobility depends on particle size - the larger the particle is, the harder it is for 

it to migrate during heat-treatment(lfi4), so the CrS particles would not move 

significantly during annealing or ageing treatments. As for carbides at grain-boundaries, 

sulphides (and other particles) would interact with the grain-boundaries, pinning their 

movement. This pinning is due to the attraction force between the particles and grain- 

boundaries. A more thorough treatise on this pinning interaction is given by Gottstein 

et al. (164). It is sufficient here to say that the larger the particle, the greater the 

attraction, and therefore the greater the pinning effect. Since these sulphide particles 

are quite large, heavy pinning of grain-boundaries like that seen in Figure 8.12. was 

fairly common. If the particles had hardly moved from the place where they originally 

formed, this would account for the chromium depletion that was seen around them, 

whereby chromium had been removed from the surrounding volume during their 

formation from the melt. 

It could be the case that the high levels of sulphur and chromium in alloy 690 

ensure that sulphides formed in this alloy are always chromium-rich. However, the 

formation of chromium-rich sulphides probably depends on a combination of the cooling 

rate of the alloy from the melt and the supersaturation of the solid solution with sulphur. 

It is possible that chromium-rich sulphides, if present at the surface of the steam- 

generator tubing in PWRs, could react with the high-temperature water coolant, 
inducing pitting of the material (although there is no evidence of this submitted here, 

since no pitting corrosion experiments were performed). At these elevated temperatures 

the sulphide could dissolve. The dissolution rate of sulphide particles depends on 

whether the sulphide is anodic with respect to the passive film of the tube surface. In 

stainless steels, evidence suggests that manganese sulphide is anodic in this way, so MnS 

particles in the stainless steel surface would be expected to be preferentially attacked and 
dissolved when exposed to a corrosive solutionQ_62). CrS is a more noble phase than 

MnS, and has a wider thermodynamic stability range, so no problem with its dissolution 

would be expected. Manganese sulphide dissolves in hot water(L46), and this behaviour 

could also be true for CrS particles under favourable conditions, since its solubility in 

hot water is unknown(. L65). It must be noted that chromium sulphide particles, of the 
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form CrS, are known to be insoluble in cold water(IfI5), but they are very soluble in 

acids(165). Dissolution of the sulphide particles would expose a fresh material surface 

to the water environment, forming sulphite and sulphate ions, because no protective 

oxide film exists at the boundary between the sulphide and the matrix (since the 

sulphides are formed directly from the melt during the solidification). Such exposure 

would perpetuate the corrosive attack of the material. The corrosion product resulting 

from the dissolution reaction could also attack the material at high. A possible reaction 

is as follows: - 

MS(, ) + 2H20(o -4 M(OH)2 + H2S 1 (8.1. ) 

where M= Cr, Ti and/or Mn, but mainly Cr. The H2S formed would hinder the 

passivation of the metal(IL2). Hydrogen sulphide is soluble in water, forming HS- and, 

subsequently, S' ions. The hydroxide salt could remain as a layer at the bottom of the 

pit formed by dissolution of the sulphide particle. The pH level at the bottom of this pit 

would be greater than 7, i. e. alkaline, which could also attack the material. 

At the surface of the tubing, the sulphides could be either on grain-boundaries 

that intersect the surface, or within the bulk of the grains. Dissolution of sulphides 

within the bulk of grains at the surface would cause pitting. Dissolution of sulphides at 

grain-boundaries intersecting the surface would initiate IGA, and under stress IGSCC, 

in the material. Sulphides further along the grain-boundaries, into the material, could 

propagate a crack that reaches them by dissolution. Once the passive surface has been 

breached, either by pitting or grain-boundary attack, it is easier for IGA/IGSCC to 

occur. 

The chromium-rich borides found in the boron-doped alloy, of the type Cr2B, 

form in a similar fashion to the chromium-rich sulphides discussed earlier. That is, their 
formation is due to the supersaturation of the alloy solid solution with boron, and 
depends on the rate of cooling from the melt. The solubility of boron in austenitic 

stainless steels is very low(h6). For instance, in an Fe-18%Cr-15%Ni stainless steel, 

a maximum boron solubility of 95wt. ppm. was measured, and in an Fe-20 % Cr-25 % Ni 

stainless steel, the maximum solubility of boron was found to be 58wt. ppm. Although 
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no boron solubility data exists in the published literature for alloys 690 and 600, it is 

possible that the maximum solubility of boron in alloy 690 is similar to that of austenitic 

stainless steels. The actual value depends on the levels of nickel, iron and chromium 

present, since increasing the nickel and chromium content of austenitic stainless steels 

(and thereby lowering the level of iron) causes the maximum boron solubility to 

decrease. 

The level of boron in the boron-doped alloy 690 material examined here was 

120wt. ppm., and it was shown that borides exist in this material even after an anneal at 

1200'C (for 1 hour). Therefore, the Cr2B particles do not dissolve at this temperature, 

indicating that the boron content of this alloy is greater than the boron solubility at 

1200'C - preventing boron from completely going into solution at this temperature. This 

means that a higher annealing temperature than 1200'C is required to dissolve the Cr2B 

particles in the boron-doped material. No borides were observed in the phosphorus- 
doped, sulphur-doped and base alloys, although some boron segregation was observed 
in these materials (see Chapter Six). The level of boron in the phosphorus-doped alloy 

was 20wt-ppm. - that of the sulphur-doped and base alloys was not presented in their 

specifications, so their boron levels are probably less than this. It is possible that the 

boride particles dissolved at the annealing temperatures used for these alloys (I 150T - 
1300'C), if the boron solubility at these temperatures is greater than the level of boron 

in these materials. It is also possible that boride particles were present in these alloys, 

at the various annealing temperatures used (1 150'C - 13001C), but were too small to be 

observed using the techniques employed during this study. This could possibly be due 

to the lower boron content in the phosphorus-doped alloys as compared with that in the 
boron-doped material - 

The borides detected in alloy 690 during this work were of the form MB, and 

were chromium-rich. Ile presence of chromium-rich borides in alloy 690 was alluded 

to by Younes et al. (JW). The borides detected in nickel-base alloys have been identified 

as M3B2(IL7). However, Caceras et al. (hE) observed some unidentified chromium-rich 

borides in boron-rich alloy 600 that may be identical to those observed in the present 
investigation. Stiller et al. (LU) also observed borides in alloy 600, which had 
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diffraction patterns and compositions that did not match those previously reported, 

which could also be Cr2B particles. 

The presence of segregated boron and borides at the grain-boundaries of alloy 
690 could be important when considering the IGA of this material. Although no data 

exists in the published literature on the effect of boron and borides on the IGA of alloy 
690, Mclntyre(L70) found that boron was detrimental to the IGA resistance of alloy 600. 
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Figure 8.2. (-a) AES spectrum from a titanium nitride Particle on a grain-bound= 

FigLire 8.2. (b) AES spectrum from a point on the grain-boundary n ar the particle 
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Figyre 8.4. TEM 'mage of a grain-boundary TiN particle. Note the innijag, da r Ti N I 
particle on the left of the image (x 17500 mag. ) 
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Figgre 8.7. TEM diffraction pattern taken from near the < 110 > axis on the TIN 
particle of Figure 8.4. (x 270 camera length) 
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Figure 8.8. AES spectrum ftom a typical CrS particle 

rum from the grain-boundary near the CrS particle 
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Figure 8.11. (a) SEM image of grain-boundary facets in the high sulphur material 
(annealed at 1250OC/1 hour and aged at 7250C/16 hours), showing 
CrS particle coverage of the facets, as well as the grain-boundary 
between the facets. 
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Figiv re 8.11. (b) AES su 112hu r map of the area given in Fi gu re 8.11. (a), hi gh Ii gh ti n F. the 
1205itions of the sulphide particles. 
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Figure 8.12. (a) TEM irnape of a grain-boundary CrS particle (x 6100 njagj 

the particle (x 21000 mag. ) 
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Figure 8.14. (a) TEM diffraction pattern taken from on the <1 IN > axis of the CrS 
particle of Figure 8.12. (x 950 camera length) 
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Figure 8.14. (b) TEM diffraction pattern taken from on the < 16-10> axis of the CrS 
particle of Figure 8.12. (x 270 camera length) 
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Figure 8.17. AES spectrum showing aluminium detected in/on a CrS particle 
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Figgre 8.18. (a) AES spectrum from CrS particle in as-received high sulphur 
material 

Figure 8.18. (b) AES spectrum taken from point near CrS particle 
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Figure 8.25. (a) Intragranular CrS particles. to the right and bottom of the 12icture. and 
a TiN particle. to the left of the picture 
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Figgre 8.28. Close-up of C ,B particles on grain -bou n daries (x 82000 mag. ). Note the 
it wing-shaped" crystals growing out of the main central crystal 

Figure 8.29. A TEM micrograph of a typical intragranular CrB particle (x 40000 
mag. ). The particle is about 119nin in size. 
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Figijre 8.32. (a) TEM diffraction pattern from Cr2B par icle on r 001 1 axis. 
(x 700 camera length) 
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Figgre 8.32. (b) TEM diffraction pattern from Cr2B Darticle on [IIII axis. 
(x 270 camera length) 
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Table 8.1. AES and TEM samples examined during this study 

Alloy Type Annealed Aged AES TEM 

Hgh Phosphorus 1150'C/I hour 

Hgh Phosphorus 1150*C/I hour 720'C/20 hours 

Ugh Phosphorus 1200'C/I hour 

fEgh Phosphorus 1250'C/I hour - 
I-Egh Phosphorus 1250'C/1 hour 704'C/ 16 hours 

Mgh Phosphorus 1280'C/I hour - 

I-Egh Phosphorus 1290'C/I hour 

Mgh Phosphorus 1295*C/I hour 

High Phosphorus 1300'C/1 hour 

High Phosphorus 1300'C/I hour 716'C/1 hour 

High Phosphorus 1325"C/I hour 

I-Egh Sulphur 1100'C/I hour 

Mgh Sulphur 1150'C/I hour 

High Sulphur 1150'C/I hour 720'C/20 hour 

Ugh Sulphur 1180'C/I hour - 

I-Egh Sulphur 1190"C/I hour - 
I-Egh Sulphur 1200'C/I hour - 
High Sulphur 1205'C/I hour - 
High Sulphur 1250'C/I hour - 
Ifigh Sulphur 1250OC/I hour 725'C/16 hours 

High Sulphur 1300"C/I hour 

I-Egh Sulphur 1300'C/I hour 716'C/I hour 

Base Alloy 1150'C/I hour 

Base Alloy 1150'C/I hour 720'C/20 hours 
[Base 

Alloy 1180'C/I hour 

cont'd 
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Table 8.1. cont'd. 

Alloy Type Annealed Aged AES TEM 

Base Alloy 1190'C/I hour - Of 
Base Alloy 1200*C/I hour - 
Base Alloy 1205'C/I hour - 

Base Alloy 1210*C/I hour - 

Base Alloy 1250'C/I hour - 

Base Alloy 1300'C/I hour - 

Base Alloy 1300'C/I hour 716'C/I hour 

FEgh Boron 1200'C/I hour 

High Boron 1200'C/I hour 720'C/20 hours 
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Table 8.2. Quantification of the spectra in Figures 8.2. (a) and 8.2. (b) 

Composition in wt%: - Element 
(a) a TiN particle (b) the area near the TiN partide 

Ni 8.22 51.81 

Cr 8.47 30.23 

Fe - 8.49 

Ti 41.74 4.05 

N 18.17 - 
C 2.71 4.66 

S 19.89 

B1 
1 

0.. 80 
1 

0.76 
1 

Table 8.3. Quantified data from the spectra in Figures 8-9. and 8.10. 

Composition in wt%: - 
- Element 

(a) a CrS Particle 
] 

(b) the area near the CrS particle 

Ni 22.68 59.57 

Cr 28.63 24.71 

Fe 6.60 9.17 

Ti 9.34 1.80 

C - 3.89 

S 32.75 0.86 
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Table 8.4. The Chromium/Nickel peak heijiht ratios as determined from the spectra in 
Figures 8.18. (-a-) and 8.13-& 

I 
Chromium-to-nickel peak height ratio 

Point taken on a small CrS particle 1.08 

Point taken on the area near to the small 
CrS particle . 

0.73 
1 

Table 8.5. Quantification of the AES spectra given in Figures 8.19.. 8.20. - and 8.21. 

Composition in wt%: - 
Element (a) place near middle 

of CrS particle 
(b) place near edge of 

CrS particle 
(c) place on area 
near CrS particle 

Ni 7.75 24.92 53.52 

Cr 32.96 19.59 32.58 

Fe - 6.99 10.53 

Ti 6.92 3.35 1.53 

P - - 0.28 

s 42.05 31.06 0.73 

C - - 0.84 

Mn 9.05 12.03 - 

Mg 1.45 2.06 
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Table 8.6. Chromiu m-to-Ni ckel peak beight ratios determined from the spectra given in 
FigUr 
partic 

es 8.23. (a 
le 

) and 8.23. (b)- showing the chromiu m depletion near the CrS 

Chromium-to-Nickel peak height 
ratio 

Depleted area near CrS particle (as in 
0 60 

Figure 8.23. (a) . 

Bulk of the grain away from the CrS particle 0 81 
(as in Figure 8.23. (b)) . 

Table 8.7. Chromium depletion results from analysed area near C 
_B 

particles 

Region where spectrum was taken from Chromium-to-Nickel peak height ratio 

Bulk of grain away from the Cr2B particle 0.81 

A point near the Cr2B particle 0.66 
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CHAPTER NINE 

CORROSION TESTING 

9.1. Introduction 

A number of corrosion tests were performed during this study, namely the 

ASTM A262-85 nitric acid, the ASTM A262-85 and the ASTM G28-85 ferric chloride 

tests(U2, M). The samples used were thermally treated and aged as described in Table 

9.1. Similar heat-treatments were applied to allow comparison of the susceptibility to 

corrosion of the different materials to be made. The corrosion data was correlated with 
FEG/STEM analysis of grain-boundaries in two of the high phosphorus alloys studied. 

9.2. Sample Preparation and Experimental Procedure 

The details of the experimental procedure used during the corrosion testing of 
alloy 690 samples was given in Chapter Four previously. However, as a reminder, the 

samples used in the nitric acid test had dimensions 10mm x 10mm. x 5mm, and those 

subjected to the ferric sulphate tests were 20mm x 20mm. x 10mm in size. The samples 

were polished on 120 grit paper prior to being immersed in the acid solutions. The 

nitric acid test samples were then boiled for five 48 hour periods in one litre Erlenmeyer 

flasks equipped with cold-finger type condensers. . The solution used was nitric acid, 
composed on 108ml of distilled water per litre of concentrated reagent grade nitric acid. 
The samples were weighed prior to the first 48 hour period, and then after each 48 hour 

period, to determine weight losses. 

The ferric sulphate test samples were boiled, after polishing, in one litre 

Erlenmeyer flasks equipped with four-bulb Allihn condensers (about 330mm long). The 

test solution comprised 400ml distilled water, 236ml reagent grade sulphuric acid and 
25g of reagent grade ferric sulphate. In the ASTM A262-85 ferric sulphate test the 
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samples were boiled for a period of 120 hours, whereas those used in the ASTM G28-85 

ferric sulphate test were boiled for a period of 24 hours. These samples were weighed 

both before and after the test periods, to determine weight loss. Sections through the 

samples were examined by light microscopy after the corrosion tests were completed, 

to determine the extent and depth of attack. 

9.3. Results 

The results from the Huey test are shown in Figure 9.1. (a), indicating that the 

high phosphorus material, heat-treated at 1150'C/1 hour (and water-quenched), corroded 
the least, whereas the high phosphorus material that was further heat-treated at 720'C/20 

hours (and water-quenched) corroded the most. This figure also shows that there is a 

tendency towards increasing weight loss with time, which was most pronounced in the 

high phosphorus material, annealed at 1150'C/1 hour and water-quenched, followed by 

further heat-treatment at 720'C/20 hours and water-quenched, where the weight loss 

increased from 0.67mg/cm' during the 0- 48 hour period to 2.93mg/cm' during the 192 

- 240 hour period. Figure 9. L(b) gives the results from the Huey tests of the above 

samples in histogram form for easy comparison of the results. Table 9.2. gives the 

average weight losses over five 48 hour periods, for all samples. Figures 9.2. to 9.7. 

show the extent of intergranular attack in all samples. Table 9.3. details the typical 

maximum depth of intergranular attack observed in each of the six heats examined. 
Figure 9.8. gives an optical microscope image of the general corrosion observed on 
these Huey test samples, for comparison with Figures 9.2. - 9.7. 

The 120 hour ferric sulphate/sulphuric acid test resulted in all six samples 
dissolving completely, whereas the 24 hour ferric sulphate/sulphuric acid test resulted 
in no measurable corrosion of the six sample types, apart from the fact that the sample 

surfaces blackened. The FEG/STEM analysis'of grain-boundaries in the high 

phosphorus annealed and aged, and annealed-only samples showed that the chromium 
levels were generally lower on the boundaries in the annealed-only samples than in the 

annealed and aged samples. Table 9.3. gives the lowest chromium levels found in both 

of these samples. Figure 9.9. shows a FEG/STEM profile of chromium from the grain- 
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boundary with the lowest chromium level to the bulk of the grain in the high phosphorus 

annealed and aged samples. Figure 9.10. gives a similar profile for the high phosphorus 

samples that were annealed-onlY. 

9.4. Di 

The Huey test results suggest, overall, that alloy 690 has good corrosion 

resistance. The critical chromium concentration on the grain-boundaries in alloy 600 

for corrosive attack to occur is around 8 weight per cent(IM. Here the minimum 

chromium levels found on the grain-boundaries in the high phosphorus alloy 690 

materials were 22.6 weight per cent and 20.9 weight per cent in the annealed and aged, 

and annealed-only samples respectively. A chrom iurn level of less than 8 weight per 

cent in alloy 690 would be quite hard to achieve under typical annealing and ageing 

conditions. It can then be concluded that the corrosive failure of alloy 690 due to the 

chromium-depletion/sensitisation effect would be less likely, making alloy 690 more 

resistant to IG corrosion than alloy 600, due to the higher chromium levels at the grain- 
boundary in the former. Such corrosion resistance would agree with the Huey test 

results obtained here. The ferric chloride tests showed that no corrosion occurred after 
only 24 hours of testing. However, the samples dissolved completely after 120 hours 

of testing. These results indicate that there is possibly a layer of passivation that has to 
be breached, and, after this, corrosion proceeds fairly quickly under test conditions. 
The layer of passivation is the chromium-rich oxide layer on the sample surface. The 

results from these tests also showed that for alloy 690 samples, exposure times between 
24 and 120 hours are required for investigations of the corrosion rate/susceptibility of 
alloy 690 using ferric chloride solution to provide useful results. 

The Huey test results show that the differences between the samples from the 

same materials was not great for the high sulphur and base alloy specimens. However, 

the high sulphur specimens corroded more than the base alloy, possibly due to the 
difference in grain losses between the different alloy specimens. The base alloy samples 
had a greater average grain-size than the high sulphur ones (69/Arn as opposed to 63/Am), 

and so would be expected to corrode less than the high sulphur material. The annealed 
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and aged specimens corroded slightly more than those annealed only, possibly due to 

greater chromium depletion at the grain-boundaries, caused by carbide precipitation - 
however, no profiles were made of chromium in these samples, so the actual levels of 

depletion are unknown. The chromium-depleted area around the carbides would be 

anodic with respect to the bulk of the grain, which is still chromium-rich. This would 

cause intergranular corrosion to occur in the presence of an acid solution. 

The most striking result from the Huey tests was the difference in the corrosion 

observed between the high phosphorus annealed and aged, and the annealed-only 

specimens. The annealed and aged sample was seen to have corroded more than the as- 

annealed one. The optical imaging of the two different high phosphorus Huey test 

samples showed that the annealed and aged sample had a much greater depth of IGA 

than the annealed-only sample. This fact is also demonstrated in the maximum IGA 

depth given in Table 9.3. The FEG/STEM analysis of the grain-boundaries showed that 

there was more chromium depletion at the grain-boundaries in the as-annealed samples 

than in the annealed and aged ones. Ibis means that the level of chromium at the grain- 
boundaries in these samples did not appear to affect their corrosion. 

The increase in the minimum chromium level that occurred during the 20 hours 

ageing treatment of the high phosphorus material (as mentioned above) was possible due 

to the duration of the ageing treatment being sufficient for some chromium 

replenishment of the depleted area to occur. This replenishment occurs once the carbon 
is exhausted. At this point, the depletion of chromium reaches its minimum level, as 

no more carbide can form or grow. Then, since the heat-treatment is still continuing, 

chromium will continue to diffuse to the grain-boundary because a chromium 

concentration gradient exists, to minimise the free energy of the grain-boundary-matrix 

system, until the thermal treatment stops. The replenishment, caused by chromium 

diffusing from the area adjacent to the grain-boundary, increases the minimum 

chromium level at the boundary and also increases the width of the depleted zone (since 

chromium has diffused from regions relatively far away from the boundary, thereby 

removing chromium from these areas). Increasing minimum chromium levels and 

widening of the depleted areas for increasingly-longer times are seen for I hour, 10 hour 

and 100 hour ageing times in results by Angeliu and Was(M2 . The alloy 690 material 
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studied by these researchers had a carbon content of 0.03 weight per cent, which can be 

compared to the 0.026 weight per cent carbon in the high phosphorus alloy profiled 

here. The two profiles shown here, in Figures 9.9. and 9.10., also show this trend, 

with the minimum level in the high phosphorus annealed and aged figure being higher 

than that of the annealed-only figure. The former also had a much wider chromium 

depletion zone than the latter. In fact, the annealed-only curve was similar to the 10 

hour aged Was et al. curve, and that for the annealed and aged material was similar to 

the 100 hour aged Was et al. curve. It is therefore seen that chromium diffuses towards 

the grain-boundary within the time of the ageing treatment, and eventually starts to 

replenish the depleted zone. 

The amount of chromium depletion at the grain-boundaries did not seem to affect 

corrosion behaviour in the high phosphorus alloy examined here. Since the minimum 

chromium level at the grain-boundaries in the high phosphorus annealed and aged 

samples was higher than in the annealed-only samples, there must be some other reason 

why the annealed and aged Huey test sample corroded more than the annealed-only one. 

The larger the grain size of the sample being tested, the more grain loss owing to 

intergranular attack during Huey testing is hindered(L4-2). Therefore, samples having 

different grain sizes would corrode by different amounts, producing different weight 
losses. Here, however, the two high phosphorus samples had the same average grain 

size, which was the smallest of the three types of alloy examined (53/Am) since the only 
difference between them was that one had been subjected to an ageing treatment, during 

which no grain-growth occurred (as expected). Therefore, some other difference 

between the samples is the cause of the observed weight losses. The grain-boundary 

chemistry of the two samples was studied to check for differences. The only difference 

in the grain-boundary chemistry was in the phosphorus levels. As shown earlier in 

Chapter Six, the phosphorus level on the grain-boundaries in the annealed and aged 

material was much higher, in general, than in the annealed-only material, being 9.01 

weight per cent rather than 2.20 weight per cent on average. Vermilyea et al. (M) 

hypothesised that the segregation of phosphorus to the grain-boundaries of the solution- 

annealed condition is responsible for the increase in sensitivity to intergranular corrosion 
in HN03+ Cr" solutions as the nominal phosphorus content is raised (in alloy 600). 

This could possibly happen in alloy 690, and include aged materials as well, such that 
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greater IGA would occur for higher phosphorus levels at the grain-boundaries. 

McIntyre et al. (L74) noted that the resistance to intergranular corrosion in Huey test 

conditions of type 316H stainless steel increased as the phosphorus content was lowered. 

Armijo(L7ý) demonstrated that the corrosion rate of an austenitic stainless steel increases 

steeply with phosphorus content above 0.01 weight per cent. He suggested this increase 

was due to phosphorus having the effect of accelerating the corrosion at the grain- 
boundaries, due to preferential intergranular dissolution. The material studied by 

Armijo was non-sensitised. 

The level of phosphorus on individual grain-boundaries in high phosphorus 

samples, that were annealed and aged identically to those studied in the corrosion tests 

and FEG/STEM analysis, was sometimes as high as 11 - 12 weight per cent. Such 

levels of phosphorus might be responsible for the maximum IGA depth seen in these 

samples, since they could enhance the corrosion of alloy 690 more than grain-boundary 

phosphorus levels of lower value. Also phosphorus segregated to the grain-boundaries 

of a material in such relatively high quantities could possibly make the boundaries more 

anodic with respect to the area around them, such that they will be attacked 

preferentially, thereby causing IGA. Grain-boundaries tend to be anodic with respect 

to the neighbouring grain bulk. The more anodic the boundary areas are, the 

greater/faster will be the attack by a corrosive solution. Phosphorus might increase the 

IGA by making grain-boundaries, and similarly the chromium -depleted zones around 

carbides, even more anodic compared to the bulk of the adjacent grains. 

Thus, there is possibly an effect due to phosphorus levels at the grain-boundaries, 

whereby IGA sensitivity, at least under Huey test conditions, increases with increasing 

phosphorus at the grain-boundaries. Since the level of phosphorus in the high 

phosphorus material is within that specified for commercial alloy 690, the possible 

corrosion enhancement at the grain-boundaries in the aged high phosphorus samples seen 
here could also occur in the commercial material, if the phosphorus level on the 

boundaries is high enough (somewhere between 2.20 and 9.01 weight per cent). 
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Figure 9.2. Optical image of typical IGA observed in the high phosphorus annealed 
and aged sample after completion of the Huey tests (x 50 mag. ) 

Figure 9.3. Optical image of typical IGA-observed in the high phosphorus annealed- 
only sample after completion of the Huey tests (x 50 mag. ) 
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Figime 9.4. Optical image of typical IGA observed in the high sull2hur annealed and 
aged sample after completion of the Huey tests (x 50 mag. ) 

Figure 9.5. Optical image of typical IGA observed in the high sulphur annealed-only 
sample after completion of the Huey tests (x 50 mag. ) 
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Figure 9.6. Optical image of typical IGA observed in the base alloy annealed and aged 
sample after completion of the Huey tests (x 50 tilag. ) 
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Figure 9.7. Optical image of typical IGA observed in the base alloy annealed-only 
sample after corripletion of the Huey tests (x 50 mag. 1 
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Figure 9.8. OptiCal images of the general corrosion typically observed on: (a) the 
sulphur-doped alloy. as-annealed-, (b) the phosphorus-doped alloy, a 
annealed, (c) the base alloy, as-annealed, (d) the sulphur-doped alloy, 
annealed and aged, (e) the phosphorus-doped alloy, annealed and aged-, 
and (f) the base alloy, annealed and aged. (x 50 mag. 1 
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Figure 9.9. FEG/STEM chromium profile from a grain-boundary in the annealed and 
aged high phosphorus material. showing chromium depletion 
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Figure 9.10. FEGISTEM chromium profile from a grain-boundary in the annealed-only 
high phosphorus material. showing chromium depletion 
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Table 9.1. Heat-treatments used for corrosion test experiments 

Alloy Type Annealed Aged 

High Phosphorus 1150'C/I hour and water-quenched 

11igh Phosphorus 115 OC/ I hour and water-quenched 720'C/20 hours and 
water-quenched 

High Sulphur 115 O'C/ I hour and water-quenched 

High Sulphur 115 O'C/ I hour and water-quenched 720'C/20 hours and 
water-quenched 

Base Alloy 1150'C/I hour and water-quenched 

Base Alloy 115 O*C/ I hour and water-quenched 720'C/20 hours and 
water-quenched 

Table 9.2. Huey test results of the samples studied. 

Sample Average weight loss / mg/cm' 

11igh Phosphorus Material, annealed and aged. 1.986 ± 0.017 

High Sulphur Material, annealed and aged. 1.744 ± 0.017 

11igh Sulphur Material, annealed only. 1.610 ± 0.017 

Base Alloy Material, annealed and aged. 1.532 ± 0.017 

Base Alloy Material, annealed only. 1.468 ± 0.017 

11igh Phosphorus Material, annealed only. 1.422 ± 0.017 
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Table 9.3. Table showing different maximum IGA depths and total weight losses in the 
six Huey test samples studied here. (Annealing conditions were 1150'C/I 
hour and water-quenched6 Ageing conditions were 720"C/20 hours and 
water quenched. ) 

Material Maximum IGA depth 
/ Rm. 

Total weight loss 
mg/cm, 

I-Egh Phosphorus, annealed and aged 58.9 9.93 

High Sulphur, annealed and aged 40.4 8.72 

High Sulphur, annealed only 31.3 8.05 

Base Alloy, annealed and aged 26.1 7.66 

Base Alloy, annealed only 
- 

24.8 7.34 
rI 

-Egh Phosphorus, annealed only 17.0 7.11 

Table 9.4. Lowest chromium levels observed by FEG/STEM in both high phosphorus 
treat ents studied here 

Treatment Minimum chromium levels / wt % 

Annealed at 115 O'C/ I hour and water-quenched 20.9 ± 0.1 

Annealed at 115 O*C/ I hour and water-quenched, 
then aged at 720'C/20 hours and water- 22.6 ± 0.1 
quenched 
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CHAPTER TEN 

GENERAL DISCUSSION AND CONCLUSIONS 

The primary objective of this study was to characterise the nickel-base alloy 690 

in terms of its microstructure and grain-boundary chemistry. This particular alloy is 

used for steam-generator tubes in some of the more recently constructed PWRs, as an 

alternative to alloy 600, the latter having occasionally experienced IGA and IGSCC in 

service. Although no IGA/IGSCC problems with alloy 690 tubing have been reported 

to date, this material has only been in use for a comparatively short time, as opposed to 

the majority of other tubing materials, such as alloy 600, so any problems might become 

apparent at a future date. One contributing factor to primary side IGSCC of tubing 

materials is thought to be the segregation of impurity and/or trace elements to grain- 
boundaries over a time period of 10 - 20 years of in-service exposure at a temperature 

of around 340'C. This means that grain-boundary chemistry could be an important 

factor that needs to be taken into account when considering the IGSCC and IGA of 

steam-generator tubing material. However, the published literature regarding the 

microstructure and grain-boundary chemistry of alloy 690, and their effects on corrosion 

susceptibility, has not been extensive. Therefore, the study of the microstructure and 

grain-boundary chemistry of alloy 690 undertaken during this work was necessary to 
help gain an understanding of this material, especially with regard to its use for the 

steam-generator tubes in PWRs. 

This work comprised a number of different investigations, involving a variety 

of analytical techniques. The segregation behaviour of impurity elements incorporated 

in alloy 690, chiefly phosphorus, sulphur and boron, was established from analysis of 

exposed grain-boundary facets on the surfaces of fracture samples using AES. To 

permit such an investigation, the fabrication of four different alloy 690 casts was 

necessary, producing a phosphorus-doped material, a sulphur-doped material, a boron- 

doped material and a reference, or base, material (for comparative purposes). A 

number of fracture samples, having a range of different heat-treatments, were examined. 
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The doping elements phosphorus, sulphur and boron were chosen because they 

are important segregating species in steels and nickel-base alloys, such as alloy 690. To 

complement the segregation studies, investigations of the microstructure of the four 

experimental alloy 690 casts were carried out using TEM/EDX methods. This allowed 

an analysis of the carbide precipitates and second phase particles in these alloys. 

Chemical etching of alloy 690 samples was also employed to study general 

microstructure, such as grain-size and growth, together with carbon solubility. The final 

investigation involved the undertaking of a number of corrosion tests on the phosphorus- 
doped, sulphur-doped and base 690 alloys, in both the as-annealed and annealed and 

aged states. 

The results from the different investigations undertaking during this project were 

presented, for simplicity, in separate chapters. This provided chapters on grain- 
boundary segregation, carbon solubility and the precipitation of carbides, the 

characterisation of inclusions and non-carbide particles, and corrosion testing. At the 

end of each chapter, a discussion of the results contained in the chapter was given. 
Although the results from each study were presented in different chapters, it is possible 
for the behaviour of phosphorus, sulphur and boron in alloy 690 to be drawn out. An 

overall discussion of the behaviour of these elements in alloy 690, determined during 

this project, is provided here, together with the conclusions drawn from this research. 

The behaviour of phosphorus in alloy 690 generally concerned its segregation to 

grain-boundaries and the effect this has on various properties of the material. The Huey 

corrosion tests showed that alloy 690, in both as-annealed and annealed and aged 
conditions, is generally highly resistant to corrosive attack. This was not surprising 

since FEG STEM analysis of the different phosphorus-doped alloy 690 heats used during 

the corrosion testing showed that the level of chromium depletion at the grain-boundaries 

was not severe enough to enhance the corrosive attack of the material (see Chapter 

Nine). The minimum chromium levels in the as-annealed and annealed and aged 

phosphorus-doped alloy samples were 20.9wt% and 22.6wt% respectively. The critical 

chromium concentration at grain-boundaries for corrosive attack to occur is around 
8wt% for alloy 600Q1_L1) and would be similar for alloy 690. A chromium level of less 

than 8wt% would be extremely hard to achieve under typical annealing and ageing 

281 



conditions, thereby preventing corrosion of alloy 690 to be enhanced by the sensitisation 

of the material. 

It is known that the smaller the grain-size of the sample being tested, the greater 

the grain loss experienced from the exposed surfaces during Huey testing(L42). The 

11500CIl hour annealed and 720'C/20 hours aged high phosphorus sample corroded the 

most out of the six test samples, whereas the 1150'C/1 hour annealed-only high 

phosphorus sample corroded the least. This difference in corrosion could not be 

attributed to differences in grain-size between the two samples examined, since as- 

annealed and annealed and aged samples of the same material had the same average 

grain-size(53pm). Differences in chromium-depletion at the grain-boundaries between 

the two samples studied were also eliminated as causes of the observed variation in 

corrosion (see Chapter 9). Instead, it was thought to be due to variations in the level of 

segregated phosphorus at the grain-boundaries in the two different phosphorus-doped 

alloy samples. 

Although the Huey corrosion test does not specifically test for IGA in a material, 

the difference in corrosion between the as-annealed and annealed and aged phosphorus- 
doped alloy samples is distinct enough for the hypothesis that segregated phosphorus at 

grain-boundaries enhances the corrosion of alloy 690, under the highly oxidising 

conditions of the Huey test, to remain valid. Therefore, it can be seen that grain- 
boundaries in alloy 690 with high levels of segregated phosphorus present are potential 

sites for IGA. An implication of this observation is that improvements in the IGA 

resistance of alloy 690 may be achieved either by reducing the content of phosphorus in 

the material, or by applying appropriate heat-treatments to the material that produce 

very low levels of phosphorus at the grain-boundaries. 

The behaviour of phosphorus in alloy 690 became further apparent during 

segregation, carbon solubility, and carbide morphology studies. It was observed that 

phosphorus was still present at the grain-boundaries -of phosphorus-doped alloy samples 

at annealing temperatures as high as 1325'C. This behaviour is not expected, although 
it has been seen, but not explained, in alloy 600 by Airey(IL7). However, the level of 

phosphorus detected at grain-boundaries in base alloy samples was seen to decrease with 
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increasing annealing temperature (eventually reaching zero wt%), which is expected 

from both the increasing solubility of phosphorus and entropic limitation considerations. 

This difference in segregation behaviour was attributed to the solubility of phosphorus 
in alloy 690 (as discussed in Chapter Six). It is possible that the amount of phosphorus 
in the high phosphorus alloy (190wt. ppm. ) is greater than the solubility of phosphorus 

at the various annealing temperatures used (1 150'C - 1325'C), creating a phosphorus 

concentration gradient within a few nanometres of the grain-boundaries. On cooling 
from the high temperature, the phosphorus would segregate to the grain-boundaries in 

a non-equilibrium fashion. This would mean that phosphorus is always present at grain- 
boundaries in the phosphorus-doped alloy after annealing. The level of phosphorus in 

the base alloy (<50wt. ppm. ) could be within the solubility of phosphorus at some or 

all of the annealing temperatures used (11500C - 13000C), and would allow the 

phosphorus to homogenise in this alloy at these temperatures. Therefore, phosphorus 

would be expected to decrease in level at the grain-boundaries with increasing annealing 
temperature, as was observed during this work. This could explain the variation in 

segregation behaviour observed between the phosphorus-doped and base alloys. 

The presence of phosphorus in the phosphorus-doped alloy 690 material was also 
attributed as the cause of a decreased carbon solubility in the high phosphorus alloy 690 

material when compared with the other alloys examined here and with the results 
obtained for alloy 690 by other authors(15-0). This meant that the carbides in the 

phosphorus-doped alloy completely dissolved at a much higher annealing temperature 
than that expected from the literature(! M). Either that or a longer time at temperature 

could be required to dissolve the carbides. It was noted that the carbides still present 
in the material at and above the annealing temperature predicted to dissolve all carbides 
in the high phosphorus material were found on the grain-boundaries (and not 
intragranularly). The level of phosphorus at the grain-boundaries in the high phosphorus 
as-annealed samples was much higher than that observed in the other alloys, and was the 

major difference between the phosphorus-doped, sulphur-doped and base alloy grain- 
boundary compositions. Therefore, phosphorus segregated around carbides at grain- 
boundaries could be the reason for the lower carbon solubility in the high phosphorus 
alloy 690 material than that expected from results by Sarver et al. (M). 
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As well as the effect of phosphorus on carbon solubility in alloy 690, phosphorus 

segregation was also seen to affect the morphology of carbides on the grain-boundaries 

(as discussed in Chapter Seven). The morphology of the grain-boundary carbides 

observed in the high phosphorus alloy was generally more rounded and curved than that 

of the carbides found in the high sulphur, high boron and base alloys. This difference 

in carbide morphologies was attributed to phosphorus segregation to grain-boundaries 
in the phosphorus-doped material, which was absent in the other three alloys. The effect 

of phosphorus segregation around carbide precipitates, causing changes in the 

morphology of these carbides, was also seen in 316 stainless steel by Younes et 

al. (M, 15A), alloy 600 by Younes(IA6) and in Ni-20Cr alloy by Grabke(155). It has 

been suggested that phosphorus segregation to grain-boundaries in conventional steel 

may influence the carbide precipitation process through its effect on the equilibrium 
between carbon and chromium at the grain-boundaries, and hence the kinetics and 

thermodynamics of the carbide precipitation process(M). This could alter the 

morphology of the carbides at the grain-boundaries, as observed in the phosphorus- 
doped alloy here, by causing carbide growth to occur on preferential crystal planes of 

the carbide-matrix interface (due to changes in the surface energy of the carbide). 

Grabke(155-) also reported that phosphorus changed the type of carbide 

precipitated, as well as the carbide morphology, due to a phosphorus-induced decrease 

in the activity of carbon. However, the type of carbide found in all four experimental 

alloy 690 materials used during this work was always found to beM23C6, and were 

chromium-rich, regardless of the morphology of the precipitates. The intergranular, and 
intragranular, carbides were also found to have, in general, a cube-on-cube orientation 

relationship with an adjacent, or surrounding, grain. Therefore, no apparent change in 

carbide type in alloy 690 due to the presence of segregated phosphorus at the grain- 
boundaries was recorded during this study. 

Whilst studying the behaviour of phosphorus in alloy 690, a limited investigation 

of the equilibrium segregation of this element was made. Equilibrium segregation was 

examined by ageing as-annealed samples of the high phosphorus alloy. at different 

temperatures and for different times. It was possible to determine values for the 

segregation free energy of phosphorus using McLean's segregation theory (see Chapter 
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Six). This gave a range for the segregation free energy of phosphorus in alloy 690 of 
56.8-67.8kJ/mol. This range is greater than that determined for alloy 600(IA) -a fact 

that was attributed to a greater co-segregation of chromium and phosphorus in alloy 690 

as opposed to alloy 600, induced by a greater chromium segregation in the former, 

although this could not be proven. 

The behaviour of sulphur in alloy 690 involved both its segregation and the 
formation of sulphide inclusions. During the segregation studies by AES and, more 
importantly, the microstructural investigations carried out using TEM/EDX techniques, 
it was observed that the sulphides formed in the alloy 690 material examined were 

chromium-rich. This was not expected since the ratio of manganese to sulphur in the 

sulphur-doped alloy was 24 to 1, so the sulphides formed in this material would be 

predicted to be manganese-rich, by analogy with type 303 stainless steels(IM). This 
indicates that chromium is tying up the sulphur more readily than manganese in this 

alloy. The sulphides had a general chemical formula of (Cr, Ti, Ni, Mn)S, although the 

nickel content of the inclusions was not conclusively determined and its association with 
the particle is not certain. The sulphide inclusions were found both intergranularly and 
intragranularly. These sulphides probably formed on cooling from the melt and, as a 
consequence of their formation, produced chromium depletion in the volume around 
them. The sulphides contrast those formed in alloy 600, which are predominantly 
manganese-rich(. L46). Sulphides were observed predominantly in the sulphur-doped 

alloy 690 material, which had a sulphur level of 64ppm., with no sulphides being 
detected in the other three alloy 690 materials examined during this work, which had 

sulphur levels ranging from 10 to 14ppm. The formation of these chromium-rich 
sulphides solely in the sulphur-doped material is indicative of the level of sulphur in this 

alloy (64ppm. ) being greater than the solubility limit for sulphur in alloy 690. The 

reverse is true for the other three alloys, where no sulphides were found. This was 
attributed to the level of sulphur in these alloys (10-14ppm. ) being lower than the 

solubility limit for sulphur in alloy 690. 

Although chromium sulphide is a more noble phase than manganese sulphide, it 

was postulated earlier that chromium sulphide could dissolve in hot water in a similar 
fashion to manganese sulphide, under favourable conditions, since its solubility in hot 
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water is unknown(lj65). This would induce pitting of the alloy 690 material, if the 

material surface, containing sulphide particles, was exposed to such an environment. 
Such pitting could aid the onset of IGA and, if the material is under stress, IGSCC of 
the alloy 690 material. However, no evidence of pitting due to sulphide dissolution was 
obtained during this study. If such pitting did occur, it would be a problem in PWR 

steam-generator tubes due to their continual cont act with hot water. This possible 
problem could be rectified by using alloy 690 material with a sulphur level well within 
the solubility limit for this alloy (<64ppm. ), such that the formation of sulphide 
particles in alloy 690 is prevented. 

Titanium nitride particles were also observed both intergranularly and 
intragranularly in all of the experimental alloy 690 materials studied during this 
investigation. These particles also form from the melt. Some evidence was seen for 

carbon substitution in titanium nitride particles in alloy 600 by Caceres et al. (10. 
However, it was seen that carbon was not detected during the EELS analysis of the 
titanium nitride particles. This indicates that carbon had not substituted nitrogen in these 

particles appreciably, to form carbo-nitrides. 

Although no sulphur segregation to grain-boundaries was observed in alloy 690 
during this work, sulphur was seen to be segregated around titanium nitride particles in 
all four of the alloy 690 casts examined, even in the as-received high sulphur material. 
This indicates that the sulphur segregates on cooling from the melt, ensuring that sulphur 
not tied up with the chromium-rich sulphide particles becomes associated with the 
titanium nitride particles. 

The behaviour of boron in alloy 690 can be discussed in terms of its segregation 
to grain-boundaries and precipitation reactions, in a similar fashion to the behaviour of 
sulphur detailed above. Apart from chromium-rich sulphides and titanium nitride 
particles, one other type of non-carbide particle was observed in alloy 690 during this 
work. This was a chromium-rich boride, of the form CrB, having an orthorhombic 
crystal structure, and was found solely in the boron-doped alloy 690 material. These 

particles were thought to form on cooling from the melt, probably due to the low 

solubility of boron in alloy 690. It was suggested that the occurrence of these particles 
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in the high boron material was due to the boron solubility at the annealing temperature 

used (1200'C) being less than the level of boron in this particular alloy (120wt. ppm. ). 

This would prevent the borides from completely dissolving during the annealing 

treatment. The fact that no borides were detected in the other three alloy 690 materials 

examined during this study was attributed to either the boron solubility at the annealing 

temperatures employed (1 150'C - 1300'C) being greater than the level of boron in these 

alloys (-. < 20wt. ppm. ), allowing the borides to dissolve during annealing, or to the size 

of the boride particles being such that they were too small to observe. 

As well as chromium-rich boride particles, borocarbides were detected in the 

annealed and aged boron-doped material. These borocarbides had the general formula 

M23(C, B)6 and were also chromium-rich. They form when boron substitutes carbon 
during the carbide precipitation process. This is possible because boron and carbon have 

similar atomic sizes, boron having an atomic radius of about 0.85A and that of carbon 
being about 0.77A(177). Since the two elements have slightly different atomic sizes, 

the boron in the borocarbides would cause the lattice spacings to be greater where boron 

is present, as compared to those lattice spacings relating to the presence of carbon in 

these precipitates. This would result in extra diffraction spots in the diffraction patterns 

obtained from the borocarbides, as opposed to those in diffraction patterns from carbides 

that did not contain boron. This could be the reason for the extra spots seen in the 
diffraction pattern taken from a borocarbide precipitate in alloy 690 (Figure 7.7. (c) 

earlier) when compared to that taken from a boron-free carbide (Figure 7.7. (a) earlier). 
The production of extra spots in diffraction patterns from carbides due to the presence 

of boron has been observed in other alloys(JM). Borocarbides have been seen in alloy 
690 by other researchers(Iffl), and other nickel-base alloys(M). 

Boron was also seen to segregate to grain-boundaries in a non-equilibrium 
fashion during cooling after annealing at high temperatures. This could also be 

attributed to the low solubility of boron in alloy 690. Such boron segregation could 
adversely affect the corrosion resistance of this alloy, an effect observed in alloy 600 by 
Mclntyre(L70). The segregation of boron has been observed to lower carbon solubility 
in alloy 600, thereby stimulating the earlier precipitation of carbides(! U). The expected 
annealing temperature that dissolves all of the carbide in the boron-doped alloy 690 
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examined during this work is 1195"C from data published by Sarver et al. (1,50). The 

carbide in this material was found to have dissolved completely at 1200'C, indicating 

that boron does not lower the carbon solubility in alloy 690 to any significant degree, 

otherwise carbides would be expected to be present in the material at this annealing 

temperature. An effect of boron should have been noticeable since the level of boron 

in the boron-doped alloy 690 material examined here was 120wt. ppm., whereas the alloy 

690 material examined by Sarver et al. had no boron content listed in its nominal 

composition(lo), so the level of boron would be expected to be much less than that of 

the boron-doped alloy. 

Segregated boron at grain-boundaries was suggested as the cause of the rougher 

textures seen on the exposed grain-boundary facets of fracture samples from the boron- 

doped alloy when compared to those textures from samples of the other three alloys 

examined during this work. This rougher texture was thought to occur due to the 

increased cohesion provided at the grain-boundaries by the presence of boron, making 
intergranular fracture more difficult to obtain, since boron is known to enhance grain- 
boundary cohesion in other nickel-base alloys(172). These rougher grain-boundary facet 

textures were also seen in the phosphorus-doped, sulphur-doped and base alloy samples 

that were air-cooled after high-temperature annealing, rather than water-quenched. This 

effect was attributed to an increase in the level of boron that was found segregated to the 

grain-boundaries when comparing between water-quenched samples and air-cooled 

samples that had been annealed at the same temperature (13000C). The level of boron 

in the air-cooled samples was around 1.22 - 2.06wt%. This also indicates that there is 

a threshold boron segregation level that is required before a significant boron-induced 

cohesive effect is noticeable in changes in the textures of the grain-boundary facets. 

Segregation of boron could be a factor inhibiting crack initiation due to the increased 

cohesion it imparts on the grain-boundaries(lo. 

In addition to the greater segregation of boron during the air-cooling, rather than 

water-quenching, of as-annealed samples, carbides were seen to form on some grain- 
boundaries. The formation of carbides during air-cooling was probably due to a longer 

exposure time in the carbide precipitation range 500T - 800T, as opposed to that 

occurring during water-quenching, allowing some small carbides to form on high-angle 
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boundaries. The formation of carbides during air-cooling (which took about 5 minutes), 
but not during water-quenching (which took a few seconds), after annealing means that 

the removal of carbides from alloy 690 by annealing at high temperatures would only 
be successful if a rapid cooling rate is used. Slower cooling rates, such as those 

equivalent to air-cooling (around 5 minutes), would allow the precipitation of carbides 
to occur in the material. 

Overall, the primary aim of this work has been attained in that alloy 690 has been 

characterised, at least in part, in terms of grain-boundary chemistry and microstructure. 
There are a number of conclusions that can be drawn from the investigations of alloy 
690 undertaken during this project. These points are summarised as follows: - 

(i) Phosphorus present in alloy 690 decreased the carbon solubility, resulting in a 
much higher annealing temperature being required to dissolve all of the carbide 
in the material. 

(ii) Segregated phosphorus affected the morphology of grain-boundary carbides in 

alloy 690, giving them a more rounded appearance than that of carbides 
generally seen on grain-boundaries having no (or very little) phosphorus present. 

The segregation free energy of phosphorus in alloy 690 as determined in this 
work lies in the range 56.8-67.8kJ/mol. 

(iv) Phosphorus segregated to grain-boundaries in alloy 690 at high levels can 
enhance the corrosion of the material at these regions, and could provide 
potential sites for IGA. 

(V) The sulphides formed in the alloy 690 material used during this work were found 

to be chromium-rich, and had a general chemical formula of (Cr, Ti, Ni, Mn)S. 

(vi) Sulphur was seen to be tied up either with chromium-rich sulphides, or as a 
segregated layer around titanium nitride particles. No free sulphur was detected 

on grain-boundaries in alloy 690. 
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(vii) The borides formed in alloy 690 were of the formM213, and were chromium- 

rich. Boron was also seen to segregate in a non-equilibrium fashion during 

cooling from annealing temperatures. 

(viii) Carbides precipitate at grain-boundaries in alloy 690 on cooling after annealing 

at high temperatures unless a very rapid cooling rate is used (such as that during 

water-quenching). 

A more complete characterisation of alloy 690 than that contained in this thesis 

would require additional work to be performed. The next chapter details suggestions 

for further research that could be undertaken on alloy 690 to conclude the 

characterisation. and analysis of this material, complementing the results presented in this 

thesis. 
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CHAPTER ELEVE 

FURTHER WORK 

The work described in this thesis has provided a partial characterisation of the 

nickel-base alloy 690, in terms of both its microstructure and grain-boundary chemistry. 

However, a number of different properties of this material have not been investigated 

during this study. This means that there is still a great proportion of work that could be 

undertaken to complete the characterisation of alloy 690. 

More detailed studies of the grain-boundary segregation behaviour of 

phosphorus, both the non-equilibrium type during cooling and the equilibrium type 

during long ageing treatments, could be undertaken. This would involve studying 

phosphorus-doped samples heat-treated over a greater range of annealing and ageing 

temperatures than those of samples examined during this work. It would be useful to 

use alloy 690 materials with a range of different phosphorus contents, to determine the 

effect of varying phosphorus levels on the segregation behaviour of phosphorus. 

Determination of the solubility of phosphorus in alloy 690 could be performed to 

complement these segregation studies, using the same range of phosphorus-doped alloys, 

and might aid an understanding of the behaviour of phosphorus in this material. Alloys 

with different phosphorus contents would also facilitate a more detailed study into the 

effect of phosphorus content on carbon solubility and carbide morphology, similar to 

that performed during this work. 

Investigations into chromium-phosphorus cosegregation might be performed to 

confirm the hypothesis made earlier regarding the reason why the A Gp values for alloy 

690 were greater than those in alloy 600. This would involve studying chromium and 

phosphorus segregation in samples in which all the carbide had dissolved. A number 

of heat-treatments would need to be studied. The high phosphorus material used here 

required a very high annealing temperature to dissolve all of the carbide, so a 
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phosphorus-doped alloy 690 material with a lower carbon content might be more 

appropriate for such a study. 

A number of investigations could still be made on the chromium-rich sulphide 

particles. Firstly, the orientation relationship between the particles and the Y-matrix 

could be determined. Also, an investigation of why these particles form from the melt 
in preference to manganese-rich sulphides could be undertaken. This would involve 

cooling material that had been remelted at different rates, to see if the cooling rate 

affected the particle formation and composition. In addition to this, a number of 
different alloys, having a range of sulphur levels, could be examined to determine any 

effect of the sulphur level on sulphide formation and composition. In particular, the 

sulphur level at which the chromium-rich sulphides start to appear could then be 

determined. The composition of the sulphide particles could be more accurately 
determined, in particular the nickel content. This could be done by separating the 

particles from the matrix by creating extraction replicas of fracture surfaces which 

contain sulphides. These replicas, and the sulphides held in them, can then be examined 
by TEM/EDX methods. The solubility of sulphur in alloy 690 could also be determined 

using samples with different sulphur levels, to complement the studies of sulphide 

particles. it could also be pertinent to examine commercial alloy 690 material to 
determine the possible sulphide formation and type in a commercial alloy. 

A study of the pitting corrosion of alloy 690 could provide insights into the role 

of the chromium-rich sulphide inclusions found in this material. Such an examination 

could involve the use of a variety of solutions, the most relevant to PWR steam- 

generator tubes being pressurised steam or hot-water, in which the solubility of 

chromium-rich sulphides is unknown. 

In addition to the investigation of chromium-rich sulphide inclusion formation 

and their effect on pitting corrosion of alloy 690, further study of the behaviour of boron 

in alloy 690 is possible. To begin with, a determination of the segregation kinetics of 
boron in alloy 690 could be undertaken. This would involve examining boron-doped 

alloy 690 material annealed at a range of temperatures, producing a variety of samples, 

as well as material that has been annealed and aged at a range of temperatures chosen 
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to complement the as-annealed samples. The use of alloy 690 materials having a number 

of different boron levels could provide information on how changing levels of boron 

affect its segregation. A series of samples annealed at identical temperatures but cooled 

at different rates could be examined to investigate the non-equilibrium segregation of 
boron. After these different materials have been examined, it may then be possible to 

fit the data obtained to the segregation theory given in Chapter Three and perhaps 
determine the segregation free energy of boron in alloy 690. 

A study of the solubility of boron in alloy 690 could be performed, using 

materials with a range of different boron contents. Linked to this study would be an 
investigation of the formation of chromium-rich borides in alloy 690, which were 

observed during this work. As for the investigation -of sulphide particle formation, this 

would involve remelting different alloy 690 materials and cooling them at different 

rates, to see how this affected the boride particle formation and composition. This study 

would also involve annealing the different materials at a range of temperatures to 
determine the temperature at which the boride particles dissolve in each material. 
Determination of the orientation relationships of the chromium boride particles with the 

y-matrix could also be performed. 

The effect of boron on carbon solubility could also be determined, using alloy 
690 materials with a variety of boron levels, but having similar (if not the same) carbon 
levels. In parallel with this, a study of the effect, if any, of boron on carbide 

morphology could be performed, possibly linking the results with those from the carbon 

solubility investigations. 

The borocarbides that formed in the boron-doped alloy 690 material during 

ageing treatments could be further investigated. In particular, the diffraction patterns 

obtained from these precipitates need a more detailed study, to permit an interpretation 

of the information they contain. This could involve studying borocarbides formed in 

alloy 690 materials having a range of different boron levels, for a variety of different 

ageing treatments. However, the interpretation of these diffraction patterns could be 

extremely difficult. 
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To further aid understanding of the grain-boundary chemistry in alloy 690, 
investigations of the species present at the grain-boundaries on an atomic scale could be 

performed. This could involve the technique of atomic force microscopy (AFM), or, 
more generally, scanning tunnelling microscopy (STM), as well as techniques capable 
of determining chemistry at an atomic level. A number of alloy 690 materials doped 

with either phosphorus, sulphur or boron could be used to determine the behaviour of 
these elements at the grain-boundaries, as well as that of chromium, nickel, iron and 
titanium (which are generally present), at the atomic level, in terms of the sites they 
occupy and their chemistry. The latter involves interactions between elements, such as 
phosphorus and chromium. Such insights could aid further understanding of the effect 
these elements have on the mechanical and corrosion properties of alloy 690. 

As well as the studies mentioned above, some further corrosion testing of alloy 
690 could be carried out. Such studies may consolidate the results obtained from the 
Huey tests performed during this project. These additional tests could be in the form 

of intergranular corrosion tests and slow strain rate stress corrosion tests. A number of 
different investigations of alloy 690 have been mentioned above, which could provide 
further insights into the corrosion and grain-boundary chemistry properties of this 
material. There are probably many more studies that have not been listed that could be 

performed on alloy 690 in addition to those suggested. 
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